1 Introduction 


Jens-Uwe Sommer and Gunter Reiter 

Institut de Chimie des Surfaces et Interfaces CNRS et Universite Haute Alsace 
Mulhouse, 15 rue Jean Starcky, F-68057 Mulhouse, France 

The discovery of folded chain crystals by Andrew Keller in 1957 has con¬ 
fronted the community of polymer scientists with the fact that one of the most 
important forms of polymer matter is not in thermodynamic equilibrium. The 
basic units of a crystallized polymer substance are thin quasi two-dimensional 
lamellae separated by amorphous material. The thickness of these lamellae is 
usually much smaller than the length of fully extended chains but only the lat¬ 
ter generally corresponds to an equilibrium thermodynamic state. A huge num¬ 
ber of experiments has been carried out on well reproducible non-equilibrium 
states of such comparatively thin lamellae. As a consequence of the fact that 
non-equilibrium states depend of their history, a number of standard prepara¬ 
tion methods have been classified such as rapid quenching, “cold crystallization” 
by annealing from the glassy state or “self-seeding” by re-cooling after melting. 
Standard techniques for the observation of polymer crystallization are optical 
microscopy (observation of spherulitic super-structures and their growth rates), 
electron microscopy (observation of the morphology of the lamellar structure), 
scattering techniques (crystallinity, lamellar thickness and lamellar separation) 
and calorimetric methods such as differential scanning calorimetry (DSC) for 
measuring thermodynamic properties of the crystallization and melting behav¬ 
ior. These experiments have provided, among many other observations, some 
quit general empirical results for the lamellar thickness, growth rate and appar¬ 
ent melting points as a function of the crystallization temperature. 

The first attempts to understand the state of crystallized polymers based 
on molecular properties used ad-hoc arguments about the growth of polymer 
lamellae from disordered chain molecules. The central assumption of these mod¬ 
els was that the once formed polymer lamellae are quasi-stable (or completely 
frozen-in), so that all interesting processes take place exclusively at the growth 
front. The small thickness of the lamellae was explained by either assuming a 
secondary nucleation barrier (which increases with thickness) or by assuming a 
self-organized stretching process of chain parts at the growth front (which im¬ 
poses a kinetic barrier increasing with lamellar thickness). These classical models 
clearly focused on the growth phenomenon of chain crystals. Many other prob¬ 
lems, such as primary nucleation or anomalies at the melting point of crystalline 
polymers are still lacking consistent and well accepted explanations. 

In recent years, the experimental studies of crystalline polymers made sub¬ 
stantial and qualitative advances due to newly developed methods (such as 
atomic force microscopy) or significant improvement of previously used tech¬ 
niques (such as simultaneous wide- and small angle X-ray scattering). Moreover, 
the interest in nano-meter sized structures, thin polymer films and copolymers 
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has opened new windows for the observation of crystallization processes. Viewed 
in the light of these new developments, it becomes more and more clear that 
the crystalline state of polymer matter is much more complex then previously 
anticipated and that many other problems such as nucleation, morphological 
reorganization and non-equilibrium annealing processes must be taken into ac¬ 
count for a consistent model of polymer crystallization. An overview of over some 
of the new developments and results in the general context of crystal formation 
is given in Chap. 2. 

Deviations from the simplified picture of a one-step growth processes leading 
to quasi-stable lamellae which melt at their thermodynamic stability limit have 
been observed very early. In the first place we note the detection of relaxation 
and reorganization phenomena taking place after growth. The classical example 
for which reorganization and different morphological phases have been observed 
is polyethylene (PE) crystallized under high pressure. Here, a particularly mobile 
hexagonal phase (PE crystallizes in a orthorhombic phase under ambient con¬ 
ditions) has been be found which allows considerable thickening of the lamellae 
after growth. However, it can be shown that also under low pressure conditions 
the hexagonal phase is obtained, but as a meta-stable intermediate phase which 
undergoes a spontaneous change into the orthorhombic phase. This led to an ad 
hoc interpretation in terms of a generalized state diagram. A discussion of this 
phenomenon is given in Chap. 3 where novel experiments and their interpreta¬ 
tion are presented. Reorganization phenomena of the non-equilibrium lamellae 
are also observed in other systems like polypropylene (PP) or polystyrene (PS). 
Noting that there the effect takes place on a smaller scale, in Chap. 4 it is 
shown that annealing of crystalline samples below the melting-point results in a 
change of state of the lamellae (detected by an increase of the averaged lamellar 
thickness). Explanations of the different phenomena observed here can hardly 
be obtained using a simple one-step process for polymer crystallization. On the 
other hand a multi-stage model proposed by G. Strobl can been applied to in- 
terprete the behavior obtained in these experiments. In this model intermediate 
meso-phases are introduced which are prone to reorganize in later stages of the 
formation of lamellae. A novel method to detect such intermediate or precursor 
phases in the formation of polymer crystals is the use of an external magnetic 
field. Usually, the applied field strength is much too weak to orient the chains in 
the amorphous state. Therefore, measuring simultaneously the anisotropy of the 
sample (birefringence) and the degree of crystallinity (for instance as obtained 
by scattering techniques) one can identify pre-oriented structures in the induc¬ 
tion period before a crystalline fraction is observable in scattering experiments 
as discussed in Chap. 5. 

Considering the complexity of polymer crystallization, the question arises 
of what kind of theoretical models can help to understand the experimental 
findings. Here, in the first place computer simulations are suitable tools for ex¬ 
ploring general aspects of the formation of chain crystals. Two strategies can be 
embarked on in the search for gaining more insight into the processes of poly¬ 
mer crystallization. First, sufficiently simplified chain models can be simulated 
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at high under-coolings using Molecular Dynamics methods. Using comparatively 
short chains the formation of chain crystals can be followed right from the on¬ 
set. In Chap. 10 it is shown that even without attractive intermolecular forces 
large under-coolings drive dense polymer systems into stretched or folded states 
of crystalline order. Here, energy is gained by slightly stiffening the segments. 
Spontaneous (homogeneous) nucleation takes place at high under-coolings and 
large hysteresis effects are observed when temperature cycles are applied. For 
longer chains, the empirically observed relation between the lamellar thickness 
and under-cooling is obtained also for these systems. Alternatively, simulations 
can be used to investigate the behavior of much more coarse-grained and gener¬ 
alized models which treat growth and reorganization events on a more abstract 
level. Here, one asks the question of what parameters are indispensable to un¬ 
derstand crystallization processes of chain molecules and to study the impact 
of these model parameter on large length scales which are experimental accessi¬ 
ble. Then, experiments can be designed to test the predictions of such a model 
directly. In Chap. 9 this approach has been chosen for polymer crystallization 
in thin films. There, diffusion processes strongly control the morphology of the 
obtained crystalline structure resulting in finger-like growth patterns. The latter 
depend significantly on the temperature and the degree of folding of the individ¬ 
ual chains. It is possible to compare directly the simulations results and predic¬ 
tions to experiments on polyethyleneoxide monolayers as presented in Chap. 8. 
Most interestingly, the obtained growth structures show reorganization processes 
and significant morphological changes during annealing. It can be shown that 
not the originally grown structure melts but only its descendants in the course of 
morphlogical evolution. This is in marked contrast to classical models where the 
structure obtained during growth is directly responsible for the limiting thermal 
stability, i.e. melting. 

One of the greatest advances in the study of polymer crystallization is re¬ 
lated to real space observation of polymer crystals down to the nano-meter scale. 
This has recently been made possible by the Atomic Force Microscopy (AFM) 
technique. In Chap. 7 the AFM-techniques is introduced and applied to several 
systems of varying degree of complexity. It is shown that such real space informa¬ 
tion obtained by AFM helps to remove some ambiguity inherent to information 
obtained in reciprocal space as obtained by scattering techniques. Thus, the 
combination of complementary techniques is sometimes necessary. In Chap. 6 
first in-situ observations of the growth of melting of individual polymer lamellae 
are presented. It is found that growth of individual lamellae apparently occurs 
sporadically in space and time and that the growth front of the lamellae is sig¬ 
nificantly more irregular than predicted in secondary nucleation models. The 
strong influence of diffusion processes even at low under-coolings is indicated as 
well by these experiments. The heating of individual lamellae shows that parts 
of the lamellae melt at a given temperature but melting is then stopped and 
only continued at higher temperatures. This indicates that either parts of the 
crystal have very different stabilities or, parallel to melting, reorganization and 
improvement of lamellae takes place. 
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Thin polymer films are increasingly attractive both for applications and for 
experimental studies. The combination of AFM with scattering methods allows 
to gain new insights into the chain ordering. When polymers are confined in a 
monolayer it has been shown that spontaneous nucleation events are not ob¬ 
servable. However, if nucleation sites are provided to such systems a clear-cut 
growth-only process is started from these nucleation sites which results in the 
formation of single, flat-on polymer lamellae. Since area density during crys¬ 
tallization is strongly changed (upright chain stems in the crystalline phase in 
constrast to rather flattened adsorbed polymers in the molten state) diffusion 
processes take over the control of the resulting patterns. The morphology of the 
growth patterns depend strongly on temperature due to different degrees of fold¬ 
ing of the chains. Therefore, the obtained morphologies “magnify” the underlying 
ordering processes. In Chap. 8 such experiments are described in detail and the 
resulting structures have been observed using AFM. In contrast to investigations 
in the bulk, now the hne-structure of individual lamellae (as also demonstrated 
in Chaps. 6 and 7) can be measured and analyzed after morphological changes. 
As a result of these experiments, it can be shown again that individual lamellae 
undergo considerable reorganization in the crystalline state and show a non- 
homogeneous surface topography. When annealed these lamellae do not melt 
directly but undergo various morphological transformations as predicted in the 
simulations of Chap. 9. The growth of dendritic 2D lamellar structures due to 
polymer him crystallization on patterned surfaces is investigated in Chap. 13. 

Another area of recent intensive studies concerns the crystallization in block- 
copolymer meso-phases. Here, the crystallizable chains are restricted and par¬ 
tially separated in (soft-) ordered phases having characteristic length scales which 
are comparable to the size of the crystalline lamellae. Generally, the driving force 
for crystallization is much higher than that for soft-order mechanisms such as 
demixing and phase separation. Nevertheless, the pre-existing structure will in¬ 
fluence the nucleation behavior and the kinetics of crystallization considerably. 
In Chap. 11 nearly symmetric copolymers are investigated which were spin-cast 
as a thin him onto a solid substrate. Here, the use of X-ray rehectometry al¬ 
lows to indentify the order of chains within the stack of lamellae forming the 
him of alternatingly crystalline anf amorphous layers. In particular, the temper¬ 
ature dependence of such order can be detected with high precision. In Chap. 8 
highly asymmetric copolymers have been studied where the much shorter block 
provides the crystallizable phase. This phase consists now of isolated spheres hav¬ 
ing a diameter of about 12 nm only. Spontaneous i.e homogeneous nucleation 
takes place at high under-coolings in each nano-sphere individually. On the way 
to melting the individual spheres show remarkable reorganization processes re¬ 
sulting in a different thermal stability although all spheres can be regarded as 
equivalent and have exactly the same thermal history. Also mixing a crystalliz¬ 
ing polymer with another polymer can yield new insights into the crystallization 
process. Here, crystallization kinetics competes either with demixing kinetics or 
thermodynamic forces which can yield different super-molecular structures. This 
does not only complicate the problem of homopolymer crystallization but also 
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enhances effects which are difficult to observe in pure systems. An example is 
a liquid blend located in the miscibility region of the thermodynamic phase di¬ 
agram for the given temperature and composition. When crystallization of one 
component starts, diffusion and adsorption processes at the growth front change 
the local composition of the liquid part. This can drive the system in the immis¬ 
cible state, leading to droplet formation in the liquid part, and, in turn, also to 
visible changes in the morphology of the crystalline structures. Various aspects 
of crystallization in polymer blends are discussed in Chap. 12. 

Thermodynamic analysis, in particular using Differential Scanning Calorime¬ 
try (DSC) belongs to the standard tools for the investigation of crystallization 
and melting processes in polymers. The area of a DSC melting-peak, for in¬ 
stance, gives an alternative method to define the crystallinity of the sample. In 
Chap. 16 it is shown how several model parameters of the polymer crystallization 
process can be obtained using DSC. In crystallization from the melt usually an 
amorphous part remains which separates crystalline lamellae from each other 
so that amorphous-crystalline interfaces are always present. Therefore, the term 
“semicrystalline” is frequently used in this context. The physical reasons for 
the existence of such a two-phase structure have been already discussed for a 
long time. One obvious argument is that during crystallization also a structural 
phase separation between stretched chains parts (stems) on one side and loops 
and entanglements on the other side takes place and that the highly entangled 
parts are unable to form a crystalline phase. Also statistical arguments have 
been discussed were an equilibrium between loops in the amorphous phase and 
the crystalline phase has been anticipated. However, it is very likely that also for 
this two-phase problem, kinetic arguments are predominant. In Chap. 14, it is 
shown that a simple two-phase model (crystal/amorph) is insufficient to reflect 
the thermodynamic observations made by using temperature modulated DSC. 
A third, so called rigid amorphous phase, which separates the crystalline phase 
from the mobile amorphous phase has to be introduced as a consequence of ana¬ 
lyzing the glass transition of the amorphous phase. A Combination of scattering 
techniques and dielectric spectroscopy is used in Chap. 15 to follow the evolution 
of both crystalline and amorphous region during isothermal crystallization. 

Another general and outstanding problem is of nucleation of polymer crys¬ 
tals. Usually, heterogeneous nucleation results in large spherulitic structures after 
the growth process. For chain molecules, homogeneous nucleation is particularly 
difficult since chains must spontaneously align to each other. Only high super¬ 
coolings can force homogeneous nucleation as is demonstrated in Chap. 8. Also 
computer simulations can be designed to exclude heterogeneous nucleation ef¬ 
fects (by using cyclic boundary conditions) as demonstrated in Chap. 10. On the 
other hand, conformational changes forced by external constraints influences the 
nucleation rate considerably such as stretching of chains, either in polymer net¬ 
works or by shearing. The latter is of particular interest also for applications 
since there crystallization usually takes place under processing conditions such 
as extrusion. In Chap. 17, the impact of nucleation and growth processes on 
flow equations are considered in detail. There, relations are provided between 
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the number of nuclei and rheological relaxations times. The nucleation points 
can be either modeled as physical cross-links or alternatively as increase of the 
number of branches of the chains, both leading to an increase of the measurable 
relaxation times. The relation between physical cross-linking and nucleation of 
polymer crystals is also the subject of Chap. 18, where fast cooling rates are 
used to freeze-in the sample before crystalline growth will play a significant role. 

The growth of polymer lamellae after nucleation belongs to the classical 
topics of research in polymer crystallization. However, lamellar growth is not 
only influenced by temperature, pressure and nucleation effects but also by chain 
length and composition effects. In Chap. 19, an extensive study of the influence 
of the chain length on various characteristic properties of polymer crystallization 
is presented using data from many different polymers. In Chap. 20 the change 
of the properties of the crystalline lamellae due to the effect of small molecules 
(impurities) added to the system is studied. 
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Abstract. Aim of the contribution is to establish a connection between the advanced 
knowledge about liquid to solid transitions in nanoparticulate dispersions to crystal¬ 
lization phenomena in polymeric systems. General and new aspects of solid phase 
formation will be discussed in a chapter on classical nucleation theory and on precur¬ 
sor structures. The question of whether particle formation and crystallization are to 
be treated as spinodal or binodal phase transition will be addressed. The role which 
computer simulations play for a deeper understanding of structure formation will be 
exemplified. Nucleating agents will be considered briefly. The importance of metastable 
states in colloid science as well as in semicrystalline polymers will be discussed. 


2.1 Introduction 

Crystallization is an interesting case of phase transition which determines the 
final properties of many technologically relevant and scientifically exciting sys¬ 
tems: semicrystalline polymers - the topic of this book -, metals, ceramics, 
pigments, pharmaceuticals, minerals, and biological structures such as bone and 
teeth. Though the physical mechanisms of formation should be the same in all 
cases it is interesting to note that each of the above cited material groups is 
considered by subgroups of the scientific community that are acting more or less 
independently. This fragmentation of the scientific held unfortunately prohib¬ 
ited a cross-fertilization that should be strived for in order to enhance progress. 
The present contribution is an attempt to bring different branches together. It 
originates from a review on nanoparticle formation in water [1]. At first sight dis¬ 
persions and semicrystalline systems do not have much in common. But looking 
closer the relationships become obvious: in both cases a liquid-solid transition 
is involved; the dimensions of the resulting structures lie in the range from 1 to 
1000 nm; and textbooks tell us that both processes are due to nucleation and 
growth. A closer look at this last assumption - with regard to recent literature - 
reveals that the processes during solid state formation in the case of nanoparti¬ 
cle formation and polymer crystallization are by far more complex than usually 
assumed. 

It is the aim of this contribution to establish a connection between the ad¬ 
vanced knowledge about liquid to solid transitions in nanoparticulate systems 
to crystallization phenomena in polymeric systems. We will proceed as follows: 
general and new aspects of solid phase formation will be discussed in a chapter 
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on classical nucleation theory and on precursor structures. Then, the question of 
whether particle formation and crystallization are to be treated as spinodal or 
binodal phase transition will be addressed. The role which computer simulations 
play for a deeper understanding of structure formation will be exemplified. Nu¬ 
cleating agents will be considered briefly. We will conclude with a discussion of 
the importance of metastable states in colloid science as well as in semicrystalline 
polymers. 

Considering the vast amount of literature that has been published on polymer 
crystallization over the past decades it is obvious that the present review can 
not be comprehensive. But it is hoped that at least some essential points will be 
met and that some ideas from the physics of particle formation find their way 
into the domain of polymer physics. To set the stage the reader is referred to a 
number of books on the topic discussed here [2,3,4,5,6]. 


2.2 Classical Nucleation Theory 

Textbook knowledge might be summarized as follows [7,8]. One starts with a 
system consisting of one or more components that initially exist as one phase. 
By changing, e.g., temperature or pressure the free energy changes such that 
a phase separated state is energetically favorable. In the case of polymers the 
phase separation considered here includes crystallization either from a polymer 
solution or from the polymer melt. Usually it is assumed that phase separation 
proceeds via nucleation and growth from a metastable state (the case of instan¬ 
taneous, i.e. spinodal, phase separation will be treated below). Nuclei of the new 
(crystalline) phase appear and redissolve due to statistical fluctuations; the bulk 
enthalpy of the nuclei is favoring the growth whereas the surface energy term of 
opposite sign favors a redissolution. Only nuclei above a critical size will grow. 
The corresponding nucleation rate, i.e. the number of nuclei formed per time 
unit, can be derived using a classical Arrhenius approach relating the rate to su¬ 
persaturation. This approach still dominates the held of crystallization though 
many deficiencies have been recognized [7,9]. Here we want to mention only three 
points of criticism: (i) It is questionable whether it is justified to use the bulk free 
energy of the crystalline phase for the nuclei because the structure might differ 
from that of grown crystals, (ii) Secondly and relating again to the smallness of 
the nuclei it is not at all evident that the surface structure is as well defined as 
in the case of larger crystals. Thus it must be asked what the appropriate value 
for the surface energy is. (iii) From a fundamental point of view it is to be asked 
what structure is identified as a nucleus in the thermodynamic sense [10]. An 
almost countless number of publications deal with these and related questions 
in the held of crystallization of atomic, ionic, or low molecular weight systems. 

Interestingly, comparatively little has been published with respect to the for¬ 
mation of primary nuclei for crystallization in the held of high molecular weight 
(polymeric) systems, but see, e.g., [6,11]. On the one hand, this is surprising since 
the number of nucleation centers affects some of the application-related proper¬ 
ties of semicrystalline polymers such as, e.g., transparency. On the other hand, 
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this is understandable for several reasons: (i) the basic relationship between the 
number of primary nuclei - as detected, e.g., as the centers of spherulites - 
and the degree of supercooling is well established for most conventional poly¬ 
mers [12]. (ii) Historically, much effort has been put into the understanding of 
crystal growth and the development of morphology rather than into the first 
step of nucleation, which is notoriously difficult to monitor. (Meanwhile this 
held has gained renewed impetus due to new techniques such as atomic force 
microscopy. This technique allows for the direct visualization of the nucleation 
core of spherulites [13,14].) (iii) Nucleating agents are often used in order to pre¬ 
determine the number of nucleation centers, (iv) Shear, which is applied during 
processing of polymer melts, affects the nucleation behavior in a fundamental 
way. 

Apart from these annotations it must be recognized that the concept of nu¬ 
cleation and growth played a pivotal role in the development of crystallization 
theories for polymers with respect to crystal growth [4,6]. The deposition of 
polymer chains onto growing surfaces was treated using the above concept by 
considering the free energy of the resulting clusters as the basis for the rate equa¬ 
tions describing the growth of the crystal. The following considerations comprise 
the original concept of homogeneous nucleation as well as the latter case of what 
might be termed secondary or pseudo-heterogeneous nucleation, i.e. deposition 
of clusters onto existing crystalline surfaces of the same material. 

2.3 Precursors 

One of the basic ingredients of classical nucleation theories is the assumption 
that the system is homogeneous before the actual nucleation and growth pro¬ 
cesses set in. There are a number of experiments in the held of ionic and low 
molecular weight systems that show that this assumption is not always justified. 
It is found that precursor structures appear with dimensions below the size of 
the critical nucleus. These precursors are not meant to be transient aggregates, 
which are due to statistical fluctuations, but more long-living species, which are 
not considered in classical nucleation theories. Examples for such experiments 
are reviewed in two monographs [15,16] and a review [17]. Especially particle 
formation processes involving multi-valent cations - as, e.g., hydrolysis and con¬ 
densation of metal alkoxides - are of impressing complexity [18,19]. Another 
interesting observation fits into the range of phenomena discussed here: based 
on findings from crystallization experiments with chiral molecules Botsaris et al. 
postulates that cluster/nuclei form preferentially near the surfaces of existing 
crystals [20]. 

Precursor structures are considered in the held of polymer crystallization 
within the context of memory effects and in the model of crystal growth via 
pre-structuring (Strobl’s block model for polymer crystal growth 1 . By the term 
memory effects we denote the observation that a polymer sample may be com¬ 
pletely molten (according to calorimetric or rheological data) and still keeps 

1 See also the contribution by Al-Hussein and Strobl on page 48 in this book. 
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partial memory of its former crystalline structure. This is seen, e.g., by obser¬ 
vation of spherulitic films on a hot stage under the light microscope where the 
spherulites may appear at the original position when heating the material beyond 
the melting point and cooling again [21]. By differential scanning calorimetry it 
can be shown that the onset of crystallization is at higher temperatures in the 
case of samples molten from the crystalline state as compared to “virgin” sam¬ 
ples [22]. This effect is observed for melt temperatures between the calorimetric 
melting point and some upper limiting temperature, which corresponds to the 
equilibrium melting temperature of infinitely extended crystals. It is assumed 
that metastable remnants of crystals in the melt act as nuclei for crystallization 
when cooling. Whether these nuclei still possess crystalline order or whether 
there is only a certain degree of orientational order left because of the slow re¬ 
laxation of the polymer chains is not clear. In the latter case one might speak of 
true precursors and not nuclei. With respect to this uncertainty about the mi¬ 
croscopic structure there is a clear relationship between the cases of precursors 
in low molecular weight systems and in polymers. Recently there have been a 
large number of investigations on the influence of shearing the melt for a defined 
period of time before cooling it [23,3]. In all cases a dramatic decrease in crys¬ 
tallization time as compared to the quiescent sample was observed. This effect 
clearly shows that directional correlations between the polymer chains in the 
melt do not decay immediately but serve as precursors for nuclei and crystals. 
The case of flow induced crystallization - without stopping shear before crys¬ 
tallization sets in - lies outside the scope of this contribution and will not be 
discussed further. 

A different type of precursor has been proposed by Strobl. He does not ad¬ 
dress the formation of the primary nuclei but the process of growth of poly¬ 
meric lamellae. It is suggested that the initial step is the creation of a mesomor¬ 
phic layer (the precursor) which thickens and solidifies through a cooperative 
structural transition. The transition produces a granular crystalline layer, which 
transforms in the last step into homogeneous lamellar crystallites [24]. A similar 
multi-step approach to crystallization was proposed by Sasaki et al. on the basis 
of small angle X-ray scattering and spectroscopic data on crystallizing polyethy¬ 
lene [25]. A theoretical approach to disordered precursors (“bundles” of polymer 
chains) to crystallization has been put forward by Allegra [26]. For a discussion 
of Strobl’s block model the reader is referred to three comments on his approach 
[27,28,29], 

The boundary between the notion of presursors and the discussion of tran¬ 
sient states within the concept of Ostwald’s rule of stages, which will be discussed 
below, is fluid. The phenomenon of precursors is considered here separately be¬ 
cause the rule of stages presupposes the existence of well-defined phases. From 
the above it is clear that precursors do not fit into the concept of phase sepa¬ 
ration. Besides, the question of how to define a cluster within the framework of 
statistical thermodynamics is by no means trivial to solve [30]. 
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2.4 Spinodal vs. Binodal Phase Separation 

When describing particle formation or crystallization one uses in most cases 
classical nucleation theory thus assuming that the supersaturated system re¬ 
sides in a metastable state and that phase separation proceeds via nucleation 
and growth. But if the supersaturation (supercooling) is sufficiently high the 
border to spinodal decomposition is crossed where phase separation occurs in¬ 
stantaneously without actual nucleation. In the case of low molecular weight 
systems it is claimed that “spinodal decomposition has never been observed in 
solutions made up of a solid solute and a liquid solvent because of the large width 
of the metastable zone that must be crossed without nucleation being induced” 
[31]. It might be assumed that this statement is due to the fact that spinodal 
decomposition is very hard to detect in low molecular weight systems because 
of the short time scales involved; the structures, which initially form, transform 
quickly to more compact shapes because of the high surface energy involved 
[32,33]. Recent investigations indeed give evidence for the existence of structure 
formation due to spinodal decomposition [34,35]. But we are still far from un¬ 
derstanding the demarcation between binodal and spinodal phase separation in 
low molecular weight systems if there is any [32]. 

The situation is similarly unsatisfying in the held of polymer crystallization. 
There is a number of publications claiming that spinodal decomposition of or¬ 
dered and less ordered domains occurs before the actual crystallization sets in 
[36,37,38]. Olmsted at el. proposed a theoretical approach as support for the 
interpretation of the experimental data in favor of spinodal decomposition [39]. 
The authors argue that the coupling of density and chain conformation can in¬ 
duce a liquid-liquid phase separation within the liquid-solid boundary curve if 
the polymer melt is quenched below the spinodal curve. Presently, one of the 
main concerns is the question whether the experimental data “prove” the ex¬ 
istence of a spinodal phenomenon or whether other crystallization mechanisms 
can explain the experimental observations as well [40]. 


2.5 Computer Simulations of the Early Stages 
of Particle Formation and Crystallization 

With the aid of computer simulations it is meanwhile possible to gain insight 
into the process of structure formation during nucleation in particle formation 
and crystallization. The main limitation lies in the fact that one is still restricted 
to idealized systems with simplified interaction potentials such as the Lennard- 
Jones-a-/3-potential (LJ a-/3 ) for the description of the interaction between two 
monomers: V (r) = -a/r a +b/r@. Using this potential with a =6 and /3=12 Frenkel 
et al. studied the homogeneous nucleation of particles [41,42]. It was shown that 
aggregates with dimensions below the critical size exhibit a liquid-like internal 
ordering of the constituents. When the critical size is exceeded the face-centered 
cubic structure prevails. The surface of the particles still exhibits a liquid-like 
structure whereas between the surface and the core a shell with body-centered 
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cubic structure exists. The phase behavior of protein molecules can be approxi¬ 
mately described by a LJ 3-6 potential. In this case it was found that under cer¬ 
tain conditions amorphous nuclei develop. The cores of these particles crystallize 
upon further growth [41,42,43]. This particle formation mechanism is linked to 
a relatively low barrier of activation energy thus possibly facilitating the growth 
of protein crystals. 

In a similar way crystallization of polymers from dilute solutions has been 
considered by Liu and Muthukumar using the LJ 6-12 potential between the 
monomers and Langevin dynamics [44]. They found that for the case of relatively 
short chains straight segments form rapidly and assemble in small domains while 
over longer times the chain readjusts itself into a more perfect crystal. This point 
is akin to some aspects of precursor formation during polymer crystallization and 
is reminiscent of the structural changes occurring during particle formation dis¬ 
cussed in the last paragraph. When studying the deposition of disordered chains 
onto crystal surfaces of polymer lamellae it is found that the attachment and 
re-ordering process of the chains is far more complicated than assumed in classi¬ 
cal growth theories, cf. [4]. Similar attempts to the simulation of crystallization 
have been undertaken by Meyer and Miiller-Plathe [45] 2 and Fujiwara and Sato 
[46] using molecular dynamics simulations. On the basis of kinetic Monte Carlo 
simulations Doye and Frenkel proposed a selection mechanism for the lamellar 
thickness [47]. Their approach is more restricted than the investigations cited 
before since the geometry of the system is fixed to a three dimensional lattice 
structure. All these simulations show that the formation of crystalline lamellae 
occurs via structures that are by far more disordered than those considered in 
classical theories for polymer crystallization. 


2.6 Control of Crystallization by Additives 

In the case of particle formation of atomic, ionic or low molecular weight sys¬ 
tems from a liquid phase additives (molecules or particles) can affect and control 
the process with respect to particle size and structure in several ways: hetero¬ 
geneous nucleation on additives, colloidal stabilization or controlled aggregation 
of intermediate stages, and control of crystal growth. These points are discussed 
at length in [1]. Only some aspects will be highlighted here. 

Whether single molecules or dissolved polymers can act as nucleation centers 
for particle formation is still a matter of a controversial debate. The situation 
is clearer in the case of heterogeneous nucleation, i.e. nucleation on substrates 
with dimensions above about ten nanometers [48,49]. But the transition to the 
first case is fluid as, e.g., in the case of the transition of a polymer from the coil 
to the collapsed state as substrate for heterogeneous nucleation. 

The situation is still less satisfying when discussing the mode of action of 
nucleating agents used to accelerate crystallization in polymers. Many systems 
are used in commercial products such as minerals, organic salts, and organics 

2 See the chapter of Meyer on page 177 in this book. 
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- mostly in particulate form. Usually it is assumed that the enhancing effect is 
due to epitaxial interactions, i.e. matching of the crystal structure of one of the 
lattice planes of the polymer crystal with the surface structure of the additive 
but this assumption has been proven only in some cases [50,51]. A complete 
understanding is still lacking. 

Growth, crystal structure and form of low molecular weight crystals can be 
affected by the presence of foreign ions or molecules. When these ions/molecules 
are built into the growing crystal lattice they are effective down to concentrations 
of 0.1 to 1 mmol/1. If the foreign substances interact with the growing surfaces 
they are effective even at concentrations of 1CU 7 mol/1 [52,53]. Usually, polymer 
crystallization from the melt is far less sensitive to foreign substances which 
is quite fortunate for application because many commercial types of polymers 
contain a number of additives for different purposes as, e.g., color, stabilization 
against degradation, and improved flow properties. 

2.7 Ostwald’s Rule of Stages 

In 1897 Ostwald suggested that the phase that nucleates upon supersaturating 
(undercooling) is not necessarily the one that is energetically the most favorable 
but the one that is closest to the disordered state (“Ostwald’s rule of stages”) 

[54] . The system evolves via phase transformations to increasingly stable phases 

[55] . A number of approaches have been published to explain this phenomenon 
[52,56,57]. Furthermore, it was shown how a metastable intermediate phase can 
hinder the evolution of the thermodynamically stable phase [58]. In the section 
on computer simulations typical examples of particle formation via intermediate 
states were presented. Similar phenomena are often found in precipitation reac¬ 
tions [16] where the precipitated material first appears in a strongly hydrated, 
amorphous state and then transforms either to the stable crystalline form or 
enters further metastable modifications [59,60] 

Metastable phases occur in many semicrystalline polymers. Two examples 
where polymorphism occurs - with implications for application-related proper¬ 
ties - are polypropylene with three crystalline and one mesomorphic phase [61] 
and polyamide 6 with two crystallographic phases of varying quality [62]. There 
is experience of how to induce the different crystal structures but there is only 
sparse knowledge about the molecular processes responsible for the formation 
of specific crystal structures. In some cases the metastable phases in semicrys¬ 
talline polymer transform into the stable form upon specific thermo-mechanical 
treatments. 

Ostwald’s rule of stages occurs in the domain of polymer crystallization in 
another context - in a similar way as precursors of a defined structure are ob¬ 
served in particle formation: It has been argued that in the case of polyethylene 
(for which the orthorhombic phase is the stable one under ambient conditions) 
crystallization starts via the hexagonal phase [63]. The crystals, in the thermody¬ 
namically metastable state, continue to grow until a nucleus for the orthorhom¬ 
bic phase is formed. Once the nucleation barrier is overcome the nucleus formed 
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spreads over the whole crystal and further crystal growth is arrested. It was 
stated that the proposed crystallization mechanism can be applied also to other 
polymers [63] 3 . Whether transient structures that have been observed during 
fiber spinning can be interpreted within this framework remains to be discussed 
[64,65], 

2.8 Ostwald Ripening vs. Secondary Crystallization 

Despite the many similarities between particle formation in colloidal systems 
and polymer crystallization there is a distinct difference. Nanoparticle systems 
are prone to Ostwald ripening, i.e. growth of larger particles at the expense of 
smaller ones due to the differences in Laplace pressure and the finite solubility 
of the solid phase in the serum [66]. A comparable effect is found in common 
semicrystalline polymers only at elevated temperatures where thick crystals may 
grow at the expanse of thinner ones with a lowered melting point [67]. 

On the other hand, thinner, i.e. less stable, crystals develop often during 
crystallization after the formation of primary crystal lamellae (secondary crys¬ 
tallization) [68,69]. This effect, which in a certain sense is the reverse of Ostwald 
ripening, is typical for polymeric systems where crystals once they are built 
can not consume material indefinitely from the surrounding amorphous phase 
because of the constraints imposed by chain connectivity. 

2.9 Discussion 

Comparing the process of particle formation and crystallization in colloid physics 
and the crystallization of polymers from solution or from the melt it is evident 
that many phenomena can be treated within a common physical frame. It is to 
be hoped that a deeper cross-fertilization can be achieved by comparing theo¬ 
retical as well as experimental approaches. It shall not be denied that much has 
been reached within the past years. The use of synchrotron radiation to follow 
structure formation in-situ is but one example. But still there are many open 
questions concerning the molecular processes. It is expected that computer sim¬ 
ulations will have a major impact on the understanding of the processes both 
during particle formation and polymer crystallization though it is still a long 
way until a quantitative understanding will be reached. 
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Abstract. In this chapter we have addressed issues concerning crystallization of flexi¬ 
ble polymers from melt. We have described several examples where crystallization pro¬ 
ceeds via a transient phase before a thermodynamically stable phase intervenes. With 
several examples it has been shown that transient state of a phase strongly depends 
on the crystal size. A phase that is thermodynamically stable during the initial stages 
of crystallization becomes metastable with crystal growth. Taking linear polyethylene 
as an example, it is shown that crystal size can be controlled during polymerization, 
thus the phase behavior. These findings have implications in polymer processing like 
sintering of intractable ultra high molecular weight polyethylene. 


3.1 Introduction 

Crystallisation of polymers has been a widely studied subject and still is an 
important topic in view of several different models describing the complex crys¬ 
tallisation behaviour of long chain molecules. In the case of synthetic polymers, 
the first concepts of crystallisation were based on very extensive crystallisation 
studies performed on solution-grown single crystals where crystallisation pro¬ 
ceeds in very dilute systems (< 0.01 wt. %). The long flexible chains crystallised 
from solution form platelet (lamellar) single crystals. Since the thickness of these 
lamellar crystals is much smaller than the length of a fully extended chain, it was 
proposed by Keller [1] and Fischer [2] in 1957 that chains fold back and forth, 
forming folded chain lamellar crystals. Detailed studies demonstrated that the 
crystallisation temperature, viz. the degree of supercooling, plays a prominent 
role in determining the lamellar thickness of solution-crystallised single crys¬ 
tals. It was also found that the lateral habit of single crystals is dependent on 
the crystallisation temperature [3]. Moreover the melting temperature of single 
crystals is strongly dependent on the lamellar thickness, mainly due to the small 
crystal size in the chain direction, viz. the fold length, related to the relatively 
large surface area compared with the volume of the crystals [4,5]. 

Detailed studies have been performed concerning crystallisation from dilute 
solutions involving narrow molecular weight fractions. Based on these studies, 
it was proposed that polymer crystallisation is a nucleation controlled process. 
Classical, well-established theories on crystallisation (surface nucleation) for low 
molar mass substances were adopted for describing polymer crystallisation [4,5]. 
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Together with thermodynamic parameters such as supercooling, kinetic features 
concerning surface nucleation were included to understand the experimental ob¬ 
servations. Several theories were proposed, for example by Frank & Tosi [4], 
followed by Hoffman and co-workers [5], and later by the late David Sadler [6]. 
The proposed theories took into account the crystal growth process after the 
formation of critical nuclei. However, the origin of nucleation in polymers is 
still a matter of debate [7], both for quiescent and notably for oriented polymer 
systems. 

With the help of detailed Transmission Electron Microscopy, the formation 
of terraces in polymer crystallisation has been observed frequently [8]. The pro¬ 
posed screw dislocation for crystal growth in general, proposed by Frank, was 
used to explain such intriguing morphological features [9]. Similar to the con¬ 
strained lattice, which results in dislocations in inorganic crystals, it is the surface 
of lamellar crystals which causes dislocations in polymers. 

The studies and theories/modelling, mentioned above were based on exper¬ 
imental studies of solution-crystallized polymers, notably linear polyethylenes. 
Crystallisation from the melt is a much more complex phenomenon. The poly¬ 
mer chains in the melt are highly entangled and folding of chains during the 
nucleation and crystallisation process is hindered. However, current models in¬ 
voke reeling-in of chains from the melt on the crystal surface which is in fact a 
disentangling process from a virtual tube based on the concept of reptation [10]. 

Crystallisation from the polymer melt results in the formation of spherical 
crystal aggregates, the so-called spherulites, notably at isothermal crystallisation 
at low supercoolings. The origin of spherulitic growth including nucleation, the 
growth of sheaf like structures in the beginning and subsequent branching and 
the development of spherical crystal aggregates is still not very well understood, 
despite many studies [11]. 

To bridge the gap between single crystal growth (crystallisation from dilute 
solutions) and growth into spherulitic structures (crystallisation from the melt), 
crystallisation studies on linear polyethylenes at elevated pressures and tempera¬ 
tures are of utmost importance since single crystals can be grown directly in the 
melt and their growth can be studied in-situ and can be compared with the nu¬ 
cleation and growth of spherulites at ambient pressures. 

In the past, many experiments have been performed [16,17,19,22] concerning 
in-situ observation of single crystal growth at elevated pressures and tempera¬ 
tures using PE as a model substance. It appeared that crystal growth initially 
proceeded via the hexagonal phase and, moreover, that a metastable hexagonal 
phase could be observed at early stages of crystal growth within the thermo¬ 
dynamically stable orthorhombic phase [12]. The observation that a thermody¬ 
namic stable state is reached via a metastable state of matter is not unique for 
polymers nor a novel issue. Already in 1897 Ostwald made this observation in 
the case of freezing of liquids 1 . 

In this article we will provide experimental evidence to bridge the gap be¬ 
tween single crystal formation at elevated pressures and temperatures and crys- 

1 See also the contribution of J. Rieger on page 7 in this book. 
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tallisation at atmospheric pressure. The main aim of this paper will be to inves¬ 
tigate metastability in polymer systems and its influence on crystallisation at 
atmospheric pressure. After addressing some salient findings on crystallisation 
from the mesophase we will proceed with new experimental findings on the fate 
of the crystal after transformation from the metastable back to its thermody¬ 
namic stable state. Subsequently, the distinction between primary and secondary 
thickening will be made and its morphological consequences will be discussed. 
Finally, we will address the phenomenon of size dependent phase stability and 
its significance in improving the processability of the ultra high molecular weight 
polyethylene (UHMW-PE) powder. 

Generalisation to the proposed viewpoints in the crystallisation behaviour, 
especially the issue of metastability, will be made by giving examples of polymers 
other than polyethylene, such as trans-1,4-polybutadiene, poly-di-alkyl siloxanes, 
nylons, poly(ethyleneterephthalate) and paraffins. 

3.2 Experimental Section 

3.2.1 Materials 

Two types of sharp fractionated polyethylene were obtained from the National 
Bureau of Standards, U.S.A. The two fractions are: sample 1, NIST-SRM1483 
having M w =32000, M w /M n = 1.1 and sample 2, NIST-SRM1484 having M w = 
120000, M w /M n = 1.2. Trans-1,4-polybutadiene was synthesised in our labo¬ 
ratory [13]. UHMW-PE nascent powder, specially synthesised for our studies, 
possesses a molecular weight of 3.5xl0 6 and M w /M n = 5.6. Solution crystallised 
films of UHMW-PE have been prepared from 1% Xylene solutions via a route 
well documented in literature [14]. 

3.2.2 High Pressure Cell 

In this work a piston-cylinder type of pressure cell similar to the one used 
by Hikosaka [15] has been used. A sample is sandwiched in between two di¬ 
amond windows which enable in-situ observation by light microscopy, Raman 
spectroscopy and X-ray diffraction. The pressure on the sample is generated hy¬ 
drostatically by precise movement of two pistons, provided by pressure-regulated 
flow of nitrogen gas. 

3.2.3 Polarising Optical Microscopy 

Polarising optical micrographs have been taken in-situ during crystallisation of 
polyethylene under elevated pressures and temperatures. In our previous studies 
it has been shown that when crystallising the polyethylene at elevated pressures 
and temperatures, the crystals emerge and grow as isolated “cigar”-shaped bire- 
fringent entities. Such uniform objects have been shown to be in the hexagonal 
phase. At a certain stage of growth, the shape of the crystal changes into a 
blotchy structure with reduced birefringence which indicates the transformation 
from the hexagonal into the orthorhombic phase [16,17,18]. 
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3.2.4 Wide Angle X-ray Scattering 

In situ X-ray experiments were performed using monochromatic X-rays of wave¬ 
length 0.0798 nm and a high flux available on beamline ID11-BL2 on the Euro¬ 
pean Synchrotron Facilities in Grenoble. The lower wavelength was required to 
avoid the X-ray absorption from the diamond windows. Each diffraction pattern 
was recorded for 15 s on a two dimensional CCD detector. Using the FIT2D pro¬ 
gram of Dr. Hammersly (ESRF), 2D X-ray patterns were transformed into one 
dimensional patterns by performing an integration along the azimuthal angle. 

3.3 Results and Discussion 

Before proceeding with our most recent observations, it is essential to recapit¬ 
ulate some of the salient findings which have been published in the past and 
which form the basis for the present discussion. 

3.3.1 Polyethylene A Summary of Previously Reported Results 
on Crystallisation of Single Crystals in Polyethylene Melts 

With the help of in-situ optical microscopy at the requisite pressure and tem¬ 
perature, it has been shown that crystallisation of a linear sharp fractionated 
polyethylene proceeds via the hexagonal phase, even in the thermodynami¬ 
cally stable orthorhombic region of the pressure-temperature phase diagram (see 
Fig. 3.1a). It was shown that the birefringent entities observed at 45° to the po¬ 
larised light, are crystals growing from the melt under isobaric and isothermal 
conditions. It was also possible to make a distinction between the hexagonal and 
orthorhombic phase [5], optically. Compared to the crystals in the orthorhombic 
phase, the crystals in the hexagonal phase possessed smooth and well defined 
boundaries. Thus, the phase transition could be followed in-situ as a sudden 
change in birefringence. From a series of experiments under isobaric and isother¬ 
mal conditions within the thermodynamically stable region of the orthorhombic 
phase, the following conclusions were made. 

1. Crystallisation always occurs initially via the hexagonal phase [16,17]. 

2. After a certain crystallisation time, crystals initially in the hexagonal phase 
transform into the orthorhombic phase [16,17]. 

3. Once a crystal is transformed, further crystal growth is arrested, at least 
within the experimental time [16,17] of several hours. 

4. The residence time for a crystal in the hexagonal phase is dependent on the 
supercooling and pressure at which an experiment is performed [19]. 

5. Below the equilibrium triple point (Q°°), under isobaric and isothermal con¬ 
ditions, after a certain crystallisation time two different populations of crys¬ 
tals can be observed - one in the hexagonal phase which continues to grow 
and the other one which has transformed into the orthorhombic phase, and 
stops growing. On heating the sample, the crystals in the hexagonal phase 
melt at a lower temperature in comparison with the ones which are in the 
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orthorhombic phase. The melting behaviour is contradictory to the obser¬ 
vations above the triple point (Q°°) — i.e. the melting of an orthorhombic 
crystal occurs via its transformation to the hexagonal phase. Thus, above 
the triple point, crystals in the hexagonal phase possess a higher melting 
temperature [16,17]. 

6. The difference in the melting temperature of the orthorhombic and the 
hexagonal phase increases with decreasing pressure, below the triple point [16] 

7. With a series of such experiments, a more general pressure-temperature 
phase diagram was proposed (Fig. 3.1b) with three different supercoolings 
defined below the equilibrium triple point — first a virtual transition line 
from orthorhombic to hexagonal, second from orthorhombic to liquid and 
the third from hexagonal to liquid [17]. 

8. Three different regions were defined in the proposed schematic phase diagram 
(Fig. 3.1b). A Region III below the equilibrium triple point Q°°, bounded in 
between the hexagonal-liquid (h-liquid) and orthorhombic-liquid (o-liquid) 
in the phase diagram was defined as a region for no crystal growth [16,17], 
see also below. 

3.3.2 Experimental Observations on a Crystal after 

Its Transformation from the Metastable Hexagonal Phase 
into the Thermodynamically Stable Orthorhombic Phase 

In a series of composite figures (Figs. 2, 3, 4 and 5) taken at a fixed pressure of 

3.2kbar and at different supercoolings (AT = 2.7 K in Fig. 3.2; AT = 4.7 K in 




Fig. 3.1. (a) Schematic pressure-temperature phase diagram of polyethylene. Q°°, the 
equilibrium triple point (from [12]) is the intersection of orthorhombic to hexagonal, 
hexagonal to liquid, and orthorhombic to liquid transition lines. The shaded region in 
the figure is the p — T region where experiments have been performed in this work. (b) 
Schematic p — T phase diagram according to [16], The diagram includes metastable 

(—) and virtual boundaries (.) between the hexagonal and orthorhombic, phase 

as well as the liquid. (Y <} is the equilibrium triple point. Regions I, II, III are defined 
in [16]. 
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Fig. 3.3; AT = 5.7K in Fig. 3.4; AT = 6.7K in Fig. 3.5), relative to the melting 
temperature of the hexagonal phase, the following observations can be made. 
Taking the criteria for optical distinction between the hexagonal (marked by 
and the orthorhombic phase (marked by =►) it can be stated that independent 
of the supercooling, crystallisation always starts in the hexagonal phase. The 
crystals in the hexagonal phase, observed as birefringent entities, possess chains 
running perpendicular to the lateral growth direction, continue to grow. Once the 
transformation from the hexagonal to the orthorhombic phase occurs, viewed as 
a sudden change in birefringence, further crystal growth is arrested. The issue of 
arrest in crystal growth will be given quantitatively in Fig. 3.8. From the series of 
optical micrographs it is obvious that with increasing supercooling the residence 
time for a crystal in the hexagonal phase decreases. The quantitative values 
on the residence time for the hexagonal phase has been provided elswhere [19|. 
Further, it has to be noted that when a crystal transforms into the orthorhombic 
phase, many crystals grow around the transformed crystal and after a certain 
time the overall growth of the multicrystal cluster becomes spherical in nature. 
This is clearly more evident for higher supercoolings like 5.7 and 6.7K in Figs. 4 
and 5. 

The crystal that has transformed from the hexagonal to the orthorhombic 
phase appears to become blotchy (or block like). Many crystals seem to grow on 
the thus transformed crystal. It appears that the just transformed crystal acts 



t=34 min t=3fi min t=38 min t=42 min 


P = 3.2 kbar AT = 2.7 K 

Fig. 3.2. In-situ optical micrographs of the sharp fractionated polyethylene (NIST 
SRM1483, Mw = 32000) during isobaric and isothermal crystallisation at P = 3.2 
kbar and (AT) ort h = 2.7 K. The bold arrows ^ the hexagonal crystals. It can be 
observed that within the experimental time no transformation from the hexagonal to 
the orthorhombic phase took place at low supercoolings. Scale bar 50 |tm. 
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Fig. 3.3. In-situ optical micrographs of sharp fractionated polyethylene (NIST 
SRM1483, Mw=32000) during isobaric and isothermal crystallisation at P = 3.2 kbar 
and (AT) ort h = 4.7 K. The bold arrows ^ point the hexagonal crystals while the open 
ones => indicate the orthorhombic crystals. Scale bar 50 |im. 


as a nucleating centre for other new crystals (Fig. 3.3e—h, 3.4e-g, 3.5b—h). It 
has to be noted that the crystals growing on the substrate of the transformed 
hexagonal-orthorhombic crystals are in the hexagonal phase 16 . In-situ polarising 
optical microscopy, involving multistage temperature cycling below the equilib¬ 
rium triple point, revealed that those branched lamellae possess a hexagonal 
structure, at least initially [16]. During the multistage temperature cycling, un¬ 
der isobaric conditions, it is observed that the new crystals formed on the basal 
surface of the just transformed crystal from the hexagonal to the orthorhombic 
phase, melted at the same temperature with the other hexagonal crystals. But 
crystals in the orthorhombic phase melted at a higher temperature. Further, it 
has been noticed that unlike the orthorhombic crystals, which do not grow later¬ 
ally, the new hexagonal crystals continue to grow. Moreover when the sample is 
left to anneal above the melting temperature of the hexagonal phase (Region III 
in Fig. 3.1) no crystal growth is observed. This phenomenon will be explained 
in detail later in this article. Since the hexagonal to orthorhombic transition is a 
solid-solid phase transformation and is a nucleation controlled process, the crys¬ 
tals growing on the orthorhombic substrate are much easier to transform into the 
thermodynamically stable orthorhombic phase. Fig. 3.6 shows the Transmission 
Electron Micrograph of isolated single crystals surrounded by lamellae spread 
perpendicular to its basal surface, thus confirming the high nucleation activity 
of the once transformed single crystal. 
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P = 3.2 kbar AT = 5.7 IC 

Fig. 3.4. In-situ optical micrographs of sharp fractionated polyethylene (NIST 
SRM1483, Mw=32000) during isobaric and isothermal crystallisation at P = 3.2 kbar 
and (AT) or th = 5.7 K. The bold arrows ^ point the hexagonal crystals while the open 
ones => indicate the orthorhombic crystals. Scale bar 50 |im. 





1=0 Tnin 1=4 min 1=5 min 1=6 min 



1=7 min 1=8 min 1^9 min 1=10 miu 


P = 3.2 kbar AT = 6.7 IC 

Fig. 3.5. In-situ optical micrographs of sharp fractionated polyethylene (NIST 
SRM1483, Mw=32000) during isobaric and isothermal crystallisation at P = 3.2 kbar 
and (AT) ort h = 6.7 IC. The bold arrows ^ point the hexagonal crystals while the open 
ones => indicate the orthorhombic crystals. Scale bar 50 |im. 
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Fig. 3.6. Transmission electron micrograph showing single crystals grown at 3. 1 kbar 
and (zAT)hex = 4.5 K surrounded by lamellae perpendicular to the basal surface. The 
spread lamellae crystallised after the transformation of the single crystals from the 
hexagonal to the orthorhombic phase. Scale bar is 3.5 |im. 


On the other hand, the crystals which did not transform into the orthorhom¬ 
bic phase continue to grow and no other crystals can be observed in their vicinity 
(for example see Fig. 3.3g—h). It seems that these crystals are pulling chains from 
the melt during the growth process. At this instant it needs to be mentioned that 
the single crystals of polyethylene have a tapered morphology, suggesting that 
in the very initial stages of crystallisation chains are folded [20,16,17]. Due to 
the enhanced chain mobility within the hexagonal phase, which arises from a 
more open lattice and thus weak Van der Waals interaction between the neigh¬ 
bouring chains, refolding to longer fold lengths is facilitated which leads to full 
chain extension, a thermodynamic requirement in polymer crystallisation. This 
implies that the crystals in the hexagonal phase grow simultaneously along the 
lateral and the thickening direction. To fill in the cavities, as generated dur¬ 
ing crystal growth, mainly because of simultaneous thickening, more material is 
needed to be pulled from the surface of the growing crystal. This may be an ex¬ 
planation for the absence of new crystal formation in the vicinity of the growing 
crystal [19,9,21]. 

3.3.3 Multilayering: Primary and Secondary Thickening 

A crystal in the hexagonal phase can also stop growing because of morphological 
reasons. For example, growth in the lateral direction may get restricted because 
of impingement with another crystal, growing in the melt. The crystal growth 
along the thickness direction may also stop because of multilayering i.e. the 
growth of crystals on top of each other, due to a screw dislocation. A series of 
electron micrographs summarised in Fig. 3.7, suggests that with increased super¬ 
cooling. at a fixed pressure, multilayering becomes more and more prominent, 
even when a crystal is in the hexagonal phase. These observations suggest that 



26 


Sanjay Rastogi 


(a) 





him ' 

¥»*. IKg? 

*■ -yMmlr 



P = 3.2 kbar 

Fig. 3.7. Transmission electron micrograph showi ng multilayering at different super¬ 
coolings and constant pressure of 3.2 kbar. (a) (AT) = 4 K, (b) (AT) = 4 K; bending 
of the crystals is marked by ^ (c) (AT) = 8 K, (d) (AT) = 10 K. ft is to be noticed 
that the overall shape of the multilayered crystals as viewed edge-on has resemblance 
with the crystals observed by optical microscopy (as birefringent entities, when viewed 
edge-on) when growing in the hexagonal phase. Scale bar is 1 |tm. 


with increasing supercooling, as the growth rate increases laterally, and along 
the thickening direction, screw dislocations also become prominent. It is also no¬ 
ticeable that once a crystal transforms from the hexagonal to the orthorhombic 
phase, several crystals grow on top of the transformed crystal without the uni¬ 
form registration of the newly formed crystals, ultimately leading to spherical 
like growth of crystal aggregates (Figs. 4 and 5). A combination of the multi¬ 
layering and the spherical like growth of crystal aggregates gives an insight into 
the initial stages of spherulitic formation. In Fig. 3.7b, the crystal marked by 
the arrow shows how a lamella bends when it comes into contact with another 
crystal (as viewed edge-on). This indicates the flexibility of crystal growth in the 
hexagonal phase. 
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The thickening growth in an isolated single crystal corresponds to primary 
thickening. Once crystals are multi-layered, lying on top of each other, further 
thickening requires penetration of chains within the adjacent crystals. The pro¬ 
cess of further thickening in the solid state is usually referred to as secondary 
thickening. This is feasible only when the chains within the crystals adjacent to 
each other are in regular registration, thus facilitating further lamellae thicken¬ 
ing in the preferred morphology only, i.e. the morphology having regular chain 
registraton with adjacent crystals. An extensive study performed by Hikosaka et 
al. [19,22]. showed that both the primary thickening and the lateral thickening 
have the same energy barrier to overcome for crystal growth. 

At a fixed pressure, as the residence time for the crystals in the hexagonal 
phase decreases exponentially with increase in supercooling the average lamellar 
thickness also shows an exponential decay [19]. These results strongly suggest 
that the primary lamellar thickness is dependent on the crystals residence time 
in the hexagonal phase. Figure 3.8, shows variation in the crystal length with 
crystallisation time for different supercoolings at constant pressure. The slope 
of the curve (in Fig. 3.8) at a fixed degree of supercooling and a fixed pressure 
represents the crystal growth rate. It is to be noted that with an increase in su¬ 
percooling, the crystal growth rate increases. Since in the hexagonal phase crys¬ 
tal growth occurs simultaneously along the lateral and the thickening direction, 
the growth rate can be measured from a series of electron micrographs showing 
isolated single crystals. A detailed description of the method used to quantita¬ 
tively determine values for the lateral and thickening growth rates is provided 
in [16,19]. Table 3.1, shows numerical values for such observations. Thus giving 
an insight into chain mobility especially along the c-axis in the hexagonal phase. 
From Fig. 3.8 it is evident that once a crystal transforms into the orthorhombic 
phase, crystal growth stops, at least in the lateral direction. The residence time 
for crystals in the hexagonal phase decreases with increase in supercooling. 


Table 3.1. 


Pressure = 3.2 kbar 


AT hex 

lateral growth rate 

thickening rate 

(°C) 

(nm/sec) 

(nm/sec) 

4.0 

21.8 

0.8 

6.0 

112.5 

5.2 

8.0 

317.0 

26.4 

10.0 

652.0 

37.2-55.8 


From the results summarised above in Sects. 3.1 to 3.3 important implications 
for polymer crystallisation can be drawn and these will be discussed in the 
following two sections. 



28 


Sanjay Rastogi 


PRESSURE = 3.2 kbar 



CRYSTALLISATION TIME / MINUTES 

Fig. 3.8. Variation of crystal length with crystallisation time for two different super- 
coolings, (zAT)hex = 4.7 K and (AT)hex = 7.0 K, at 3.2 kbars. 


3.3.4 Size Influence in Phase Transformation: 

Stable, Metastable and Transient States of a Phase 

In this section we will address the issue of metastability of the hexagonal phase 
below the equilibrium triple point. From the unique tapered morphology of the 
single crystals, it was concluded that at the early stages of crystallisation, due 
to kinetic reasons chains are in the folded state [16]. As a crystal grows, chains 
slide along the c-axis to thicken the crystal. When the experiments are performed 
in Region II (Fig. 3.1), i.e. within the thermodynamic stability region for the 
orthorhombic phase, a crystal initially in the hexagonal phase transforms into 
the thermodynamically stable orthorhombic phase. These observations strongly 
suggest a third parameter, i.e. the crystal size in the pressure-temperature phase 
diagram. 

The experimental observations can be expressed mathematically. 

In general, to a first approximation, the Gibbs Free A 

energy of a crystalline phase having a surface area A and er 
thickness l can be expressed for the orthorhombic (G 0 ) and ^ 
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the hexagonal (G^) phase by the following expressions: 

G 0 = (H 0 - T • S 0 ) + 2 • cr 0 • A (3.1) 

G h = (H h - T • S h ) + 2 • tr h • A (3.2) 

Where, H and S are enthalpy and entropy for the specific phases, respectively 
and a the end surface free energy. 

The difference in Gibbs Free energy between the orthorhombic and the hexag¬ 
onal phase in polyethylene can be expressed as: 

Z\G = G 0 - G h 

= [—(H h - H 0 ) + T • (S h - S 0 )] - 2 • (a h - ct 0 ).A 

The orthorhombic phase will be thermodynamically stable when Z\G < 0. 

At the transition temperature T^ a of a crystal having infinite thickness, 

ZiG^o = 0 and 

H rnOO Q _ TT rpCXD Q 

o J-h— yo ' h J-h— yo ' 


Therefore, 


s h -s 
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(H h - H 0 ) 

r roo 
h—>-o 


Thus, 

Z\G 


(4HU-^+2-(-Z\a).A 


(3.3) 


Making an assumption that the volume for both the hexagonal and the or¬ 
thorhombic phase is the same, to the first approximation the Gibbs free energy 
per unit volume can be expressed as 


Zig 


Z\G 


(^h)h^o 


(Z\T) h _> 0 

Tiwo 


2(—Z\tj)" 

l 


(3.4) 


where Z\h is the enthalpy per unit volume and (Z\h)h-s. 0 = hh — h Q > 0 because 
the transition is endothermic in nature as observed by high pressure DSC [23], 
(Z\T)h-s. 0 = T]^o — T > 0 is a supercooling defined from the equilibrium transi¬ 
tion temperature T]] C Z >0 for the infinite crystal size and (—Zitr) = a 0 — ay > 0 is 
the change in the end surface free energy for the hexagonal to the orthorhombic 
transition, as has been discussed earlier [20]. 

At a critical thickness of the crystal l = l CI , Z\g = 0. 

For l > l CT , Z\g becomes negative thus a crystal initially in the thermody¬ 
namically stable hexagonal phase will be no longer stable and the transformation 
from the hexagonal to the orthorhombic phase will become possible. 

Further thickening in the metastable hexagonal phase will solely be a conse¬ 
quence of kinetics, rather than of thermodynamics. 
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In our case from equation (4) we can derive the following expression: 

(3.5) 

since solid to solid transformation from the hexagonal to the orthorhombic phase 
is a nucleation controlled process. The rate of nuclei formation for the orthorhom¬ 
bic phase within the hexagonal crystal can be expressed as 

r ^ = f-Iexp( t (3.6) 

where AG is the nucleation barrier. 

Once a nucleus is formed a metastable crystal is in a transient state. The 
transition time of the transient hexagonal phase into the thermodynamically 
stable orthorhombic phase can be expressed by the formation of the nucleus and 
its propagation from its origin to the overall crystal. 

From the given mathematical expressions, it is evident that a crystal initially 
in a hexagonal phase passes through four different states before the transforma¬ 
tion to the thermodynamically stable orthorhombic phase is reached: 

(a) thermodynamically stable region for the hexagonal phase i.e. below l < 

^critical 

(b) metastable region for the hexagonal phase; though a crystal is thermody¬ 
namically unstable further thickening is a kinetic process i.e. I > ^critical, 
before a nucleus for the transformation is formed 

(c) since the solid-solid phase transition is a nucleation controlled process, the 
residence time for a crystal to stay in the metastable hexagonal phase de¬ 
pends on the nucleation barrier which the crystal has to overcome to go in 
the thermodynamically stable orthorhombic phase. 

(d) once a nucleus for the orthorhombic phase is formed, the time required for 
a crystal to stay in the hexagonal phase (i.e. in its transient state) depends 
on the propagation time of the nucleus over the whole crystal. 

An intriguing possibility, having implications in condensed matter in gen¬ 
eral, arises when phase size is taken into consideration in the phase diagram. 
A similar hypothesis for the size dependence has been invoked in the past for 
the stability of different phases in pure substances. It is well established that 
for an infinite sphere (or crystal), an equilibrium triple point Q°° can be de¬ 
fined as an intersection of three planes i.e. solid-vapour plane, liquid-solid plane 
and vapour-liquid plane in the pressure-temperature phase diagram. For a finite 
sphere (or crystal), the triple point lies below the equilibrium triple point in the 
pressure-temperature phase diagram [24]. 

In combination with the thermodynamic concepts laid out in the paragraph 
above, when an issue of metastability during crystallisation is invoked, Ost- 
wald in 1897 stated that the thermodynamic stable state is reached through a 
metastable state of a matter, via a phase which grows faster [25]. For example 
on cooling from vapour, the first nucleus appears to be liquid even though the 
temperature may be well below the freezing point of the liquid. Ostwald’s stage 


rp rpC 

J- h—>-o — J- + 


2(—At) 
l ■ (Al) h _5. 0 
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rule states that the phase transformation will always start with the phase (poly¬ 
morph) which is stable down to the smallest size, irrespective of whether this is 
stable or metastable when fully grown. In the case where the phase transforma¬ 
tion is nucleation controlled, a connection between the kinetic and thermody¬ 
namic considerations can be readily established. 

When considering polymers a unique feature of varying size dependence with 
crystal growth in terms of thermodynamic stability arises, i.e. the crystal size 
increases with crystallisation time as shown above for polyethylene. This leads 
to an unique phenomenon in polymers, that a phase which is initially thermody¬ 
namically stable may no longer be stable after crystal growth, therefore passing 
through a metastable state before a thermodynamically stable phase intervenes. 
The latter will be a nucleation controlled phenomenon. 

Similar hexagonal phases with enhanced chain mobility are present in trans- 
1,4 polybutadiene at atmospheric pressure, thus making the experimentation 
more convenient [26,13,27]. The mono clinic to the hexagonal phase transition 
is observed on heating at atmospheric pressure. The equilibrium phase transi¬ 
tion temperature from the monoclinic to the hexagonal phase, for the infinite 
lamellae thickness, is found to be approximately 80°C [26]. Like polyethylene, 
crystallisation within the thermodynamically stable hexagonal phase leads to the 
formation of lamellae several hundred nanometers thick of the extended or nearly 
extended chain type [27]. Lamellar thickness was found to increase by several 
tens of nanometers in solution-crystallised mats, having an initial lamellae thick¬ 
ness of 10.4nm, immediately upon heating above the monoclinic to hexagonal 
transition temperature [27]. For these finite crystals the monoclinic to hexago¬ 
nal phase transformation occurs at 68°C. In addition, a unique phenomenon of 
isothermal phase reversal in the solution-crystallised mats was observed on an¬ 
nealing just above the transition temperature. That is, on annealing just above 
the monoclinic to hexagonal transition temperature at 68°C (which is below the 
equilibrium transition temperature of 80°C for the monoclinic to hexagonal tran¬ 
sition) the crystals transformed initially to the hexagonal phase and subsequently 
back into the thermodynamically stable monoclinic phase, as shown by in-situ 
WAXS results presented in Fig. 3.9. On heating again the transformed crystals 
in the monoclinic phase transform back into the hexagonal phase before melting 
occurs. These observations when combined with SAXS strongly supported the 
above viewpoint that crystal size depends upon the phase transition [27]. 

Thanks to the synchrotron radiation facility at Grenoble, it has been possi¬ 
ble to observe the phenomenon of isothermal phase reversal in polyethylene at 
the elevated pressures and temperatures even for the inaccessible experimental 
conditions. For our studies, solution-crystallised films of Ultra High Molecular 
Weight Polyethylene were prepared and used as a model system because of the 
well defined regularly stacked lamellae having a thickness of 12.5 nm [14]. The 
him was placed between two diamonds in the piston cylinder type pressure cell 
of Hikosaka [15]. The cell was mounted in a high-resolution powder diffraction 
beamline, ID11/BL2 (ESRF, Grenoble). The following routes, shown schemati¬ 
cally in Fig. 3.10 were used for the in-situ pressure-temperature experiments [28]. 



32 


Sanjay Rastogi 



2 6 "* 


Fig. 3.9. Wide angle X-ray diffraction experiment showing isothermal phase reversal. 
The monoclinic (200) mon and the hexagonal (lOO)hex reflections can be seen. The single 
crystal mats are heated at 3°C/min to 68.5°C and after that the temperature was kept 
constant. In the beginning the monoclinic to the hexagonal phase can be observed 
and subsequently the reverse from the hexagonal to the monoclinic phase occurs upon 
annealing. 



Fig. 3.10. Schematic drawing of the experimental routes adopted in the in-situ X-ray 
study of the solution crystallised UHMW-PE at constant pressure of 1.6 kbar, i.e. below 
the equilibrium triple point. 
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Fig. 3.11. X-ray diffractogram of solution-crystallised UHMW-PE at fixed pressure of 
1.6 kbar. (a) Next to the (110) and (200) reflections typical for the orthorhombic unit 
cell of polyethylene, incoming of the hexagonal (100) reflection with increasing tem¬ 
perature at constan pressure can be observed, (b) The disappearance of the hexagonal 
(100) reflection during isothermal and isobaric. annealing. The orthorhombic (110) and 
(200) reflections gain the intensity, (c) The melting of the crystals via the hexagonal 
phase can be observed, similar to the melting behaviour anticipated above the triple 
point. (d) The crystallisation from the melt directly into the orthorhombic phase can 
be observed; to observe the very initial stage of crystallisation, each diffraction pattern 
is subtracted from the diffuse melt spectrum. 


Route 1. Isobaric heating (Fig. 3.11a) 

The solution-crystallized UHMW-PE sample was heated at a fixed pressure 
of 1.6 kbar. The X-ray diffraction pattern at lower temperatures shows the 
characteristic orthorhombic (110) and (200) reflections. Upon heating, the 
(100) reflection of the hexagonal phase appears at approximately 195°C, next 
to the (110) reflection of the orthorhombic phase. Note that the pressure of 
1.6 kbar is far below the pressure corresponding to the triple point [22] and 
the hexagonal phase is observed within the region of the thermodynamically 
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stable orthorhombic phase. 

Route 2. Isothermal and isobaric annealing (Fig. 3.11b) 

Upon annealing at 204°C at a pressure of 1.6 kbar (route 2 in Fig. 3.10), 
the (100) reflection of the hexagonal phase disappears again, after approxi¬ 
mately 5 minutes, whereas the orthorhombic reflections gain in intensity. 

Route 3. Isobaric heating (Fig. 3.11c) 

During isobaric heating at a rate of 2°C/min (route 3 in Fig. 3.10), the 
hexagonal phase re-appears and before final melting at 220°C, the charac¬ 
teristic (100) reflection of the hexagonal phase gains intensity at the expense 
of the (110) and (200) reflections of the orthorhombic phase. 

Route 4. Isobaric cooling (Fig. 3.lid) 

Upon cooling from the melt at the same constant pressure of 1.6 kbar, only 
the orthorhombic phase is visible on crystallisation. If the sample is heated 
once again to the melting temperature, the hexagonal phase is no longer 
observed (route 4 as shown in Fig. 3.10). 

From this set of experiments, it can be concluded that the melting of the 
lamellar crystals of approximately 12 nm (initial) thickness proceeds via the 
hexagonal phase much below the equilibrium triple point and within the re¬ 
gion of the thermodynamically stable orthorhombic phase. After complete melt¬ 
ing and upon re-crystallisation from the melt, the appearance of the hexagonal 
phase could not be observed again. During heating and annealing of solution- 
crystallized samples, the thickness of the lamellar crystals increases, especially 
in the mobile hexagonal phase [29,37,30,17,16] with the result that crystals ini¬ 
tially in the hexagonal phase transform first into a transient metastable hexago¬ 
nal phase and subsequently back to the thermodynamically stable orthorhombic 
phase. The appearance and disappearance of the hexagonal phase during heat¬ 
ing and annealing at pressures below the equilibrium triple point can be related 
to the initial lamellar thickness. Crystallisation from the melt usually leads to 
much thicker lamellar crystals, compared to solution-crystallized samples, and 
consequently no crystals in the hexagonal phase are observed on cooling at the 
same pressure and temperature 2 . 

These observations have been confirmed and further strengthened by per¬ 
forming the same set of the experiments on irradiated solution crystallised films. 
It was discussed above, that in polymers because of the chain mobility along 
the c-axis the crystal size can alter, unlike with other materials. However, the 

2 These findings may be in disagreement with the earlier in-situ observations by po¬ 
larizing microscopy discussed earlier in this article. Such disagreement in the results 
can be a result of a difference in pressures used for optical microscopy (always above 
2.8 kbar) and the one used for in-situ X-ray measurements (pressure always below 
1.6 kbar). Further, it is necessary to consider the experimental limitations of the two 
different techniques used. With optical microscopy observations are made on single 
crystals while X-ray studies have been recorded on bulk samples of 0.4 mm thickness. 
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chain mobility along the c-axis can be suppressed by crosslinking the amorphous 
zone between the lamellae by irradiation. If the irradiation dose is sufficiently 
high the lamellae thickening process can be completely suppressed. With the 
help of Small Angle X-ray Scattering it has been shown that the crystal thick¬ 
ening can be fully suppressed on irradiating the solution crystallised fflms of 
UHMW-PE by 2000 kGy. Unlike in the unirradiated solution crystallised fflms 
of UHMW-PE, crosslinking of the amorphous region can inhibit lamellar thick¬ 
ening even in the hexagonal phase. Therefore, it would be anticipated that even 
below the equilibrium triple point, once the transformation from the orthorhom¬ 
bic to the hexagonal phase occurs, no phase reversal from the hexagonal to the 
orthorhombic phase during annealing under isobaric and isothermal conditions 
could be observed [28]. Moreover, on heating the irradiated crystals not only 
transform into the hexagonal phase but also melt via the hexagonal phase at 
pressures below the equilibrium triple point. The observed melting behaviour 
is very similar to the one anticipated above the triple point, thus confirming 
the thermodynamic stability of the hexagonal phase for the small crystals in 
the thermodynamic stable region of the orthorhombic phase for crystals having 
infinite lamellar thickness. 

To summarise, with a series of experiments on polyethylene and polybutadi¬ 
ene, described above, it has come up strongly that on considering the effect of 
phase size on the phase diagram an intriguing possibility has arisen. These results 
suggest that the true thermodynamic stability conditions can invert with size. 
Specifically for a polyethylene crystal that is small enough, the hexagonal phase 
can be the thermodynamically stable phase, even in the pressure-temperature 
regime where orthorhombic is the thermodynamically stable phase for an infinite 
crystal-size, as shown in Fig. 3.12 by dashed lines, having its triple point Q lo¬ 
cated below Q°°. When this is the case, true metastability need not be involved 
to account for the observation of a metastable phase appearing first. In fact, here 
the metastable phase in its very small dimensions, will be the thermodynami¬ 
cally stable phase with an inversion of phase stability on growth, i.e. Q moves 
towards Q°° with thickening of lamellae. These observations are in accordance 
with the mathematical expressions provided earlier in this section. 

Further, a Gibbs Free Energy phase diagram can be provided for the ex¬ 
perimental observations on the isothermal phase reversal in unirradiated and 
irradiated UHMW-PE solution crystallised fflms. 

The melting point of lamellar crystals with average thickness l is given by 
the well-known melting-point depression relationship [31]: 

T m = T“ • [1 — (2cr e /(l ■ AH)]. (3.7) 

As shown in Hoffman-Weeks equation [31], the observed melting point (T m ) 
is dependent on the thickness l, i.e. if l approaches infinity, T m approaches T“, 
the equilibrium melting temperature. a e is the end surface free energy of the 
crystals. 
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Fig. 3.12. Schematic drawing of the shift of the triple point from Q°° to Q due to 
the small initial lamellar thickness. Full lines represent the equilibrium phase diagram 
for the infinite size crystals with Q°° being its equilibrium triple point. Dashed lines 
represent shifted phase diagram due to the reduced initial crystal size with Q being its 
triple point. 


The ratio a e /Z\H for orthorhombic crystals is greater than for hexagonal 
crystals [20]: 

(a e /Z\H) orth . = 3.5(<r e /AH) hex. • (3.8) 

This implies that for a folded-chain crystal of the same average lamellar 
thickness l the difference (T“ — T m ) is larger for the orthorhombic crystals than 
for the hexagonal ones. Equivalently, the Gibbs free energy for a lamellar crystal 
with thickness l is closer to the equilibrium Gibbs free energy G°° in the case of 
a hexagonal crystal structure. Based on these experimental facts, the Gibbs free 
energy diagram in Fig. 3.13, could be constructed to account for the experiments 
described in Fig. 3.11. For the sake of simplicity, the Gibbs free energy functions 
in Fig. 3.13 are drawn as straight lines, which is in fact an oversimplification but 
not an essential requirement for the present discussion. 

In Fig. 3.13, the Gibbs free energy at pressure P as a function of temperature 
T is shown for orthorhombic and hexagonal crystals. Below the equilibrium 
triple-point, the Gibbs free energy of a perfect (extended-chain) orthorhombic 
crystal, G“ th , is lower than that of a perfect (extended-chain) hexagonal crystal, 
G^ x . The Gibbs free energy of the folded-chain crystals is higher due to the 
contribution of the surface free energies. Assuming for the present discussion 
that the free energy curves for the folded-chain crystals are parallel with the 
free energy of the extended-chain crystals and taking into account, as discussed 
above, that for a given lamellar thickness l the free energy is closer to equilibrium 
for hexagonal crystals, the various curves in Fig. 3.13 become self explanatory. 
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Fig. 3.13. A thermodynamic explanation for the experimental observations made dur¬ 
ing heating and annealing at the pressure of 1.6 kbar (i.e. below the equilibrium triple 
point). Black bold lines are equilibrium free energy lines for extended chain orthorhom¬ 
bic and hexagonal crystals, (.) are the free energy lines for folded-chain 

orthorhombic crystals possessing different thickness 1 1 > 1 2 > 1 3 , (-) 

are the free energy lines for folded-chain hexagonal crystals possessing different thick¬ 
ness h > l 2 > h- 


If an orthorhombic folded-chain crystal with thickness l , discontinuous line in 
Fig. 3.13, is heated at a constant pressure P, the corresponding free energy curve 
crosses the free energy curves of hexagonal folded-chain crystals. At the cross¬ 
ing point Ai, the crystal can transform from an orthorhombic into a hexagonal 
crystal structure since the decrease in free energy with increasing temperature, 
(dG/dT), is faster in the case of hexagonal crystals. This situation is encoun¬ 
tered during isobaric heating (see Fig. 3.11a). Upon annealing at temperature 
T, Fig. 3.11b, the hexagonal crystals thicken in order to decrease the Gibbs 
free energy towards the equilibrium value. However, during annealing and thick¬ 
ening at temperature T, the driving force (Gj£) x — Gh ex ) becomes smaller and 
the thickening process slows down and finally is arrested, for example at point 
A 2 . The driving force (G“ th — G ort h) at temperature T and point A 2 is higher 
than (Gj^ x — Gh ex ) and, consequently, the crystal could transform back into 
the orthorhombic crystal structure. Upon further heating, Fig. 11c, once again, 
the Gibbs free energy curve corresponding to the orthorhombic crystals crosses 
many times the Gibbs free energy curves of hexagonal folded-chain crystals. 
Consequently a transformation from orthorhombic into hexagonal crystals can 
appear again before the final melting into the liquid phase. 
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In the case of irradiated samples thickening during heating and annealing 
is hindered by the crosslinks present in the amorphous region of the lamel¬ 
lar morphology. Nevertheless, the transformation from the orthorhombic into 
the hexagonal phase during heating at pressures below the equilibrium triple 
point will occur at the crosspoint A1 (Fig. 3.13) because decrease of Free energy 
with increase in temperature is faster for the hexagonal crystals than for the 
orthorhombic ones. However, during isothermal and isobaric annealing, thick¬ 
ening in the mobile phase is arrested and melting proceeds via the same line 
corresponding to the free energy of the hexagonal folded chain crystals having 
thickness I 3 for the hexagonal crystal. Due to the absence of lamellar thickening 
the triple point of the P-T phase diagram stays “arrested” at the lower values 
of pressure and temperature (position Q°° in Fig. 3.12), implying that the shift 
in the triple point is related to the crystal size. 

The authors hasten to add that the above explanation refers only to ther¬ 
modynamic parameters. The rate of transformation from the orthorhombic into 
the hexagonal crystals and vice versa, however, is dependent on kinetic barriers 
between the two crystal structures as stated in the thermodynamical section 
discussed above. The transformation from the orthorhombic into the hexagonal 
crystal structure involves nucleation and growth [22] and consequently, the oc¬ 
currence of a metastable hexagonal phase and the rate of transformation from 
orthorhombic into the hexagonal crystal structure and vice versa, is system de¬ 
pendent and will depend upon parameters like the initial morphology such as 
crystal thickness, molar mass and pressure. In fact, preliminary experiments on 
other solution-crystallized polyethylene samples, for example a fractionated sam¬ 
ple kindly provided by the National Institute of Standard Technology, possessing 
a M w of 32 kg.mole -1 and a molecular weight dispersion of 1.11, showed that 
a metastable hexagonal phase appeared at even lower pressures, for example as 
low as 1 kbar. 

3.3.5 Implications to Crystallisation at Atmospheric Pressure 

The observations summarised above, together with the Region III in the pro¬ 
posed schematic pressure-temperature phase diagram (Fig. 3.1b) raises further 
implications in our understanding of crystallisation at atmospheric pressure. Our 
observations have been that, even below the equilibrium triple point, crystalli¬ 
sation always proceeds via the phase which grows fastest even if it is not a 
thermodynamically stable phase, obeying Ostwald’s stage rule. In the proposed 
schematic phase diagram in Fig. 3.1b, region III is defined as the region between 
the melting temperature of the hexagonal and the orthorhombic crystals within, 
the pressure-temperature phase diagram. 

Below the equilibrium triple point in the pressure-temperature phase dia¬ 
gram, melting of the crystals that have transformed from the hexagonal to the 
orthorhombic phase occurs directly without transformation; an observation in 
contradiction to the anticipated melting behaviour above the triple point. The 
difference between the melting temperature for the orthorhombic and the hexag¬ 
onal crystals increases with the decreasing pressure. Thus below the equilibrium 
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triple point a crystallisation temperature can be defined by at least two super¬ 
coolings, one from the melting temperature of the hexagonal phase and the other 
from the orthorhombic phase. Since the difference between the melting temper¬ 
atures for the orthorhombic and the hexagonal phase increases with decreasing 
pressure and the melting temperature for the orthorhombic phase is higher than 
the hexagonal phase, the supercooling defined from the orthorhombic phase is 
always higher than the one defined from the hexagonal phase. Figure 3.14 shows 
the opening of region III with decreasing pressure for two different sharp fraction¬ 
ated molecular weights of polyethylene synthesised at the laboratory scale, ob¬ 
tained from NIST. The data point shown in the phase diagram has been obtained 
by in-situ melting of the single crystals (extended chain as confirmed later by 
electron microscsopy) under isobaric conditions [17]. Since the melting points for 
the hexagonal and the orthorhombic crystals, within the pressure-temperature 
region explored so far, falls along the straight line an estimation of the difference 
in the melting temperatures versus pressure can be made. The estimated value 
for the difference in the melting temperatures of the extended chain crystals 
(as confirmed by Transmission Electron Microscopy) of the orthorhombic and 
the hexagonal phase against decreasing pressure amounts to 4.375 K/kbar. The 
value of 4.375 K/kbar extends from the experimentally measured triple point of 
approximately 3.5kbar for NIST SRM1483 (M w = 32000, M w /M n = 1.11). On 
extrapolating the value from the measured triple point to atmospheric pressure 
the difference between the melting temperatures for the extended chain crys¬ 
tals of the hexagonal and the orthorhombic phase amounts to approximately 
15 K. If we consider the extension of our viewpoint on Region III (defined as no 
crystal growth region) to atmospheric pressure we are forced to the suggestion 
that at least 15 K supercooling from the equilibrium melting temperature of the 
orthorhombic crystals would be required for crystallisation to occur. It means 
that if we consider the equilibrium melting temperature of polyethylene to be 
145°C, the minimum temperature required for crystallisation would be 130°C. 

Crystallisation in the hexagonal phase requires much lower supercooling (like 
1 K) in comparison with the orthorhombic phase. For crystallisation in the hexag¬ 
onal phase the supercooling is defined from the melting temperature of the 
hexagonal crystals. The lower supercooling for the hexagonal crystals is justified 
because of the much lower end surface free energy desired for the crystallisation 
to occur in the hexagonal phase. On considering the extrapolation of “no growth 
region III” to atmospheric pressure the melting temperature of the hexagonal 
phase would be in the vicinity of 130°C, for infinite crystals in an unconstrained 
bulk. 

On taking in view the decreasing residence time of crystals in the hexago¬ 
nal phase with decreasing pressure, a transformed crystal at a high nucleation 
point for other crystals, and low energy barrier required for crystallisation to 
occur into the hexagonal phase, suggests a possibility of crystallisation starting 
via the hexagonal phase. The crystal on transformation to the thermodynam¬ 
ically stable orthorhombic phase favours the growth of other crystals, leading 
to formation of spherulitic morphology (as discussed earlier). The hexagonal 
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Fig. 3.14. Pressure-temperature phase diagram for two different sharp fractionated 
polyethylenes (NIST SRM 1483, Mu = 32000, Mu / M n = 1.11 and NIST SRM 1484, 
Mu = L20000, Mu, / M n = 1.2) obtained by in-situ melting of the single crystals at 
the isobaric conditions. 


phase leads to a unique tapered morphology at elevated pressures and evidence 
in single crystals for such a unique tapered morphology has been also reported 
atmospheric pressure [32]. 

Recently, in paraffins like hexadecane it has been reported that crystalli¬ 
sation always proceeds via a transient metastable rotator phase before trans¬ 
formation into the thermodynamically stable triclinic phase sets in. Sirota and 
co-workers [33] have reported these findings for the first time, showing the influ¬ 
ence of a metastable phase in crystallisation of paraffins independent of even or 
odd number of carbon atoms. The observations with paraffins strongly support 
the above stated hypothesis, especially in polyethylene. 

Similar observations on the influence of the mesophase in the early stage of 
crystallisation have been made for nylons [34], poly-di-alkyl siloxanes [35] and 
trails-1,4-polybutadiene [27]. 

Referring to a series of observations on polymers and paraffins we have tried 
to strengthen the viewpoint that polymer crystallisation from the melt can often 
proceed via a transient phase which grows faster and has a lower nucleation 
barrier due to low surface energy in comparison to a thermodynamically stable 
phase. Several other examples are also known in a range of inorganic and organic 
materials where a material crystallises via a metastable phase when cooled from 
the melt. In such a class of inorganic or organic materials a metastable phase may 
remain stable indefinitely and for very large undercoolings. However, if a nucleus 
is formed a metastable phase is transient in nature and is bound to transform 
into the thermodynamically stable phase. In polymers, where a folded-chain 
crystal is not a thermodynamic stable entity, it is forced to thicken, to minimise 
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its surface free energy. In this process, a crystal which possess small dimensions 
has a stable phase, when grown, may no longer be a stable phase [36]. In this 
respect polymers fall into a unique class of materials. 

It is important to mention at this point that our views are limited to polymer 
crystallisation from the melt. We do not have any evidence for crystallisation 
starting via a transient (or metastable) phase during growth of a crystal from 
solution. In that respect the existing theories of Hoffman and Weeks, Sadler- 
Gilmer for polymer crystallisation should hold well and good for crystallisation 
from solution. However, in melt crystallisation where a transient phase can play 
a prominent role in the early stages of crystallisation, a theory proposed by 
Hikosaka [37] can be easily extended for the purpose. 

3.3.6 An Application of Enhanced Chain Mobility in the Transient 
Phase of Ultra High Molecular Weight Polyethylene 

The observation of the hexagonal phase below the equilibrium phase diagram 
could be of great significance, mainly due to the enhanced chain mobility within 
this phase. Considering the feature of enhanced chain mobility within the hexago¬ 
nal phase, processing of polyethylene via this phase could become feasible within 
an experimentally accessible pressure and temperature range, in particular for 
ultra-high molecular weight polyethylenes (UHMW-PEs). UHMW-PE powder 
is considered to be intractable via conventional processing routes for polymers 
due to the excessively high melt-viscosity. Polymer melts are highly viscous and 
the viscosity strongly increases with increasing molar mass, given by [38] 3 : 

log?7o = C + 3.4 log M w . (3.9) 

Equation (9) is a universal relationship, where r/ Q is the zero-shear viscosity, 
C is a constant depending on the polymer architecture and M w is the weight- 
average molar mass. Similar to viscosity, the reptation time is also strongly 
dependent on the molecular mass, given by the mathematical expression [39]: 

r r oc M 3 ' 4 . (3.10) 

Thus with increasing molar mass the reptation of the chain from one point to 
the other becomes increasingly difficult for high molar mass melts. Consequently 
products based on UHMW-PE, usually processed by compression-moulding, pos¬ 
sess fusion defects within the bulk material usually referred to as grain bound¬ 
aries. 

On the other hand, mechanical and physical properties of polymeric materials 
are also highly dependent on the molar mass. In this respect, UHMW-PE is a 
well-known type of polyethylene possessing excellent mechanical properties such 
as wear and friction characteristics compared with any other polymer material. 

3 For a detailed discussion of the chain length dependence on polymer crystallization, 
see the contribution by Okui on page 343 in this book. 
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Due to this reason UHMW-PE is selected as the material of choice in high- 
performance products such as hip- and knee-joint prostheses. In both types of 
artificial joints, a UHMW-PE part is used as an interface between human body 
and metal component of the artificial joint. However, the limited lifetime of 
the artificial joints is related to the failure within the UHMW-PE component. 
Improper fusion of the UHMW-PE particles is considered as an important issue 
in extending the lifetime of the artificial joints. 

Figures 3.14a and 3.14b show the optical micrographs (using phase con¬ 
trast technique) of cut-cryo thin sections from as-recieved and used (for 7 years) 
UHMW-PE hip cups respectively. Grain boundaries related to the original UHMW- 
PE powder particles can be observed in both hip-cups though it is much more 
pronounced in the used UHMW-PE cup, Fig. 3.15. Similar grain boundaries are 
seen in the UHMW-PE inlays used in knee-joint prostheses where it has been well 
documented that cracks propagate through the improperly fused grains causing 
delamination [40]. 


fa) 


ICOum 


Fig. 3.15. (a and b) Optical micrographs of thin sections of new and used (7 years in 
the active patient ) hip cups respectively. Thin sections of approximately 5 |tm thickness 
were prepared by cryo sectioning the samples of the hip cups. Scale bar: 100 |tm. 



From the series of studies reported above, it has emerged that in the pressure- 
temperature phase diagram of polyethylene the presence of the hexagonal phase 
is strongly dependent on initial crystal size. Ongoing research activity in our 
group suggests that during polymerisation at relatively low temperatures (lower 
than the dissolution temperature) small metastable folded chain crystals of 
UHMW-PE can be obtained directly on the catalyst surface. The obtained 
“nascent morphology"" of the folded chain crystals exhibits the hexagonal phase 
even at pressures of 1 kbar [28]. Taking this into account a novel route has been 
developed to process grain boundary free products of UHMW-PE. The optical 
micrographs of fully grain boundary free materials are shown in Fig. 3.16. 

Since crystal formation is a process for chain disentanglement, because of the 
enhanced chain mobility along the c-axis in the hexagonal phase, the phase has 
been also used to disentangle chains in UHMW-PE. At this stage it is important 
to mention that the sintering of UHMW-PE powder particles is a combination of 
a chain disentanglement process and crystal size finally achieved before melting 
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(b) 



(c) 


Fig. 3.16. Optical micrographs of thin sections of compression-moulded nascent 
UHMW-PE. (a) The compression moulded nascent UHMW-PE at 0.8 kbar, heated 
to 205°C before being cooled to room temperature. (b) The compression moulded 
nascent UHMW-PE at 1.0 kbar, heated to 205° C before being cooled to room temper¬ 
ature. (c) The compression moulded nascent UHMW-PE at 1.2 kbar, heated to 220°C 
before being cooled to room temperature. Scale bar: 50 |im. 


— a requirement to increase the radius of gyration on melting, especially at the 
interface of the powder particles. This is a desired condition to overcome the 
problem of “grain boundary” in UHMW-PE. Ward and co-workers have also 
shown that the hexagonal phase can be used for disentanglement of chains in 
UHMW-PE [30], 

If the polymerisation temperature is lower than the crystallisation temper¬ 
ature, a growing chain on the catalyst surface will immediately crystallise and 
fold, leading to disentangled chains. In this respect the disentangled nascent 
morphology also favours the sintering of UHMW-PE. 
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3.4 Conclusions 

From the experimental observations reported in this article and elsewhere, it has 
emerged that in polyethylene even in the thermodynamic stability region for the 
orthorhombic phase crystallisation always starts via the hexagonal phase. The 
crystal growth occurs simultaneously in the lateral and the thickening direction. 
In this article it has been shown experimentally and mathematically that a crys¬ 
tal initially in the stable hexagonal phase, will be no longer thermodynamically 
stable when fully grown. The crystal, in the thermodynamically metastable state, 
continues to grow until a nucleus for the orthorhombic phase is formed. Once the 
nucleation barrier is overcome, the nucleus thus formed spreads over the whole 
crystal and further crystal growth is arrested. The residence time for the crys¬ 
tals in the hexagonal phase decreases with decreasing pressure and increasing 
supercooling. 

The growth of a polyethylene crystal after its transformation from the hexag¬ 
onal to the orthorhombic phase has been followed. The experimental observations 
are that a crystal transformed in the thermodynamically stable orthorhombic 
phase promotes the nucleation of many crystals. At the initial stage of crystalli¬ 
sation, the newly formed crystals, formed on the basal plane of an orthorhombic 
crystal, are in the hexagonal phase. However, for the same pressure-temperature, 
an isolated crystal growing in the hexagonal phase, stays in the metastable state 
for a longer time when compared with a crystal growing in the hexagonal phase 
on the surface of the transformed orthorhombic crystal. This is because in the 
latter a nucleus required for the transformation from the hexagonal to the or¬ 
thorhombic phase already exists. These observations further strengthen the hy¬ 
pothesis that solid-solid transformation from the hexagonal to the orthorhombic 
phase is a nucleation-controlled phenomenon. Further, from a series of optical 
micrographs, it is evident, that no crystals are formed in the vicinity of a crystal 
growing within the hexagonal phase. 

The issues of primary thickening and secondary thickening have been also 
invoked. From a series of electron micrographs presented in this article, it can be 
concluded that with increasing supercooling, at a fixed pressure, regular stacking 
of crystals becomes prominent, as viewed edge-on. These observations strongly 
suggest that dislocation formation on the surface of the growing crystal is much 
easier to form at the higher supercoolings. 

The observations like multilayering in the hexagonal phase and the over¬ 
growth of crystals on the newly transformed crystal in the orthorhombic phase, 
considered in the wider generality, can give further insight in the formation of ax- 
ialites at low supercoolings and spherulite formation at the higher supercooling 
at the atmospheric pressure. 

The experimental observations summarised in this article have relevance to 
polymer crystallisation in general, especially on crystallising from the melt. In 
this article, it has been proposed that the Region III (i.e. no growth region) 
in the pressure-temperature phase diagram for polyethylene can be extended to 
atmospheric pressure. Region III has been defined as the region lying between 
the melting temperature for the hexagonal phase and the orthorhombic phase 
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below the triple point. A simple calculation provided in the article shows that the 
extension of the Region III to atmospheric pressure, accounts for 15°C difference 
in the melting temperature for the hexagonal and the orthorhombic crystals. On 
considering the no growth region at atmospheric pressure and the experimental 
observations that crystallisation always start in the hexagonal phase, suggests 
that at least 15°C supercooling will be required for the crystallisation to occur at 
the atmospheric pressure. It is to be noted that the supercooling here is defined 
from the equilibrium melting temperature for the orthorhombic crystals (145°C). 
The proposed viewpoint is in agreement with the well accepted experimental 
observations. 

With the series of experiments we have stated that the crystallisation in 
polyethylene, from the melt, should occur via a phase which grows faster though 
it may not be thermodynamically stable when fully grown. At this point it 
needs to be mentioned that the end surface free energy and the minimum thick¬ 
ness required for crystallisation to occur in the hexagonal phase is lower than 
the orthorhombic phase. Therefore, because of both thermodynamic and kinetic 
reasons, the formation of the nucleus in the hexagonal phase will be relatively 
easier than in the orthorhombic phase. 

The observations on polyethylene have been extended to other polymers like 
nylons, trans-1,4 polybutadiene, paraffins, poly-di-alkyl siloxanes, polyesters etc. 
where observations similar to those with polyethylene have been reported. The 
fundamental basis laid out in the article, especially the issue of phase rever¬ 
sal with crystal size, has been extended for applications like sintering of ul¬ 
tra high molecular weight polyethylene. Recently, Andrew Keller and Stephen 
Cheng together [41] have published a review article expressing their views on 
the metastable phases of polymers, having implications in the condensed matter 
physics. 
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Abstract. The mechanisms of recrystallization after melting during a heating scan 
of both syndiotactic polypropylene (sPP) and isotactic polystyrene (iPS) were stud¬ 
ied. This was done by monitoring the structure evolution during the recrystallization 
process and its changes during a subsequent heating scan via time-and temperature- 
dependent SAXS measurements, respectively. The results of this study showed that sPP 
samples exhibited a recrystallization mechanism similar to the multi-stage route found 
upon initial crystallization of semicrystalline polymers from an entangled melt. Mean¬ 
while, a different recrystallization mechanism was shown by iPS samples. In this case, 
the recrystallization process proceeded as a direct growth into the melt in a one-step 
process. This is the first time we have observed such a mechanism which resembles the 
picture presented by the classical models for crystallization from an entangled polymer 
melt. 


4.1 Introduction 

Crystallization in polymers is a process that involves some structural organiza¬ 
tion of a polymer melt (melt-crystallization) or an amorphous glassy polymer 
(cold-crystallization) leading to a composite semicrystalline structure comprised 
of crystalline and amorphous regions. During this process a hierarchy of or¬ 
dered structure develops which in turn controls the physical properties of the 
polymer. Such a structure can be varied depending on the crystallization condi¬ 
tions. Therefore, understanding the molecular mechanisms which are provoked 
by this process is essential to establish long-sought-after relationships between 
processing conditions, structure and property for semicrystalline polymers. In 
an attempt to meet this objective several models have been proposed [1,2,3]. 
Among these models the one which was developed by Hoffman and Lauritzen 
has been used the most by the workers in this field in a way that made it to be 
seemed as a conventional wisdom in this respect. However, in the recent years 
this model has increasingly come under criticism as previously inaccessible infor¬ 
mation become available due to the employment of new experimental techniques. 
One of the early observations which indicated the inadequacy of this model was 
presented by Kanig. The TEM images taken for the early stage morphology of 


G. Reiter, J.-U. Sommer (Eds.): LNP 606, pp. 48—63, 2003. 
(c) Springer-Verlag Berlin Heidelberg 2003 



4 Crystallization Mechanisms 


49 


a crystallizing PE did not look anything like continuous lamellae as would be 
expected according to this model [4]. The Hoffman Lauritzen model also stopped 
short of explaining the results of a series of time- and temperature-dependent 
SAXS measurements that we have performed on several semicrystalline poly¬ 
mers [10,11,12,13]- These measurements showed that simple well-defined rela¬ 
tionships between the crystallization temperature, the melting temperature and 
the crystal thickness were always found for each polymer. When they are repre¬ 
sented in the form of a state-diagram, by plotting both the melting temperature 
and the crystallization temperatures versus the reciprocal of the crystal thickness 
on the same graph, two different straight lines are found: the ‘melting line’ and 
the ‘crystallization line’, which intersect each other at a finite crystal thickness. 
The ‘melting line’ describes the crystal thickness dependence of the tempera¬ 
ture of the phase transition from the crystalline to the melt state according to 
Gibbs-Thomson relation. Similarily the crystallization line represents a phase 
transition line of another transition. We interpret it as a transition between 
some transient mesomorphic phase and an initial granular imperfect crystalline 
phase. This view is supported by direct space images obtained using both TEM 
and AFM techniques which show a blocky-like substructure of the crystalline 
lamellae. Other experimental findings which cannot be explained by the Hoff¬ 
man Lauritzen model include the following. IR-spectroscopic observations of 
chain conformations typical for the hexagonal phase at the crystallization onset 
of PE [5]. Direct AFM-real time observations of growing PE-lamellae showed 
variations in the individual growth rate between different lamellae and also for 
a given crystal as a function of time, they showed also structured growth faces 
which are far away from being flat [6,7] A Finally, oriented crystal growth was 
achieved by crystallizing in magnetic fields [8] 2 . This cites only a few of several 
new experimental findings (for more see [9]). Considering all these observations, 
the need for a new model which would be able to reconcile all these findings 
seems obvious. 

There are cases where crystallization might take place in conditions differ¬ 
ent from that of a quiescent entangled melt, such as that which takes place after 
melting during a heating scan. In this case, the crystallites present initially melt, 
concurrently the molten material undergoes a continuous process of recrystal¬ 
lization into thicker crystallites, which then melt at higher temperatures during 
a heating scan [14,15,16,17]. Initial crystallization from an entangled polymer 
melt can be thought of as a kind of separation process between crystallizable 
and noncrystallizable chain segments, which eventually form the crystalline and 
the amorphous regions, respectively. Whether this is due to only pushing of the 
entanglements and noncrystallizable entities aside by the growing crystallites [18] 
or to a disentanglement process, i.e. pulling out chains from their mutual entan¬ 
glements, the final product of the crystallization process is a ‘phase-separated’ 
structure of crystalline and amorphous regions. When such a structure melts, 
the phase-separated state is preserved for a certain period of time which re- 

1 for more details, see Chap. 6. 
for more details, see Chap. 5. 
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suits in a locally disentangled melt before it recovers its initial entangled state. 
Hence, if such a state lasts until recrystallization starts to take place, it would 
set in a locally disentangled melt, which is different from the initial homoge¬ 
neous entangled polymer melt. This might have considerable consequences on 
the crystallization mechanisms and the structure evolution. In order to evaluate 
this effect, we have performed a study on the crystallization after melting, i.e. 
recrystallization for two different polymers, namely syndiotactic polypropylene 
(sPP) and isotactic polystyrene (iPS). In this communication the results of this 
study will be reported first. Then a comparison will be drawn between struc¬ 
tures produced by recrystallization and those by initial crystallization in order 
to quantify the effect of the initial melt state on the crystallization mechanisms. 

4.2 Experimental 

4.2.1 Sample Characteristics and Preparation 

The study was performed on two polymers: syndiotactic polypropylene (sPP) 
and isotactic polystyrene (iPS) of molecular weights 176,800 and 400,000, respec¬ 
tively. Isothermally melt crystallized samples were prepared from sPP, whereas 
cold crystallized (annealed from the glassy state) samples were prepared from 
iPS. First, compact, void-free bars were prepared from the as-received material 
using a small-scale compression mould. This was done by melting the as-received 
pellets of sPP at a temperature of 190 °C and the powder of iPS at 250 °C for 30 
minutes under a slight pressure of 0.04 MPa, under vacuum. The bars were then 
left to cool slowly to room temperature. Then the bars were wrapped with either 
an acetate foil, in case of sPP, or an aluminium foil, in case of iPS, and loaded 
into a cylindrical sample holder which was then placed inside a temperature- 
controlled cell into the SAXS camera. The foil served as a seal to stop any flow 
inside the SAXS camera when the polymer melted. The temperature of the cell 
was controlled by an Eurotherm temperature controller, which made it possible 
to perform both isothermal crystallization and heating to the melt experiments 
inside the cell. 

For melt crystallization of sPP, each sample was melted at a temperature of 
190 °C under no pressure for 20 minutes. Then the temperature was dropped, 
as quickly as possible, to a desired crystallization temperature, T c . For iPS, cold 
crystallized samples were prepared by melting the sample first at 250 °C for 20 
minutes under no pressure and then quenching it into an ice/water mixture. Then 
the sample was transferred as quickly as possible to the temperature-controlled 
cell of the SAXS camera which was pre-set at a desired T c . When the samples 
completed their crystallization, they were subsequently heated to the melt in a 
stepwise manner. 

4.2.2 SAXS Measurements 

Instrumentation. Both time- and temperature-resolved SAXS curves were 
recorded to follow the structure evolution during an isothermal crystallization 
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and its changes during a subsequent heating to the melt. The measurements 
were performed using an evacuated compact Kratky camera attached to a con¬ 
ventional Cu X-ray tube. The scattering curves were registered using a position 
sensitive detector within a few minutes counting time. 3 


Data Analysis. The analysis of the SAXS data was based on the two-phase 
model which is explained in more detail elsewhere [19]. In brief, the SAXS curves 
were desmeared first using an algorithm developed in our group [20]. Then they 
were Lorentz corrected by multiplying the intensity data by q 2 . The correla¬ 
tion function, k(z), and its second derivative, k (z), were calculated from the 
corrected SAXS intensity curves, after subtraction of the background and the 
liquid-like contributions, using the equations: 

k 0) = 2(0 , 3 / cos(qz)4nq 2 £ (q)dq (4.1) 

r eV Zn ) JO 

" 2 f°° 

k\z) = 2(0 , 2 / [ lim q 4 £(q) - q 4 £(q)]cos(qz)dq (4.2) 

r 2 (2TT) A J o q >co 

where q is the scattering vector, q = 47rsin0s/A, &b denotes the Bragg angle, 
£{q) is the differential cross section per unit volume and r e is the classical elec¬ 
tron radius. In order to reduce the effect of both the noise and the truncation 
which arises from the finite measuring range, the expression between the brack¬ 
ets in (2) was multiplied by a Gaussian function of appropriate width . The 
interface distribution function (IDF) is directly related to the second derivative 
of the correlation function k (z). For such a two-phase layered system, the sec¬ 
ond derivative of the correlation function can be expressed as a series of the 
distributions of the distances between the interfaces [21]: 

k 0 ) = ~Y^P C e - Pe) 2 i h a(z) + h c (z) - 2h ac (z) + h aca (z) + h cac (z)....\ (4.3) 

where O ac is the area of the interface separating the crystalline and the amor¬ 
phous regions per unit volume, p c e and p“ are the electron densities of the crys¬ 
talline and the amorphous phases, respectively, h a and h c are the distributions 
of the thickness of the amorphous and the crystalline layers, respectively and h ac 
is their sum which is identical to the long period. Furthermore, the asymptotic 
behaviour of the scattering curve for such a two-phase system can be described 
by: 


lim £(q) 


P 

(q/2 tt) 4 


where P is the Porod coefficient and given by: 


P 


^3° aC (Pe ~ PeT 


(4.4) 


(4.5) 


3 For an illustration of structure analysis in crystallized polymers, see Fig. 15.1 in 
Chap. 15 on page 275. 
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As both sPP and iPS have crystallinities lower than 50%, which has been 
checked by comparing the DSC heat of fusion with the linear crystallinities, and 
do not show a solid state lamellar thickening, the peak position of the k (z) 
curve has been assigned to the crystal thickness. The long period within the 
lamellar stack, L, was calculated from the Bragg peak of the Lorentz corrected 
curves. 

4.3 Results 

Figs. 4.1 and 4.2 show examples of the desmeared Lorentz corrected SAXS in¬ 
tensity curves at different times during an isothermal crystallization, and at 
different temperatures during a subsequent heating to the melt, for both sPP 
and iPS. The quality of the SAXS curves during the isothermal crystallization of 
the iPS samples collected over a time of 100 seconds was not as good as that of 
the sPP curves due to its lower scattering efficiency. However, when the counting 
time was increased up to 15 minutes for the subsequent heating measurements, 


(a) 



q / nm' 1 

Temperature / °C 
-157 



q / nm' 1 

Fig. 4.1. The desmeared Lorentz cor¬ 
rected SAXS curves for a sPP sample 
during (a) an isothermal crystallization 
at 115 °C (b) a subsequent heating 


(a) 


(b) 




Fig. 4.2. The desmeared Lorentz cor¬ 
rected SAXS curves for a iPS sample dur¬ 
ing (a) an isothermal crystallization at 
155 °C (b) a subsequent heating 
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Fig. 4.3. The second derivative of the correlation function for a sFP sample during (a) 
an isothermal crystallization at 115 °C(b) a subsequent heating 


the quality was improved considerably, as it can be seen in Fig. 4.2b. During 
the isothermal crystallizations of both polymers, the intensity increased with 
time, meanwhile the peak position was almost constant during the whole crys¬ 
tallization time. During the heating scan, the peak position kept constant up 
to a certain temperature and then it was shifted to lower values of q for both 
polymers. 

Figs. 4.3 and 4.4 show examples of the k. (z) curves during an isothermal 
crystallization and a subsequent heating for both polymers. The marked peak 
represents the crystal thickness. d c , for both polymers as explained earlier. The 
long periods, calculated from the SAXS curves of Figs. 4.1 and 4.2, and the 
crystalline thicknesses extracted from the curves of Figs. 4.3 and 4.4, are shown 
in Figs. 4.5 and 4.6, respectively. One can see that, apart from a short ini- 























54 


Mahmoud Al-Hussein and Gert Strobl 



0 5 10 15 20 25 30 35 



z / nrn 


Fig. 4.4. The second derivative of the correlation function for an iPS sample during 
(a) an isothermal crystallization at 155 °C (b) a subsequent heating 


tin I period, L was constant during the whole isothermal crystallization for both 
polymers. During heating, however, it started to increase continuously after a 
certain temperature. The crystal thickness showed a similar behaviour also. It 
kept constant throughout the isothermal crystallization, showing no signs of ei¬ 
ther lamellar thickening or the development of a multi-lamellar population, for 
the two polymers. On heating, d c kept constant first up to a certain temperature 
and then it started to increase. For iPS, the increase in L arid d c started at about 
the same temperature, for sPP, however, there was a clear difference, the crys¬ 
tal thickening started at a higher temperature. It is also worth noting that the 
crystal thickening during the heating scans was accomplished by two different 
fashions in the two polymers. sPP showed a discrete (jump-like) increase, while 
a smooth continuous increase was shown by iPS. 
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Fig. 4.5. The development of the long period, L, and the crystal thickness, d c , for a 
sPP sample during (a) an isothermal crystallization at 115 °C(b) a subsequent heating 





The results of such measurements for samples crystallized over a wide range 
of T c are summarized in the form of state diagrams as shown in Fig. 4.7. It can 
be seen from these diagrams that the variation of d c with temperature is In¬ 
dependent. For sPP, all samples crystallized at temperatures lower than 130 °C 
showed the same behaviour of a jump-like increase after a certain temperature. 
Samples crystallized at temperatures of 130 °C or higher, however, showed no 
change in d c up to the melt. In the case of iPS, samples crystallized at tem¬ 
peratures lower than 220 °C showed a continuous increase in d c after a certain 
temperature, while those crystallized at 220 °C or higher showed no changes 
prior melting. 

The behaviour which was shown for moderate and low crystallization temper¬ 
atures can be understood in terms of melting-recrystallization processes which 
take place during a heating scan. As the temperature was increased during a 
heating scan, the crystal thickness kept constant up to the melting temperature 
of the initial lamellae, Tf , concurrently recrystallization took place and resulted 
in thicker lamellae as demonstrated by the increase in d c at increasing tempera¬ 
tures, whether it was jump-like or continuous. Recrystallization is a heating-rate 
dependent process and the location of the melting endotherm of the recrystal¬ 
lized lamellae is also set by the heating rate. At the effective heating rate used 
in the SAXS experiments, samples crystallized at high T c ’s, higher than 130 °C 
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Fig. 4.6. The development of the long period, L, and the crystal thickness, d c , for a 
iPS sample during (a) an isothermal crystallization at 155 °C (b) a subsequent heating 


for sPP and higher than 220 °C for iPS, did not have time to recrystallize after 
melting. 

In order to evaluate the mechanisms of recrystallization in both polymers, 
we carried out a number of ‘temperature-jump’ experiments. In these experi¬ 
ments, samples from both polymers were first isothermally crystallized at dif¬ 
ferent crystallization temperatures. After the crystallization was completed, the 
temperature was raised quickly to a new temperature (temperature-jump) in 
the melting-recrystallization range of the lamellae formed upon initial crystal¬ 
lization. Then the structure formation during the recrystallization process, at 
the new temperature, was followed by time-dependent SAXS measurements. For 
sPP, two different temperature-jump experiments were carried out, namely 115 
to 147 °C and 115 to 149 °C. For iPS, the experiments 155 to 205 °C and 155 
to 215 °C were performed. Here the first temperature represents the isothermal 
crystallization temperature and the second temperature represents the jump 
temperature at which recrystallization took place. Fig. 4.8 shows typical exam¬ 
ples of the kinetics of the recrystallization for both polymers. It can be seen that 
the whole recrystallization process can be followed in case of sPP, whereas it was 
too rapid in iPS case as it was completed within the minimum time available to 
record a SAXS curve, which was 100 seconds. One can also follow the structure 
development, as demonstrated by d c , during the recrystallization process. This 
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Fig. 4.7. Variation of d c 1 during heating scans subsequent to isothermal crystalliza¬ 
tions at the indicated T c ’s for (a) sPP (b) iPS 


was more obvious for the sPP case as shown in Fig. 4.9. The crystal thickness 
showed a gradual increase in the early stages of the recrystallization, which then 
kept more or less constant afterwards. This might be due to the fact that at 
the onset of the recrystallization process, there would be only a small number of 
the new recrystallized thick lamellae together with some persisting (non molten) 
thinner initial lamellae. Therefore, at this stage the detected crystal thickness 
would be the superposition of both the initial and the recrystallized lamellae 
thicknesses. At increasing time, more new thick lamellae would be produced by 
the recrystallization process. Consequently, the contribution of the crystal thick- 
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Fig. 4.8. The kinetics of the recrystallization process obtained by following the Porod 
coefficient of (a) a sPP sample at 149 C (b) a iPS sample at 205 °C 


ness of the new lamellae to the detected crystal thickness would dominate. To 

monitor the evolution of the thickness of the recrystallized lamellae only during 

// . . 

the recrystallization process, the interface distribution curve, k (z), associated 
with the persisting lamellae, of point p in Fig. 4.8a, was subtracted from the 
subsequent interface curves during the recrystallization. As shown by (2), k (z) 
varies linearly with both h c and h a and normally the cross terms are insignif¬ 
icant and do not affect the first peak, therefore, the subtraction can be done 
without any loss of generality. Point p was chosen as it represents the point from 
which onward the recrstallized lamellae started to grow. The results are shown in 
Fig. 4.10. One can see that now the crystal thickness is kept constant throughout 
the recrystallization process, demonstrating that the new recrystallized lamel¬ 
lae show no lamellar thickening and supporting the interpretation given for the 
crystal thickness variation in Fig. 4.9a. 
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Fig. 4.9. The development of the crystal thickness, d c , during (a) a recrystallization 
of sPP at 149 °C (b) a recrystallization of iPS at 205 °C without the subtraction of 
the persisting lamellae effect 


In order to get some clues about the recrystallization mechanisms in both 
polymers, state diagrams similar to those of the initial crystallization were con¬ 
structed. This was done by plotting the recrystallization temperature versus the 
reciprocal of the crystal thickness of the recrystallized lamellae on the same 
graph which showed also the ‘melting line’, Tf versus d" 1 , and the ‘crystalliza¬ 
tion line’, T c versus d J 1 , of the initial crystallization of both polymers as shown 
in Fig. 4.11. It can be seen that for iPS the recrystallization points fell very close 
to the ‘melting line’ while for sPP, they were closer to the ‘crystallization line’. 
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Fig. 4.10. The second derivative of the correlation function for a sPP sample during an 
isothermal recrystallization at 149 °C after the subtraction of the persisting lamellae 
effect 


4.4 Discussion 

Before we discuss the mechanisms of recrystallization, we first start with a short 
review of the classical crystallization models. The two most common theoretical 
approaches for polymer crystallization are the surface nucleation model, formu¬ 
lated by Hoffman and Lauritzen [1], and the entropy-barrier model, formulated 
by Gilmer and Sadler [2]. Both of them are based on the consideration of kinetic 
processes on the lateral growth faces. They assume that the growth faces are 
comprised of a range of crystallites of different thicknesses, each of which lias 
a growth rate which depends on its thickness. The dominant thickness would 
be that which maximize the growth rate. This thickness is slightly greater than 
the minimum thickness for which the crystal is thermodynamically more stable 
than the melt. On the other hand, the growth rate itself is considered to result 
from the competition between the thermodynamic driving force for crystalliza¬ 
tion and a free energy barrier. The origin of this barrier is different according 
to the two models. In the surface nucleation model, it is due to the increase in 
the surface free energy as a molecule is deposited along the growth face. The 
entropy-barrier model, however, assumes that in addition to any surface free 
energy terms, attachment of a long-chain molecule in orderly fashion is slowed 





























4 Crystallization Mechanisms 


61 


(a) 

240 

220 

O 

200 
<u 

3 180 

ra 
0) 

Q- 160 
o 

l_ 140 
120 
100 

0.05 0.1 0.15 0.2 0.25 


d c _1 / nm ' 1 



d c 'V nm ' 1 

Fig. 4.11. The results of the T-jump melting-recrystallization experiments plotted into 
the state diagram for (a) sPP (b) iPS 



down as the molecule would explore many partially attached configuration first, 
whereby only a few of them allow a further growth. 

Despite this difference between the two models, both of them agree qualita¬ 
tively on the main scheme of forming a lamellar crystallite from an entangled 
polymer melt. Once a nucleus is produced within an entangled melt, it would 
grow into a lamellar crystallite by attaching stems along the growth face contin¬ 
uously. Therefore, each crystallite grows directly into the melt in a single step. 
This picture, as depicted by both models, does not reconcile with our main find- 
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ings as explained in the introduction section, whereby the formation and growth 
of the lamellar crystallites is a multi-stage process rather than a single one. 

Considering the state-diagrams of the recrystallization of both iPS and sPP, 
one finds two different behaviours. For iPS, one can see that the recrystallization 
points lied very near to the ‘melting line’. This is the first time we have observed 
such a behaviour. This is very much similar to what the classical models of crys¬ 
tallization predict and therefore the multi-stage route is no longer followed when 
recrystallization occurs in iPS. Thus, we conclude that recrystallization in iPS 
proceeds as a direct growth into the melt, without passing through any inter¬ 
mediate states. The situation was different for sPP where it showed a behaviour 
similar to that found normally for initial crystallization. The recrystallization 
points were away from the ‘melting line’ and closer to the ‘crystallization line’ 
of initial crystallization. 

As a concluding remark, we comment on the rationale behind these two dif¬ 
ferent mechanisms. A major candidate which can be thought of as responsible 
for this difference, is the initial melt state prior to crystallization. It is antici¬ 
pated that the state of the melt right after melting will be different from that 
of a quiescent entangled melt. When a crystallized sample melts, the regions 
which were crystallites before the melting would have less concentration of en¬ 
tanglements and other non crystallizable entities than those regions which were 
amorphous. This results in a locally disentangled melt which lasts for a certain 
period of time before it recovers its initial entangled state. This period is given 
by the time needed for the chains to diffuse (reptate) thermally between each 
other and eventually the entangled melt state will be restored [22]. This time is 
expected to depend on the chain structure, as linear flexible chains would diffuse 
easier than semi-rigid chains with bulky side groups. Therefore, on would expect 
that the partially disentangled melt state would last longer in iPS than in sPP. 
From the recrystallization kinetics presented in Fig. 4.9, it is evident that the 
recystallization process in iPS was indeed faster than that in sPP. Therefore, it 
seems reasonable to assume that recrystallization sets in a locally disentangled 
melt in the case of iPS, while it sets in a more homogeneous entangled polymer 
melt in the sPP case. This might indicate a direct effect of the initial melt state 
prior to crystallization on both the crystallization mechanisms and the structure 
evolution during an isothermal crystallization. One may conclude that the multi¬ 
stage route is the general route for polymers which crystallize from an entangled 
melt or an amorphous state,while in the special case of a partially disentangled 
melt, the crystallization proceeds as a direct growth process. 
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Abstract. Observation of the magnetic alignment in polymeric materials provides a 
unique means to detect and analyze anisotropic structures, or mesophase, existing in 
polymer melts and/or forming during phase transitions because the anisotropic struc¬ 
tures usually exhibit diamagnetic anisotropy which is a driving factor of the magnetic 
alignment. In this chapter, we first describe general concepts of diamagnetic alignment, 
followed by an example of the detection and analysis of a mesophase occurring during 
crystallization from melt. Also, mesophase existing in a melt is demonstrated by means 
of magnetic alignment. Discussion is given about a possible alternative mechanism of 
magnetic alignment on the basis of the orientation dependent shift of melting point 
under magnetic fields. 


5.1 Introduction 

One of the points about recent discussion on polymer crystallization is whether 
mesophases are involved in the crystallization process. Experimental and theo¬ 
retical works have been reported so far regarding the existence and formation 
mechanism of mesophases [1,2,3,4,5,6,7,8]. 

Since polymeric systems are complicated, their phase could not be identified 
by only one global minimum in the phase space, but they might be described 
by one of local minima in the vicinity of the global minimum. Upon phase tran¬ 
sition, starting from an initial state, the system passes through a number of 
local minima with relatively high energy before reaching one of local minima 
corresponding to the final phase. In this view, it is intuitively acceptable that a 
polymer melt passes through mesophases before it reaches a crystalline phase. 

Complexity of polymeric systems in association with long relaxation times 
causes memory effects. Polymer chains assume a random conformation in a dilute 
solution, where all memories, possessed before dissolution, are lost. However, in 
most other situations including crystalline phases, liquid crystalline phases, glass 
phases, and even molten phases, polymer chains could retain their memories 
that are inherited from the preceding processing and thermal histories, or even 
a history traced back to polymerization. Memory of ordered structures in solid 
phases could be an origin of mesophases in molten states or in concentrated 
solutions for example. They may disappear upon sufficient heating or dilution. 
It is not known at present whether these mesophases are a thermodynamically 
stable one or just a transient one because the relaxation time is very long. We 
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believe that melting is an important issue when crystallization from melt is 
studied because the crystallization process bears whole previous history. 

Initial stages of crystallization have been studied by means of various tech¬ 
niques, including diffraction methods [9,10,11], spectroscopic methods [12,13,14,15], 
and others [16.17.18,19.20.21]. In addition to these techniques, we demonstrate 
in this chapter that observation of magnetic alignment of polymeric materials 
provides a novel means to detect and analyze mesophases. It is well known that 
liquid crystals undergo magnetic alignment [22,23]. The alignment is described 
as a rotation of anisotropic phase having diamagnetic anisotropy. Magnetic align¬ 
ment of liquid crystalline polymers can be understood in a same manner [24,25]. 
Mesophases possess diamagnetic anisotropy due to their structural anisotropy. 
Then, if they are formed during crystallization, they could align under magnetic 
fields and hence be detected. 

Use of magnetic held also provides a means to analyze mesophases from 
a different aspect than alignment. Under a high magnetic held, the onset of 
crystallization shifts to higher temperatures depending on mutual orientation of 
ordered structures with respect to the applied magnetic held [26]. The value of 
the shift reflects the entropy change of the transition, enabling to elucidate the 
ordered structures involved in the transition. 

5.2 Principle of Diamagnetic Alignment 

In this section are summarized basic con¬ 
cepts about the magnetic energy, the mag¬ 
netic torque, and the motion of a parti¬ 
cle under a magnetic held, which are nec¬ 
essary to understand the subjects in the 
subsequent sections. 

Let us consider a cylinder on two ends 
of which there are magnetic charges, +Q m 
and —Q m [Wb] as shown in Fig. 5.1. The 
charge density P m on the top surface is 
defined as 

Pm = Qm/S[Wb/rn 2 ] (5.1) 

where S is the area of the top surface and the direction of P m is parallel to the 
cylinder axis. The magnetic dipole moment p m is then defined as 

Pm = Q m l = Pm SI = P m U [Wb • m] (5.2) 

where l is the length and 1' is the volume of the cylinder. The quantities defined 
as P m //ro and p m /AA, where [ 1 q is the magnetic permeability of vacuum (47T x 
10~ 7 [Wb/(A m)]) are referred to as magnetization M and magnetic moment m. 
respectively, each related by 



Fig. 5.1. Magnetic charges on two ends 
of a rod, separated by distance l. 


m = I'M. 


(5.3) 
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Fig. 5.2. Cartesian coordinates used to calculating magnetization M of a particle hav¬ 
ing magnetic anisotropy. 


In the case of diamagnetic materials, the magnetization M is induced by an 
applied external magnetic held H. There is no magnetization in the absence of 
the external held. The strength of the induced magnetization is proportional to 
the held strength: 

M = yH (5.4) 

where the constant y is (volumetric) diamagnetic susceptibility which is negative 
and dimensionless. If a material is magnetically anisotropic, y is not a scalar 
but a tensor. All three principal components yi,X 2 , and X 3 of the tensor havq 
different values in general. However, for the materials with axial symmetry such 
as nematic liquid crystals and polymer fibers, only two of them are relevant. 
Namely, y | in the direction of the axis and y in the direction normal to the axis. 
Taking the coordinate system shown in Fig. 5.2, we obtain the magnetization M 
induced by the magnetic held, H = (H x , H y , H z ) as follows [22]: 

M = yH 

= y j_H x i + y j_H y j + y || (H • n)n 

= X±(^4i + # ! J) + X||(H-n)n (c . 

= X_l(H - (H • n)n) + y N (H • n)n 
= XJ.H + (y || - x_l)(H • n)n 
= yiH + y a (H • n)n 

where n is a unit vector parallel to the axis direction and y„ y || — y is the 
anisotropic diamagnetic susceptibility. 
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The applied magnetic field H exerts a magnetic torque N on the induced 
magnetic moment. This torque is expressed as 


N = m x jUoH = V M x /roH = V" yH x /roH 
= f>oXa(H • n)(n x H) 

1 XaH 2 cos 0 sin 0 <D 
= Vfi 0 XaB 2 cos 0 sin 0 CO, 


where (0 is a unit vector normal to n and H, and 0 is the angle between n and H. 
Approximation B = /ii , 11 is applied to derive the last line, where B[Wb/m 2 ] is 
the magnetic flux density. The same relation is applied hereafter. The dimension 
of N is [N m], if V is in [m 3 ] and B is in [T = Wb/m 2 ]. 

The increase of energy of a particle of volume 1' when it is put in a magnetic 
held H is given 


G = -J^m-nodH = -J^VM-nodH = - ff V x H • /n 0 dH 
= ~V fio fo CV l H + Xa { H • n)n) • dH 
= ~\V V o XJ-H 2 - y 0 Xa(n • H) 2 

= 1 X-L B 2 - ±V /Tq 1 Xa(n • B) 2 . 


The hist term in the last line shows 
that the magnetic energy increases 
in the case of diamagnetic materials 
(x_L < 0) and the second term indi¬ 
cates that the energy depends on the 
direction of the anisotropic axis with 
respect to the magnetic held (Fig. 5.3). 
If \ a is positive, for example, the par¬ 
allel alignment is energetically favor¬ 
able to the perpendicular alignment. 
The derivative of G with respect to the 
angle 0 leads to the magnetic torque 
given in Eq (6). For an isotropic ma¬ 
terial with < Xa >av= (x || + 2x_l)/3 
the above equation is reduced to G = 
—(l/2/io)F’ < X >av B 2 . If the held 
strength is not homogeneous, a mag¬ 
netic force F exerts on the material. 



Fig. 5.3. Magnetic free energy as a func¬ 
tion of the angle between the external mag¬ 
netic field and the axis parallel to the c// 
direction 


which is given by the derivative of G with respect to the coordinate (.r, y, z), ie.. 
F = -YG. If B = (0, 0, B z (z)), then F z = < x > av B z {dB z /dz). 


The difference in magnetic energy between the two alignment states, parallel 
and perpendicular to the held direction, is the driving force of the alignment. 
In a condensed phase, this difference in magnetic energy competes with the 
thermal energy that disturbs alignment. In order for the magnetic energy to 
overwhelm the thermal energy, the volume F of a particle should be sufficiently 
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large. For an estimation of the critical volume, the following criteria could be 
used for convenience: 

V >2kT^/\ Xa \B 2 (5.8) 

In Fig. 5.4, the critical volume expressed in linear dimension, for typical values 
°f Xa is plotted against the magnetic flux density B. 

Magnetic rotation of an anisotorpic particle in a viscous medium is described 
by the balance of the magnetic torque [24,27] and the hydrodynamic torque as 
long as the particle size satisfies Eq ( 8 ): 

L “ t =- Wo Vx ^ a2e < 59 > 

Here, L depends on the volume V, the viscosity rj of the medium, and the 
shape of the particle. This equation is solved to give a solution: 

tan 0 = tan &o exp(— t/r) (5.10) 

where 0q is the initial angle between n and B, and the alignment rate r _1 
expressed as 

T - 1 = (V/L) Xa B 2 /fio (5.11) 

In the case that a particle is a sphere, L = Sirrja 3 , then Eq (11) becomes 

= XaB 2 / ( 677 / 10 ) (5.12) 

It should be noted that the alignment rate does not depend on the volume 
of the particle. In Fig. 5.5 is plotted r for various values of the viscosity. In the 
case that the particle is a prolate ellipsoid, the alignment rate is a complicated 
function of the aspect ratio of the ellipsoid. Larger aspect ratios cause increase 
in time required for the alignment [27]. 

In this section, the condition necessary for the diamagnetic alignment has 
been described. Polymeric fibers and organic crystals are good examples that 
satisfy this condition. Diamagnetic alignment is well known in liquid crystals and 
liquid crystalline polymers, but it also occurs to polymeric systems in general if 
there are mobile anisotropic domains larger than a critical size. This means that 
anisotorpic domains occurring during a phase transition are detected by means 
of magnetic alignment. 

5.3 Mesophase Detected by Magnetic Alignment 

It is well known that liquid crystalline polymers [22,23,24,28,29,30,31,32,33] align 
under a magnetic held due to their anisotropic diamagnetic properties. However, 
few people imagined magnetic alignment of crystalline polymers because in their 
melt, there are no anisotropic structures necessary for the alignment, and in their 
solid phase, the viscosity is too high for crystallites therein to align. 
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Fig. 5.4. Critical size of a, particle neces- Fig. 5.5. Time necessary for the rotation 
sary for its magnetic energy to exceed the as a function the field strength, 
thermal energy plotted as a function of the 
field strength. 


We have so far reported that four crystalline polymers, poly(ethylene-2,6- 
naphthalate) (PEN) [34,35], isotactic poly (styrene) (iPS) [36], low molecular 
weight isotactic poly (propylene) (iPP) [37], and poly (ethylene terephthalate) 
(PET) [38], undergo magnetic alignment during melt crystallization. Magnetic 
alignment of paraffin has also been reported by us [39] and by Sirota [40]. We 
have found that the alignment starts before the formation of crystals detected 
by wide-angle X-ray diffraction. Recently, detailed studies [41] on iPP and PET 
have been carried out and revealed that the origin of the magnetic alignment is 
even traced back to anisotropic structures existing in the molten state above the 
melting point. The detail will be described in the later sections. Also reported are 
alignment of high molecular weight iPP [42] induced by the magnetic alignment 
of a nucleating organic crystal followed by epitaxial growth of polymer crystals 
on it, and alignment of poly(carbonate) [43] encouraged by reaction with organic 
salts. Cellulose triacetate cast from a solution has also been reported to undergo 
magnetic alignment [44]. 

In Fig. 5.6, a thermal his¬ 
tory applied to obtain magnetic 
alignment is shown [45]. A poly¬ 
mer film is heated from room 
temperature to the maximum 
melting temperature ( T max ) and 
melted for a while, then brought 
to the temperature (T c ) at 
which isothermal crystallization 
is carried out. Isothermal crys¬ 
tallization is not necessarily re- 



Fig. 5.6. A general thermal scheme applied to 
attain magnetic alignment. T m : melting point; 
T max : melting temperature; T c : crystallization 
temperature. 
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Fig. 5.7. Apparatus used to measuring in-situ birefringence 


quired: cooling from T max to the room temperature is in some cases enough to 
attain alignment. If T max is too high, alignment does not occur in the subsequent 
crystallization process. This fact is related to the melt structure discussed in the 
subsequent section. 

The development of the alignment is detected by an in-situ magnetic bire¬ 
fringence measurement as well as spectroscopic, optical, and X-ray diffraction 
methods carried out on the samples quenched at various periods of isothermal 
crystallization time. Figure 5.7 displays schematically a home-built apparatus 
for the in-situ magnetic birefringence measurement. The impinging light from a 
polarized He-Ne laser source is reflected by two mirrors to be led to the center of 
a vertical magnetic held (6 T) generated by an Oxford superconducting magnet, 
where a him sample sandwiched with two glass plates is set in a heating unit. 
The light passing through the sample is analyzed by an analyzer, finally reaches 
a photo-detector. The impinging polarizing light and the analyzer makes an an¬ 
gle of 90° (crossed polars) to each other, makes an angle of 45° with respect to 
the direction of the magnetic field. In this optical setup, the transmitting light 
intensity is expressed as 

I 2 « sin 2 (7rdA/?./A) (5.13) 

where A is the wavelength of the impinging light, d the sample thickness, and 
An birefringence. The quantity dAv is referred to as retardation. If the increase 
of An is so large that the retardation exceeds A/2, then the transmitting light 
intensity starts to oscillate. 

Here we focus on the results of magnetic alignment of PET [38]. Although 
the alignment behavior differs from polymer to polymer, PET exhibits most of 
the characteristic features common to other polymers. Pellets of PET (Mw = 
ca. 10,000. T m = 260 °C) supplied by Asahi Chemical were dried and pressed at 
290 °C for 5 min and quenched into ice water to obtain a pressed film. The films 
with thickness of 50 fin l and 100 fin l were prepared. The former was used for the 
in-situ birefringence measurement, and the latter was used for preparing samples 
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for which the isothermal crystallization were interrupted at various periods of 
crystallization time. 


Figure 5.8 shows the tempo¬ 
ral change of transmitting light in¬ 
tensity observed for the samples 
melted at T max = 270 °C followed 
by crystallization at 250 °C in the 
magnet and outside the magnet. 
Time zero corresponds to the time 
at which the temperature reaches 
the crystallization temperature. A 
sinusoidal change in transmitting 
light intensity, reflecting the in¬ 
crease in birefringence, is observed 
for the measurement under the 



magnetic held (6 T). 


Elapsed time / min 


To confirm that this sinusoidal 
behavior is really attributed to 
the magnetic alignment, samples 
quenched at various periods of 


Fig. 5.8. Temporal change of the transmit¬ 
ting light intensity measured for PET sample, 
caused by increase in birefringence. 


crystallization time were subjected 
to the optical azimuthal measure¬ 
ment. The azimuthal angle depen¬ 
dence of the transmitting light in¬ 
tensity is described by Eq (13). 
The azimuthal patterns of the sam¬ 
ples quenched at the crystallization 
times of 10 and 20 min shown in 
Fig. 5.9 satisfy Eq (13), demon¬ 
strating that the increase in trans¬ 
mitting light intensity around crys- 



|60min 

I23min 

I20min 

lOmin 

) 

(3.5min 


tallization time of 10 min is due to 0 90 180 270 360 


the alignment. At prolonged crys- Azimuthal angle / degree 

tallization times, the angular de- „ . r ,, 

, . . . Fig. 5.9. Optical azimuthal scans for the PET 

pendence becomes unclear because , , , , , , . ,, „ , , 

r _ samples heat-treated m the magnetic held, 

the multiple scattering due to the 

crystal formation occurs or the re¬ 
tardation happens to be close to the wave length of the impinging light. 

Figure 5.10 displays the X-ray diffraction patterns obtained for the quenched 
samples. No crystallites are formed until the crystallization time of ca. 20 min. 
This result, in conjunction with the result in Fig. 5.9 leads to the conclusion that 
it is not a crystalline phase detectable by X-ray diffraction but it is a mesophase 
that is responsible for the magnetic alignment. 
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Alignment of crystallites formed 
at later stages of crystallization 
is investigated by means of X-ray 
azimuthal scans along the (100) 
plane. Figure 5.11 shows that the 
samples quenched at 23 min and 
60 min exhibit an orientation. The 
samples quenched at earlier stages 
do not exhibit a crystal orientation 
because the crystallites detectable 
by X-ray diffraction are not formed 
yet. Since the crystal formation oc¬ 
curs in the later stage of crystal¬ 
lization where the viscosity starts 10 20 30 

to increase, it is difficult to con- 2 / degree 

elude that the crystal alignment is pig _ 5 . 10 . Wide-angle X-ray diffraction pat- 
due to the rotation of crystallites terns for the PET samples heat-treated in the 
formed. Instead, the observed crys- magnetic field, 
tal alignment could be attributed 
to the preceding alignment of the 
mesophase, which later transforms 
to crystals and/or acts as nuclei for 
the subsequent crystallization. 

The orientation manner of the 
crystallites is investigated using the 
X-ray azimuthal scans for various 
diffractions including those from 
the (010), (—110), and (100) planes 
(Fig. 5.12). In the figure, the 90° 
and 270° azimuthal angles corre¬ 
spond to the held direction. From 0 90 180 270 360 

these profiles, it is concluded that Azimuthal angle / degree 

the b*- and a*-axes are aligned ap- „ „ „ ^ r 

* lg. 5.11. X-ray azimuthal scans for the (100) 
proximatefy parallel and perpen- , 

plane ol the PE 1 heat-treated m the magnetic 
dicular, respectively, to the mag- g y 

netic held. As a result, the c*- 

axis is concluded to be aligned 

roughly perpendicular to the held (Fig. 5.13). These assignments of orien¬ 
tation, of course, are just approximations because the crystal type of PET 
is triclinic. The azimuthal prohles shown in the figure differ from those of 
liquid crystalline polymers where the azimuthal peaks of the magnetically aligned 
samples are in general much sharper. This is partially due to the cylindrical 
symmetry of the a*- and 6*-axes around the held direction. These axes are dis¬ 
tributed randomly on the plane normal to the held direction. 
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The resultant crystal alignment of 
PET provides an insight into the struc¬ 
ture of mesophase that is responsible 
for the magnetic alignment. The main 
source of the diamagnetic anisotropy 
of PET could originate from that of 
the benzene ring in the main chain. 

A benzene ring is energetically stable 
when the ring plane lies parallel to 
the magnetic held. In the crystalline 
phase, benzene rings are packed with 
their plane lying approximately within 
the bc-plane. Therefore, the diamag¬ 
netic susceptibility in the direction of 
the a-axis is the negative largest, caus¬ 
ing the alignment of the a-axis in the 
direction perpendicular to the applied 
magnetic held. Of course, the a-axis 
does not necessary coincide exactly with one of the three principal axes of dia¬ 
magnetic susceptibility tensor because the crystallographic axes and susceptibil¬ 
ity axes do not coincide in general. Suppose that the mesophase is of nematic 
nature, that is, a chain (or a number of chains forming a mesophase domain) has 
a cylindrical symmetry around the chain axis. Unlike in the crystalline phase, 
benzene rings in the nematic phase are twisted to each other around the chain 
axis (Fig. 5.14). As a result, the susceptibility perpendicular to the cylinder axis 
becomes the negative largest as average. As a result, the c-axis aligns parallel to 



Fig. 5.14. Schematic representa¬ 
tion of the PET chain confor¬ 
mation assumed in the nematic 
phase. 



Fig. 5.12. X-ray azimuthal scans for the 
(010), (-110), and (100) planes of the PET 
sample heat-treated in the magnetic field 
for xx min. 


Fig. 5.13. 
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the magnetic field. However, this is not the case for what we observe in Fig. 5.13. 
Therefore, the hypothesis that the mesophase is of nematic is ruled out. To con¬ 
clude, the structure of the mesophase might be described as a sort of disordered 
crystal that does not give rise to a wide angle X-ray diffraction, but still retains 
the crystalline nature in view of the magnetic anisotropy. 

We have demonstrated above that the analysis of the alignment manner of 
the crystal provides a powerful means to elucidate mesophase structures. How¬ 
ever, it should be noted that the mesophase structure determined by magnetic 
alignment, such as discussed above, is just one among many possible types of 
mesophases which could form during phase transition. As described before, mag¬ 
netic alignment starts to occur when the size and magnetic anisotropy of the 
mesophase domain, as well as the viscosity of the surrounding, reach a suitable 
condition. Some mesophases could not be detected under a given condition of 
the magnetic alignment. Or mesophases detected might differ depending on the 
thermal history experienced before the formation of the mesophase. in fact, in 
the case of PEN, the orientation distribution of crystal differs depending on the 
thermal history [46]. 

Several spectroscopic studies have been reported on the conformation changes 
occurring prior to the crystallization [13,15]. The mesophase formation during 
the induction period is supported by an in-situ Fourier transform infrared (FT- 
IR) spectroscopic study on PEN [14]. IR spectra assignable to the pure crystal 
and pure amorphous phases were identified using difference spectra between 
highly crystalline and highly amorphous samples. It allowed us to decompose 
a spectrum into the spectra corresponding to the crystalline, amorphous, and 
residual phases. We assume that the last phase corresponds to a mesophase. 
Figure 5.15 shows the spectra of these three phases. Figure 5.16 shows the result 
of the in-situ measurement of crystallization carried out without magnetic held. 
A press him sample was brought to a melt at 300 °C, followed by isothermal 



Fig. 5.15. FT-IR spectra of PEN, each corresponding to (1) crystal phase, (2) amor¬ 
phous trans conformation, and (3) gauche conformation. 



5 Polymer Crystallization Viewed by Magnetic Alignment 


75 


0.2 


crystallization at 255, 250, and 245 °C. Time zero corresponds to the time at 
which the temperature reached the crystallization temperature. We find in the 
figure that the mesophase formation precedes the crystal formation. 

Finally, some comments are ad¬ 
dressed regarding what was not men¬ 
tioned above about the magnetic align¬ 
ment of other polymers as well as PET. 
First, PET, once heated above T max 
= 280 °C for 5 min, does not undergo 
magnetic alignment in the subsequent 
cooling process down to the room tem¬ 
perature at 5 °C/min. [41] This is re¬ 
lated to the melt structure described 
in the next section. Second, magnetic 
alignment of iPP depends on molec¬ 
ular weight. A low molecular weight 
iPP aligns but a high molecular one 
does not. The same statement applies 
to poly (ethylene). Poly (ethylene) does 
not align, but its low molecular equiva¬ 
lence, paraffin, aligns very easily. How¬ 
ever, iPS (Mw of 400,000 seems high 
enough) undergoes magnetic alignment. The reason is not fully clarified at 
present, but it seems that the tendency of spherulite formation plays an im¬ 
portant role because spherulites prevent or destroy the alignment. If there are 
enough number of nuclei to prevent a formation of large spherulites, alignment 
could occur for polymers having strong tendency to form spherulites. 



100 150 

Time / min 


200 


Fig. 5.16. FT-1R absorbance correspond¬ 
ing to crystal phase and amorphous 
trans conformation, where contribution by 
gauche conformation is subtracted. 


5.4 Molten States 

In the previous section, we mentioned that if the maximum melting temperature 
Tmax is too high, no magnetic alignment occurs in the subsequent crystallization 
process. This suggests that the ordered structures in the solid phase could persist 
even in the melt up to a temperature above the melting point. 

Detailed analyses have been carried out on PET and low molecular weight 
iPP [41]. Here we focus on the results obtained for iPP. A similar analysis applies 
to PET as well. Pellets of low molecular weight iPP (SA002V, melt flow index 
= 240 g/10 min, supplied by Japan Polychem) were vacuum dried and heat- 
pressed at 200 °C for 10 min, followed by quenching in ice water to obtain a him 
of 200 fi m thick. The crystallization of iPP is so quick that the obtained him was 
partially crystallized. The him sample thus prepared was heat-treated following 
the scheme shown in Fig. 5.17 under magnetic held (6 T). The sample was heated 
at 5 °C/min from room temperature to the various melting temperatures T ma x s 
ranging from 180 to 280 °C (T m = 168 °C). As soon as the temperature reached 
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T max , the sample was removed from the magnet and then quenched in ice water. 
Obtained samples were subjected to the optical and X-ray analyses. 

Figure 5.18 shows the result of op¬ 
tical azimuthal scans. The maximum 
melting temperature T max is indicated 
in the figure. Sinusoidal profiles in¬ 
dicate the orientation (13). Magnetic 
alignment is observed for the sam¬ 
ples prepared with T max < 240 °C. 

Because the quenching is carried out 
outside the magnetic held, the align¬ 
ment observed should be attributed to 
that existing in the melt at respec¬ 
tive T max s. Figure 5.19 shows opti¬ 
cal azimuthal scans for the samples 
heated in the magnet at max = 180 
and 240 °C for various melting pe¬ 
riods, followed by quenching outside 
the magnet. For the heat-treatment at 
180 °C (Fig. 5.19a), the alignment re¬ 
mains even after heating for 12 h. The 
strength of the transmitting light in¬ 
tensity is a function not only of the de¬ 
gree of orientation but also of any fac¬ 
tors including him thickness, value of 
birefringence, and scattering of light, 
but the increase of the intensity ob¬ 
served in Fig. 5.19a, especially the in¬ 
tensity change between 0 and 10 min, 
could indicate the development of the 
orientation. On the other hand, in the 
case of the heat-treatment at 240 °C 
(Fig. 5.19b), the alignment initially 
observed disappears after further heating for 30 min. The stability of the 
anisotropic phase exhibited at 180 °C is lost at 240 °C. At present, we can¬ 
not tell whether the anisotropic phase at 180 °C is thermodynamically stable or 
it will just relax after very long time. 

Figure 5.20 shows the X-ray azimuthal scans along various (hkO) planes of 
the iPP crystal brought to a melt at 200 °C in the magnetic held followed 
by quenching. The profile for the (040) plane indicates that, the b *-axis aligns 
approximately in the held direction, and hence the a*- and e*-a.xes aligned ap¬ 
proximately normal to the held. Since the detail of the three principal axes 
of diamagnetic susceptibility tensor of the iPP crystal is not known nor iden¬ 
tified is the main source of the magnetic anisotropy in the iPP chain, the 
discussion made for PET regarding the mesophase structure does not apply. 



Fig. 5.17. Thermal history used to quench 
the melt subjected to the magnetic field 
(6T). 



Fig. 5.18. Optical azimuthal scans of the 
iPP samples quenched from the melts at 
various T ma x values. 
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Fig. 5.19. Temporal change of the alignment in iPP melts at different temperatures. 

However, if iPP chains in the mesophase 
have symmetry around the chain axis, 
that is, if the mesophase is of nematic, 
the azimuthal profiles for the (hkO) 
planes should all give the same pat¬ 
tern. This is not the case for the pro¬ 
files shown in Fig. 5.20. It is therefore 
concluded that the iPP mesophase is 
of disordered crystal. Incidentally, it 
is indicated by the analysis of the az¬ 
imuthal profiles for the (hkO) planes 
for a magnetically aligned paraffin 
sample (carbon numbers centered at 
C = 36) [39] that the mesophase re- 0 90 180 270 360 

sponsible for the magnetic alignment Azirrutbal angle / degree 

of this sample is nematic, that is, 

.. . . . . Fig. 5.20. X-ray azimuthal scan of mag- 

the mesophase has an axial symme- , .nn r ■ , 

. neticaiiy aligned iPP lor various planes m- 

try along the chain axis. Rheological ,. ... ,, c 

jo o cheated m the figure. 

study on the nematic nature of paraf¬ 
fin is also reported [47,48]. 

The existence of the mesophase in the molten state is suggested indirectly by 
crystallization behavior monitored by DSC carried out outside the magnetic held. 
Figure 5.21 shows the DSC thermograms measured upon cooling at 5 °C/min 
from various melting temperatures ( T max ) indicated in the figure. The peak top 
of the exothermic peak due to crystallization shifts drastically to lower temper¬ 
atures when the initial melting temperature exceeds 240 °C. This temperature 
coincides with the temperature up to which the mesophase is observed by mag¬ 
netic method (Fig. 5.18). 
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From the experimental results de¬ 
scribed here, combined with those de¬ 
scribed in the previous section, a pic¬ 
ture of crystallization in view of the 
magnetic alignment could be summa¬ 
rized as follows: Upon heating of a 
sample from room temperature, even a 
melt-quenched amorphous sample be¬ 
comes to form crystalline phase due to 
cold crystallization before the temper¬ 
ature reaches the melting point. At the 
melting point, the crystallites formed 
start to melt, but some order remains 
up to temperatures somewhat above 
the melting point. This ordered phase 
could be referred to as mesophase. 

During this period, the crystallites or 
mesophase domains dispersed in an 
isotropic melt undergo magnetic alignment. The mesophase is stable in the vicin¬ 
ity of the melting point, but relaxes to an isotropic phase upon further increase 
in temperature. As a result, the degree of orientation decreases. If the heating is 
interrupted before the complete transformation to the isotropic phase, followed 
by cooling, then the crystallization starts to proceed in the aligned mesophase. 
If the cooling starts from higher temperatures where there are no remaining 
mesophase domains, a larger quench depth is necessary for the homogeneous 
nucleation to start. The nuclei formed in this process could be scarce and large 
spherulites are formed. As a result, an alignment in the initial stage, if it may 
occur, is obscured. 

The remaining ordered structures in a melt inherited from a solid phase is 
not a unique source of the mesophase. The alignment observed in the melt is 
very weak compared to that observed during induction period. The transmitted 
light intensity under crossed polars in the magnet observed for the melt is less 
intense than that during induction period described in the previous section. 
Because no crystals are formed during the induction period, at least in view of 
wide angle X-ray diffraction, a higher transmitted light intensity in the induction 
period should be attributed to the growth of the mesophase already existing or 
the formation of new mesophases. In fact, the in-situ FT-IR study on PEN [14] 
indicates the formation of mesophase during the induction period. 

5.5 Magneto-Clapeyron 

Magnetic fields affect the phase transition temperatures. Although this effect is 
small, a work with high-resolvable calorimetry in high magnetic fields [49] has 
been reported recently in an attempt to elucidate structure formations under 
magnetic held. 



140 130 120 110 100 

Tarperature / °C 

Fig. 5.21. DSC thermograms of iPP dur¬ 
ing cooling after heated up to various 
T,naxS indicated in the figure. 
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We consider anisotropic-isotropic transitions, including a transition from a 
liquid crystalline phase to an isotropic phase, a melting of crystal, etc. The shift 
AT of the transition temperature T m under a magnetic held B is expressed by 
the orientation-dependent magneto-Clapeyron equation: [26] 


AT 


(cos 2 0 - 1/3 )x a B 2 

‘ZfioAH 


(5.14) 


Here we assume that an anisotropic phase under consideration has an axial sym¬ 
metry. Molar diamagnetic susceptibilities parallel and normal to the anisotropic 
axis are defined as x\\ and respectively, and Xa = X\\ ~ X±- Also we as¬ 
sume that the average of the diamagnetic susceptibility in the anistorpic phase 
is equal to that of the isotropic liquid phase. AH is the molar latent heat of the 
transition. The value of AT depends on the angle 0 of the axis with respect to 
the magnetic held. 

For a material with Xa > 0, a parallel alignment (0 = 0) is more stable 
than a perpendicular alignment, and hence a material of the parallel alignment 
melts at a higher temperature and that of the perpendicular alignment melts 
at a lower temperature than the melting temperature without the magnetic 
held. If a powder of the material is heated, its exothermic peak remains at T m 
but the peak width might be broaden. If an isotropic phase is cooled slowly, 
the formation of an anisotropic phase with parallel alignment occurs hrst, at a 
higher temperature, resulting in a shift of the onset of the exothermal peak. The 
amount of the shift is about AT with 0 = 0. In actual cases, the formation of 
the anisotropic phase occurs under supercooling. Even in this case, the onset of 
the exothermal peak would shift to a higher temperature in comparison to the 
case without magnetic held. The driving force of crystallization is larger for the 
parallel alignment than that for the perpendicular alignment. 

Estimation of AT was made for some materials using literature values of Xa 
and AH. The AT value of trans azobenzene is ca. 0.1 mK under 10 T, while 
that of p-azoxyanisole, a liquid crystal, is ca. 5 mK. The difference is mainly due 
to the difference between their latent heats. As seen from Eq (14), the smaller 
the AH , the larger the AT. Recently, DSC measurement on a normal paraffin 
(n-C 32 H66) was carried out in the magnetic held of 5 T. A melt of the sample 
was cooled at 0.2 mK/s and the exothermic behavior was recorded. The shift of 
the onset was about 40 mK (at 5 T) which is about three orders larger than the 
expected value. This observation strongly suggests that a smaller AH , that is 
“weak hrst order” [2] transition most probably due to mesophases, is relevant. 
Upon cooling, a mesophase which is more stable in the magnetic held (in the 
present case, one with the c-axis aligned normal to the held direction) hrst starts 
to form from an isotropic phase, causing the shift of the onset temperature. 


5.6 Concluding Remarks 

It was demonstrated that high magnetic helds provide a useful means to eluci¬ 
date what occurs during the polymer crystallization. The analyses made in this 
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chapter are based on the principle that a structure with diamagnetic anisotropy 
undergoes magnetic alignment and that the transition temperatures are affected 
by the external magnetic field. The magnetic alignment observed during the in¬ 
duction period strongly suggests the existence of mesophases. The magnetic 
alignment observed in the molten state indicates that these mesophases are 
traced back to the melt or even to the solid structure prior to the melting. The 
unexpectedly high value of the temperature shift of the onset of crystallization 
observed for the paraffin crystallization in the magnetic field could suggest that 
a same sort of mesophase formation could take place also in polymeric systems. 
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Abstract. Atomic Force Microscopy (AFM) allows polymer crystallization and melt¬ 
ing to be followed in-situ, in real-time, at the nanometre level. An overview is given 
of the additional information that can be obtained using this technique compared to 
other forms of microscopy. Some recent data, are presented that have particular rele¬ 
vance to suggestions that polymer crystallization occurs through a series of stages of 
intermediate order. Although real-space imaging does not supply convincing support¬ 
ing evidence of theories suggesting the existence of mesophases prior to crystallization, 
significant discrepancies with the predictions of classical theories do exist. The most 
striking of these is the local variation in growth rate from individual lamella to lamella, 
and, in time, for each lamella. This appears to be a manifestation of local fluctuations 
in the shape of a growing polyethylene lamella. The possibilities of following melting 
subsequent to crystallization, and the additional information that can be gained about 
the structure formed, is also explored. 


6.1 Background 

The crystallization of synthetic polymers from the melt has been the subject 
of intensive study and debate for more than 50 years. Interest has centred on 
the influence of morphology on properties, on attempts to enhance and control 
processing and processability, as well as on efforts to gain a fundamental un¬ 
derstanding of the complex problem of the transformation of a disordered and 
entangled melt into a highly ordered crystalline structure. Throughout these 
studies the various microscopical techniques have provided invaluable informa¬ 
tion, supplying much of the data that has shaped theoretical advances. However, 
in many cases, understanding has been hindered by an inability to image crystal¬ 
lization at sufficiently high resolution to observe the fundamental length scales 
of the system, such as the size (radius of gyration) of the molecules and the 
thickness of the crystals, while crystallization is actually happening. This is par¬ 
ticularly problematic in the case of crystallization from the melt as, until the 
transformation is complete, there is always a large reservoir of material available 
that will solidify on cooling (prior to ex-situ examination) and hence obscure 
the morphology that has developed. This situation has changed with the advent 
of scanning probe microscopes, most notably atomic force microscopy (AFM), 
which are starting to enable the real space examination of polymer crystallization 
in-situ, in real time, over length scales from nanometres to microns. 

Our knowledge of polymer crystallization, and the theories that have been 
developed to explain it, is based on a number of key observations: polymer 
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“chain-folding” [1] and the existence of a characteristic crystal thickness depen¬ 
dent on the supercooling at which growth occurred [2]; the shape of the crystals 
themselves as they grow e.g. [3]; and the relationship between crystallization 
temperature and growth rate (the crystallization kinetics) [4,5]. In the majority 
of cases polyethylene has been used as a model for crystallizable flexible chain 
polymers. Several models for crystal growth have been developed, based on sec¬ 
ondary nucleation [6,7], or more recently, on entropic barriers [8], although new 
developments have largely been led by experimental discoveries (for a review see 

[9])- 

There has recently been a resurgence of interest in polymer crystallization, 
both experimentally and theoretically, due to the new information available from 
time resolved synchrotron x-ray experiments and the rapidly increasing power 
of computer simulation. Based on x-ray data implying the formation of order in 
the melt prior to crystallization [10], a new model for polymer nucleation has 
been suggested [11], in which primary crystallization is preceded by spinodal 
decomposition into phases rich or depleted in conformations close to those in 
the crystal. This model has also been applied to oriented melts, promising a 
unified scheme for polymer nucleation. However, interpretation of the experi¬ 
mental data on which the model is based is currently an area of active debate 
[12]. Similarly, by detailed interpretation of SAXS data, it has been suggested 
by G. Strobl [13] that crystallization does not occur spontaneously at a clear 
crystal-melt interface, but rather through a semi-ordered mesophase, followed 
by the formation of “blocks” which then migrate into the lamella A In both 
of the above cases the materials studied have not been the traditional linear 
sharp fractions of polyethylene but rather materials with compositions closer 
to those used industrially. Indeed, it has been suggested that the behaviour of 
polyethylene is the exception. Both of these new hypotheses suggest that crys¬ 
tallization occurs through progressive degrees of order; a subject that has also 
been much discussed by the late A. Keller [14] in the context of size dependent 
phase transitions. 

Before detailing the contribution to this area that can be made by AFM, a 
brief overview of use of optical and electron microscopy when applied to these 
questions will be given with the intention of both pointing the interested reader 
towards the relevant literature, and of putting the use of AFM in context, rather 
than of providing an exhaustive review. 

Optical microscopy, although fundamentally limited in resolution by diffrac¬ 
tion, has provided a wealth of information on polymer crystallization. Early work 
on spherulitic crystallization was able to link the large-scale optical morphology, 
such as the Maltese cross and regular banding, to the underlying variations in 
local crystal orientation [15,16,17,18]. Later the use of optical microscopy to 
measure rates of spherulitic growth provided much of the data that underpins 
the Lauritzen Hoffman theory of polymer crystallization [4,6,19]. The spherulitic 
radial growth rate was found to be constant at a given temperature for a given 
sharp molecular weight fraction of a polymer, and a direct link was made be- 

1 See Chap. 4. 
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tween this rate and the net rate of attachment of chains to the growing crystal 
front. The use of optical microscopy to measure rates of growth is now a stan¬ 
dard tool (e.g. [20]), with the resultant data providing the input for microscopic 
models of polymer solidification under processing conditions (e.g. [21]). 

Electron microscopy, with its improved resolution relative to optical mi¬ 
croscopy due to the angstrom wavelength of the electrons, has the capability 
of probing many of the important length scales of polymer crystallization. How¬ 
ever, it was clear very early that high energy electrons cause considerable damage 
to most organic molecules and even at very low dosage can cause cross-linking, 
changing the crystalline structure of polymers as well as changing the nature of 
the molten polymer. TEM requires very thin films to allow transmission of the 
electrons, so the polymer must either be crystallized in such a him, microtomed 
after crystallization, or else a replica taken of the crystal surface. The latter two 
possibilities necessitate ex-situ study, although they have provided a broad base 
of information of polymer microstructure. 

The examination of microtomed hlms usually requires an initial staining stage 
so as to induce a sufficiently large electron density difference between the crys¬ 
talline and amorphous phases [22]. Standard replication techniques require the 
sample to be etched so as to preferentially remove the amorphous material, in¬ 
ducing a significant topography representative of the crystal morphology [23]. In 
studies using replication and staining the extent to which the observed morphol¬ 
ogy, regardless of quenching method, represents the morphology during crystal¬ 
lization must remain an open question. These methods therefore provide most 
reliable information when it is the final structure that is of interest. The use of 
very thin hlms and defocus imaging of the actual polymer him was pioneered by 
Petermann, and was particularly successful when applied to isotactic polystyrene 
[24,25], which has a relatively high resistance to beam damage. In-situ low dosage 
studies are technically very difficult and have only been successfully applied to a 
few polymers. Lying somewhere between these extremes of ex-situ and in-situ is 
the work by Phillips where the structure of cis-polyisoprene is frozen in appar¬ 
ently instantaneously by the application of a gaseous staining agent [20]. Staining 
during growth is a potentially powerful technique, although the reactions that 
occur are complex and can lead to artefacts. Also, once stained, the material is 
frozen, so it is not possible to follow time evolution. 

Scanning probe microscopy has two principal advantages compared with 
other types of microscopy. Firstly, it by-passes the diffraction limit common 
to all microscopes that use lenses, enabling very high resolution images to be 
obtained (atomic resolution in some special cases), without the necessity to use 
high energy particles [26]. However, perhaps most importantly for soft matter, 
it is possible to image non-conducting, relatively soft materials (under the right 
conditions very low concentration gels can be imaged [27]), without causing dam¬ 
age to the sample. This means that processes can be followed in-situ, and, as 
images can be collected in tens of seconds, in real-time. It is this innovation, and 
its application to polymer crystallization, that is the subject of this paper. 
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Early studies using AFM to follow polymer crystallization [28,29] used a 
polymer that happened to crystallize at room temperature at arelatively slow 
rate, polyhydroxybutyrate-co-valerate. Soon afterwards, the use of hot-stages 
was introduced, and the crystallization [30,31] and now melting [32] of several 
more polymers could be followed. Some principal findings of these studies were 
an apparently discontinuous growth rate, when measured on the scale of a single 
lamella, and large-scale motion of material in front of growing spherulites. The 
number of groups working in this area has increased significantly, especially 
with the release of commercial heating stages, and there are now a growing 
number of publications e.g. [33,34,35,36,37,38,39,40] following growth in a variety 
of different polymers at temperatures up to 250°C. 

In the following sections the approach used for high temperature imaging 
in our laboratory will be discussed, some of the problems and solutions that 
we have used when attempting to follow polymer crystallization and melting, 
and finally some data that have been obtained during fairly extensive studies 
of the crystallization and melting of polyethylene. The data presented here will 
be confined to polyethylene as this is the material that we have studied most 
extensively, in an attempt to tie in the new data obtainable with AFM with the 
enormous wealth of complementary information available on this most studied 
of polymers. 


6.2 The Use of AFM to Follow Crystallization 

When using an AFM to follow the crystallization or melting of a polymer, the 
first, and in many ways the most difficult problem that needs to be overcome is 
how to heat the sample in a controlled manner without damaging the microscope, 
and with sufficient stability to enable imaging with nanometre resolution. 

Damaging the microscope is a significant risk as all commercial AFMs use 
piezoelectric devices to move either the scanning tip over the sample or the sam¬ 
ple under the tip, and many piezoelectric materials cannot be used at elevated 
temperature. So the scanner itself has to be protected from the heat, which is 
usually done by inserting insulation between the scanner and the heater/sample. 
In the work presented here, a “double-glazed” cantilever holder is used with a 
DI Veeco Dimension D3100 microscope, inserting an insulating air-gap between 
the tip and the scanner [40]. As in this microscope the tip is scanned over the 
sample, it is possible to place a standard heating stage under the tip. The set-up 
is illustrated schematically in Fig. 6.1. Other techniques have been effectively 
utilised elsewhere (e.g. [32,36,37]). 

As it is usually necessary to use tapping mode when imaging soft materials, 
a method of inducing an oscillation of the cantilever is necessary. This is usually 
done with another piezo, although this can cause problems when at elevated 
temperatures, due to a strong temperature dependence of piezoelectric response, 
the possibility of damaging the piezo, and the necessity to have conducting links 
relatively close to the cantilever. We have chosen to use a magnetic drive, either 
by coating the cantilever directly with cobalt, or by using a magnetic actuator 
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Fig. 6.1. A schematic diagram showing the modified cantilever holder used for hot- 
stage experiments. 1. The sample mounted on a glass slide. 2. The cantilever substrate. 
3. The aluminium and Kapton™ heat shield. 4. Copper wire from coil to current driver. 
5. Copper coil. 6. Glass cantilever holder. 7. Thermocouple. 8. Magnetic actuator if the 
cantilever is not coated with cobalt. 


placed under the cantilever substrate, and then feeding the drive signal that 
usually drives the piezo, through a voltage to current to converter, into a solenoid 
wrapped around the double-glazed cantilever holder. This allows the cantilever to 
be driven remotely, without any conducting links passing to the cantilever side of 
the double-glazing, and hence improves the temperature stability of the heater 
set-up. This method, coupled with a simple heat shield to prevent convective 
heating around the edge of the cantilever holder, allows temperatures in excess 
of 170°C to be safely accessed, with minimal degradation in image stability. 

Figure 6.2 shows a slow scanned, high-resolution image of polyethylene lamel¬ 
lae after growth, taken at a temperature of ^130 U C, showing very good image 
stability. At these high temperatures the microscope is more sensitive to air 
movements than usual, and the wavy nature of the lamellae at the bottom of 
the image is an artefact caused by some drift during imaging caused by air 
movements. 

When the sample and heating-stage are heated, they expand, and this causes 
a motion of the sample relative to the cantilever, which, even if undergoing 
the same heating ramp, will respond mechanically in a different way from each 
other. Therefore, imaging during a temperature ramp is more difficult inherently 
than imaging isothermally, and requires regular shifts in the position of the 
scanner in order to keep the same area under the scanning tip. Also, temperature 
stability is very important, as variations in temperature will cause shifts of the 
sample relative to the cantilever, making the image very difficult to interpret. 
Fortunately, commercial Linkanr heaters have remarkably good stability, and 
have been used throughout our studies. 
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Fig. 6.2. A phase image taken at 512x512 pixels showing polyethylene lamellae 
(bright) in a matrix of molten polymer (dark) at 135C at a scan line speed of 1Hz. 
Even though the image took 8.5 minutes to collect, there is relatively little noise or 
drift. The scale bar represents 100 nm. Black to white represents a change in phase of 
30°. 


AFM is a technique that obtains information about a surface through the 
mechanical response of a cantilever to the interaction of a sharp probe with the 
surface under study. If a surface with inhomogeneous mechanical properties is 
imaged, the interaction of the probe with different parts of the surface will vary, 
for instance by sinking further into softer materials for the same imaging force. 
Also, the probe itself has a certain size, and interaction area with the surface, 
which is generally unknown, and will be convoluted with the true topography of 
the surface in the final image. These are factors that have to be borne in mind 
when analysing AFM data. Finally, the fact that only the surface, or very near 
surface region [33], can be imaged must be taken into account when analysing 
the data obtained. The extent to which the behaviour at the surface differs from 
that in the bulk will depend on the polymer under investigation, the temperature 
of the study, the particular process that is of interest, the environment and many 
other factors. 

In order to obtain useful information about a process it is usually necessary to 
collect several images during the time that the process occurs. The fundamental 
barrier to high-speed scanning in conventional tapping mode AFM lies in the 
long response time of both the conventional micro fabricated cantilever and in 
the piezoelectric scan tube, owing to their inertia. Current AFMs have a realistic 
maximum scan speed in the region of 20—30 seconds when operated in tapping 
mode, in air. on a scan size of ~1 pm. This significantly limits the current 
applicability of AFM to many processes in polymers, although advances are 
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being made (e.g. [41]). Even at these scan speeds, if there are sharp features or 
changes in properties, for instance when the cantilever moves from the melt to 
a crystalline lamella, it takes several pixels before complete control is regained, 
and a large error signal is obtained (the amplitude signal). This amplitude image 
therefore highlights such features and can be a useful presentation of the data. 
In some of the images shown in this paper there are regions to the right of sharp 
features (when the tip is being scanned from left to right) where the cantilever 
is not tracking the surface properly for several pixels. These regions show up 
as either a light or dark “shadow”. These occur due to the fast scan rates used 
to enable as much data as possible to be obtained during the process under 
investigation, and are felt to be a necessary evil of pushing AFM to the limits of 
its usable range of scan speeds. Fast scan rates, and the reduction in cantilever 
control that they entail, also means that topographic data will often be more 
heavily convoluted with changes in mechanical properties than would usually 
be the case, and phase data, which usually highlights differences in material 
properties, will contain more topographic information. 

6.2.1 Sample Preparation 

Samples of two different polyethylenes, an NBS sharp fraction Mw 119.6 k, and 
a whole polymer, rigidex 50, were prepared by dissolving in xylene and casting 
from solution onto hot glass slides at ^150°C. After holding for two minutes 
the samples were quenched to room temperature. The samples were then heated 
to 160°C to melt them, held for two minutes, and cooled to the temperature of 
interest. Imaging parameters were adjusted so as to just maintain contact with 
the surface while applying the minimum possible force. Imaging with high forces 
significantly changed the behaviour of the polymer, particularly by inducing 
nucleation, as has been observed previously [33] for contact mode imaging. 

The accurate measurement of the temperature of the sample surface is influ¬ 
enced by the distance from the heat shield, the alignment of the probe relative to 
its holder etc., all of which vary from experiment to experiment, making a reliable 
calibration problematic. The temperature difference between the sample surface 
and the heater was estimated to be 3.5-7°C for the experiments reported here. 
The temperatures quoted in the text are the temperature given on the Linkam 
and are therefore ^4°C higher than the estimated sample temperature. This 
issue is discussed more extensively in [40]. 

Although the cantilever is not actively heated, the growth behaviour of the 
polymer in neighbouring regions was checked by increasing the scan size, to 
ensure that the behaviour of the area scanned was not different from that of the 
surrounding area. As the growth rate of polyethylene is very strongly dependent 
on temperature, this is a good test of the local temperature control. 

6.3 Results and Discussion 

In the following sections several examples of observations made using AFM dur¬ 
ing the crystallization and melting of polyethylene will be presented and dis- 
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cussed, with an emphasis on the impact of the new observations on our un¬ 
derstanding of polymer crystallization. Particular attention will be paid to the 
relation between these new observations and the recently emerging theoretical 
and conceptual developments in polymer crystallization. 

6.3.1 The Crystal Melt Interface 

The ultimate goal of an in-situ study of polymer crystallization is to image the 
individual polymer chains as they re-organise from melt to crystal. With current 
technology this is not possible. However, much new information can be gained 
by imaging the growing crystals at high resolution. This section will detail our 
recent work on the high resolution imaging of the crystal growth front and our 
interpretation of the insight that gives into the behaviour on a molecular scale. 



Fig. 6.3. A series of AFM phase images showing the growth tip of a lamella viewed 
edge on. (b) was the taken during the same scan as (a) but the data, was collected when 
the probe was moving from right to left rather than left to right, so as to ensure that 
image of the interface between crystal and melt was not influenced by the scanning 
parameters, (c) is the same lamellae imaged 99 seconds later. Black to white represents 
a change in phase angle of 35°. Scale bars represent 100 nm. 


Figure 6.3 shows several images of the growing tip of a polyethylene lamella 
viewed edge on. The images are phase images, which are sensitive to differences 
in adhesive and mechanical properties, the contrast occurring due to the soft and 
sticky nature of the melt compared to the hard, non-adhesive crystal [42,43,44]. 
In all cases there is a sharp interface between the melt and the crystal, occurring 
certainly within 20 nm. As explained above, and in other chapters in this book, 
there are several new theories of polymer crystallization all of which propose 
that crystalline order is reached through progressive stages of increasing order. 
In all cases, we might expect to be able to see evidence of intermediate phases 
with the AFM. 

Figure 6.4a shows a single image of a lamella growing edge on in which there 
is a gap in the crystal — there appears to be a block of crystal growing ahead of 
the main growth front. This occurs occasionally, though we have not observed it 
when the lamellae are growing strictly edge on. Figure 6.4b shows a lower mag¬ 
nification image of the same crystal later in its growth, showing a large portion 
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Fig. 6.4. A pair of amplitude images of polyethylene lamellae, (a) shows a lamella 
growing apparently edge on. A block is visible in front of the main body of the lamella. 
The scale bar represents 300 nm. (b) shows a lower magnification image of the same 
lamella some time later after it has curved round to the right the box shows the 
area of image (a). The scale bar represents I|im. Black to white indicates a change in 
amplitude of 0.5V. 


of the lamella is lying flat on in the surface of the sample, implying that this 
crystal is perhaps growing at some acute angle to the surface. Two explanations 
of this morphology present themselves. It might be that the crystalline block has 
actually grown in front of the main lamella, in a manner similar to that suggested 
by Strobl [13]. This would imply that the AFM is not able to detect a difference 
between the initial mesophase and the melt, but does detect the transformation 
of that mesophase into block like structures of the final crystalline phase. An 
alternative explanation is that the observation of a block is an artefact caused 
by only imaging the surface of the melt. If the growth front is irregular on the 
scale of tens of nanometres, the intersection of that growth front with the sur¬ 
face might leave pockets of melt along the length of the lamella until these grow 
out. The degree of roughness necessary to form the appearance of blocks at the 
surface becomes less if the lamella is not growing strictly perpendicular to the 
surface, as could be indicated by Fig. 6.4b. 

Figure 6.5 shows several images of lamellae growing fiat on in the plane of the 
surface, in which a growth front roughness, with a wavelength of ~100nm and 
an amplitude of at least lOmrrs can be seen. In Figs. 6.5b and c this is clearest 
in the lamella to the top left of the image, which is arrowed. Such rough growth 
fronts are typical of all the samples of polyethylene studied, even though the 
growth front is a smooth curve (in agreement with TEM studies) on longer length 
scales. When viewed flat on, no observation of blocks of crystalline material 
appearing in front of the main lamella have been observed. The appearance of 
blocks illustrated in Fig. 6.4 is most likely due to the roughness of the growing 
crystals and their intersection with the surface. 

It is clear from Figs. 6.3-6.5 that there are two very different phases present 
during growth. After growth, there is no change in properties of the crystalline 
phase observed in our AFM studies to date. The melt appears to be homoge- 
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Fig. 6.5. A series of images in which lamellae are lying subst antially in the plane of the 
surface, (a) is a phase image; black to white represents a change in phase of 20°; scale 
bar represents 500 nm. (b) and (c) are amplitude images; black to white represents a 
change in amplitude of 0.3V; scale bars represent I |im. 


neous, and appears to transform directly into a more or less homogeneous crystal. 
Clearly these statements have to be made within the context of the resolution 
of the AFM to differences in properties. This is currently an inexact science, 
and is further complicated by the fast scan speeds necessary to follow the pro¬ 
cess of crystallization, and the high temperatures that might increase the noise 
on the signals. However, it can be said that we see no convincing evidence of 
either mesophases occurring as an intermediate phase between the crystal and 
the melt, or of local variations in the density of the melt, in the actual images 
obtained with the AFM. If such phases do exist, they look either like the melt 
or like the crystal to the AFM probe. 

In [40] we have shown that when opposing lamellae meet, having grown from 
two neighbouring shish-kebab crystals, they sometimes change direction so as to 
avoid hitting each other. We proposed several explanations of this behaviour, in¬ 
cluding the possible presence of a partially ordered state in front of the growing 
crystal. There is, therefore, some circumstantial evidence that could be inter¬ 
preted as supporting the presence of mesophases during crystallization. If they 
do exist, we have not been able to image them directly using AFM. 

The observation of a rough crystal growth front, on a scale of tens of nanome¬ 
tres, is in contradiction to the predictions of Lauritzen Hoffman (L-H) theory. 
Sadler Gilmer rough surface growth theory predicts a surface that is rough on a 
molecular scale, meaning with a high density of steps, but does not necessarily 
imply a growth front of the type observed. L-H theory predicts a smooth surface 
at these temperatures, and although it has been adapted to include the possi¬ 
bility of a continuously curving growth front, it cannot explain this observation. 
The observed growth front could be rough either due to fluctuations, or due 
to an instability most probably caused by diffusion. More data is required to 
determine between these possible causes. It should also be noted that the shape 
of the growth front varies with time. Points along a radius that are in advance 
of the average growth front at one point in time, might be behind the average 
at another point in time. Figures 6.5b and 6.5c show two images of the same 
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growing crystal aggregate, illustrating this change in shape with time, particu¬ 
larly visible in the crystal to the top left of the aggregate, arrowed in Fig. 6.5b. 
If a radial growth rate from the middle of the growing crystal is measured, it 
is not a constant either from one radius to another, or with time. This is again 
in contradiction to many theories of polymer crystallization. It is in agreement 
with previous observations [40] of lamellae growing edge on from an oriented nu¬ 
cleus, in which a variation in growth rate from lamella to lamella, and with time 
for each lamella, was observed. These variations in growth rate, and the growth 
front roughness, are therefore most likely manifestations of the same phenom¬ 
ena. It appears that the value for growth rate that is measured optically, and is 
a constant at a particular temperature, is the average over many growth rates 
that actually occur over shorter length scales than that resolvable optically. 

Secondary nucleation theory, in the form of L-H theory, cannot explain these 
observations. Growth at these temperatures should be in regime I (or possibly 
just in regime II), and the fluctuations caused by the nucleation events should 
average out over several stems or tens of stems, that is a few nanometres at 
most. The rough growth front might be evidence of the role played by diffusion 
in the growth process, possibly the diffusion of matter towards the growth front, 
or of entanglements and chain defects away from the growth front. This is an 
area that requires more study. 

6.3.2 On the Surface Texture of Polyethylene Lamellae 

Figure 6.6 shows a series of images of the same polyethylene lamella taken at 
different temperatures after initial crystallization at 133°C. The images are phase 
images, with contrast due to both mechanical properties and surface texture. 
There clearly is some microstructure within the lamellae, with variations in phase 
angle of between one and four degrees over distances of 10-100 nm. The structure 
under discussion here is the fine, somewhat globular texture within the large, 
flat expanses of crystal. The typical length scale of this structure is between 10 
and 30 nm. Although there is some noise on these images, many of the same 
features can be seen throughout the temperature cycle, and were present in 
the sample from the point of crystallization, all the way through cooling and 
finally re-heating towards the melting temperature. For instance, the circular, 
or horseshoe shaped feature arrowed in 6a. It seems unlikely that these features 
are due to defects in the crystal structure, as they would be expected to anneal 
out, especially on heating. They do not behave in the way that is predicted of 
the blocky textures proposed by Strobl [13]. Another possibility is that molten 
polymer is trapped on the top surface of the lamella, and relaxes into this rough 
texture. This seems unlikely as the texture survives cooling, when the increased 
driving force for crystallization would be expected to force more of the molten 
polymer into the crystal. Such gradual growth of the crystal is in fact seen if 
Figs. 6.6a and 6.6b are compared. Chains that are partially crystallized would 
be pinned in place more tightly and might be responsible for the rough texture. 
We are currently unable to explain the surface texture of the lamellae, but we 
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Fig. 6.6. A series of images of a lamellar aggregate taken during a cooling and then 
heating cycle, showing the fine surface structure that is frequently found on polyethy¬ 
lene lamellae, (a) was taken at 133 C, the crystallization temperature, just after pri¬ 
mary crystallization. Although the texture is visible everywhere, the arrow indicates 
an example that can be clearly seen in all the images, (b) was taken after cooling at 
5°C/min to 123°C. (c) was taken after cooling at 5°C/min to 118°C. (d) was taken 
after rapid heating to 132°C and then heating at 1 C/min to 138.9 C C, just prior to 
complete melting part of the lamella has already started to melt. In all cases scale 
bars represent 300 nm. In (a) black to white represents a change in phase of 20°. In all 
the other images it represents a change in phase of 10°. 


can say that it is not an artefact of AFM imaging, and that it does not appear 
to be evidence of different degrees of stability within the crystal. 

6.3.3 The Melting of Isolated Lamellae 

Figure 6.7 shows a series of images of a lamellar aggregate as the sample is 
heated towards the melting point, in which the lamellae lie largely in the plane 
of the surface of the sample. The lamella does not break up into separate pieces 
as it melts but rather melts backwards from the initial crystal melt interface, 
that is from the growth front. Melting is not the reverse of crystallization - 
this crystal grew with an approximately continuously curved growth front, but 
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Fig. 6.7. A series of phase images showing the gradual melting of a polyethylene lamel¬ 
lar aggregate. Black to white represents a change in phase from 0 to 45°. (a) taken at 
130°C. (b) taken at 134.6°C. (c) taken at 135.5°C. (d) and (e) taken at 136.2°C. The 
line on (e) shows the position of the crystal-melt interface in (d). (f) taken at 137.FC. 
The scale bar represents I |im. 


melts preferentially in the middle. In all cases where polyethylene lamellae are 
surrounded by material that has not crystallized, they melt back from the growth 
front (that is, when crystallization is not allowed to reach completion). 

This behaviour gives us several insights into the re-organisations that occur 
following crystallization, which is one of the themes of this book. In the previous 
section, a surface texture was described. A similar texture is observable on these 
crystals, and again it can be seen that the texture does not influence the melt¬ 
ing behaviour. The texture is not an indication of different degrees of stability 
within the crystal itself, and neither does the texture change significantly with 
temperature. 

The melting back from the crystal front shows that the edge of the crystal is 
less stable than the interior. This is perhaps as expected — melting is expected to 
start from a surface, and in the case of polymers the edge surface, in which the 
chains lie, is likely to be more mobile than the top surface, the re-organisation of 
which requires considerable co-operative motion. During the experiment shown 
in Fig. 6.7, the heating of the sample was stopped at several temperatures dur¬ 
ing the heating cycle, and it was observed that melting slowed considerably. 
Figures 6.7d and e were taken at the same temperature with a time interval of 
2 min 34s. In Fig. 6.7e the melting front has retreated slightly compared to its 
position in Fig. 6.7e — the line indicates the position of the crystal-melt interface 
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in Fig. 6.7d. The gradual melting back from the front does not appear to be 
due to superheating of part of the crystal. Different parts of the crystal either 
have different stabilities that depend on age due to a gradual change in crystal 
perfection, or else the rest of the crystal that has not melted is continuously 
re-organising and thickening during heating. 

Crystal thickening during heating is known to occur in polyethylene [45], 
although studies of crystal thickening in isolated lamellae grown from solution 
have shown a distinct preference for thickening to start at the edge of the crys¬ 
tal, where mobility is highest [46]. If this solution behaviour were mimicked in 
the case of isolated lamellae in the melt, the edges would melt last, unless the 
thickening rate is substantially quicker than the rate of melting. The fact that 
the surface texture remains unchanged with age and with temperature implies 
either that the crystal is not thickening, or else that the surface texture is not 
connected with the crystal itself, but is some layer lying on top of the crystal. 

The use of AFM to follow crystal re-organisations and melting on heating 
provides the opportunity to probe the stability of the as formed crystal, and 
how this varies with crystallization temperature and the local crystal and melt 
environment. This is an area with great potential, and will be discussed in more 
detail elsewhere [47]. 

6.4 Conclusions 

The use of AFM as a tool to probe the crystallization of polyethylene has been 
discussed, and several examples presented where new insights into the crystal¬ 
lization process have been gained. The particular strength of AFM is its ability to 
image crystallization as it occurs, without changing the process, with nanometre 
resolution. It has been shown that this not only allows the evolution of a process 
to be followed, but also provides unequivocal information about the morphology 
at any point in time. 

Within the resolution limit of the images obtained, crystallization occurs as 
a transformation directly from a one component melt to a one component crys¬ 
tal, without intermediate phases that look significantly different to the AFM 
from these principal phases. Currently it is unclear to what extent this con¬ 
flicts with the predictions of recent theories of polymer crystallization based on 
transformation through progressive degrees of order. Future developments both 
in quantifying and reducing noise on the AFM data, and in quantifying the 
predictions of the theories, should allow AFM to play a central role in this area. 

The observations of crystallization at the scale of tens of nanometres are 
in contradiction to the predictions of secondary nucleation theory, as growth is 
found to be sporadic in time and in space, and the growth fronts of individual 
lamellae are found to be significantly more irregular than predicted by theory. 
In particular, a stronger role for a diffusive process is indicated even at these 
very low supercoolings. 

It is clear from the small snapshot of work presented here that in-situ AFM 
studies can make a significant and possibly decisive contribution to our un- 
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derstanding of polymer crystallization. As AFM technology progresses towards 
faster scan-rates, easier use at elevated temperatures and lower imaging forces, 
the technique will inevitably become more widely used, opening up nanometre 
length scales to routine real-space, real-time investigation. 
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Abstract. The capabilities of Atomic Force Microscopy, AFM, in studies of polymer 
phase transitions and, more generally, the semicrystalline polymer morphology are de¬ 
scribed. It is shown how variable temperature AFM can provide unique information on 
the organization of semicrystalline polymers at the nanometer scale and its evolution 
in the course of crystallization. The practical examples selected for this work illus¬ 
trate applications of AFM to structural studies of homopolymers and polymer blends 
crystallized in the bulk, in thin films and in solutions. The investigated systems in¬ 
clude solution grown single crystals of polyethylene, cold-crystallized poly(ether ether 
ketone), as well as melt-crystallized poly (ethylene terephthalate), poly (trimethylene 
terephthalate), syndiotaetic polystyrene, poly(e-caprolactone), isotactic and syndio- 
tactic polypropylene. The issues related to AFM image analysis and its quantitative 
comparison with the results of complementary techniques such as small-angle X-ray 
scattering (SAXS) are addressed. More specifically, it is shown how AFM can provide 
statistically meaningful parameters for the semicrystalline structure and an accurate 
choice of a structural model for the interpretation of SAXS data. 


7.1 Introduction 

During the last 10-15 years, the development of scanning probe microscopy and 
its applications to studies of different materials has been in focus of many re¬ 
searchers. The invention of scanning tunneling microscopy, STM, in 1982 was 
the first milestone [1], which opened direct access to atomic-scale surface struc¬ 
tures. In STM, a measurement of the current flowing between a sharp metallic 
tip and a conducting or semiconducting surface, is used for atomic-scale imaging 
of surface structures. The ability to get atomic resolution on samples in ambient 
conditions and even under liquid substantially enhances the capabilities of STM. 
Yet, a severe limitation related to the requirement of sample conductivity moti¬ 
vated researchers to seek for a more universal tip-sample interaction, which can 
be applied for high-resolution surface imaging. This demand has been satisfied 
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with the appearance of atomic force microscopy, AFM [2]. Attractive and repul¬ 
sive forces acting between a sharp probe and the sample surface are employed 
for surface imaging with this technique. Several innovations such as optical level 
detection [3], use of microfabricated probes and new imaging modes [4] made 
AFM a well-established surface characterization tool applicable to a very broad 
spectrum of materials ranging from solid inorganic crystals to partially or fully 
disordered organic liquid-like systems. Nowadays, AFM is used in many labo¬ 
ratories specialized in various fields of materials science. Such rapid expansion 
of this technique can be explained by further important instrumentation de¬ 
velopments significantly extending the capabilities of AFM and related methods 
beyond simple topography measurements, which now also include measurements 
of local mechanical, adhesive, thermal, as well as magnetic and electric proper¬ 
ties. One of such very recent instrumentation developments in this held consists 
in the heating stage accessory designed for in situ work between room tempera¬ 
ture and approx. 250 °C [5]. Although the advantages of in situ high-temperature 
AFM are evident, especially for applications to organic materials, such studies 
have been limited so far by the absence of appropriate thermal accessories [6]. 
It is, therefore, expected that numerous AFM results on the thermal behavior 
of organic surfaces will soon be generated using this enhanced technical feature. 

Of special interest for the present work are studies of soft materials, such 
as synthetic and natural polymers [7]. The nondestructive character of AFM 
presents an important advantage in studies of such systems, as they can be 
destroyed during preparation or observation with classical techniques such as 
Transmission Electron Microscopy, TEM. It should be noted that studies of sur¬ 
faces with AFM do not require any special sample preparation such as metal or 
carbon deposition or micro-sectioning or staining. Therefore, AFM can provide 
a great wealth of information on the structure of such systems, without causing 
any damage to the sample. In particular, the evolution of the sample structure 
at the nanometer scale can be studied in situ using appropriate conditions, e.g., 
under controlled atmosphere or in liquids. The softness of materials to be stud¬ 
ied could be even advantageous for this technique since, in some instances, it 
could help extracting structural information from AFM observations at different 
levels of the tip-sample interaction. For example, low-force imaging is optimal 
for the correct determination of surface profiles of such samples, whereas imag¬ 
ing at elevated forces can be useful for surface compositional analysis and for 
recognition of individual components in heterogeneous polymer materials [8] or 
biological systems [9]. 

The objective of the present work is to give a brief description of the ca¬ 
pabilities of AFM in studies of semicrystalline polymer morphology and phase 
transitions. The structure of this chapter is the following: At first, some technical 
issues related to the tip-sample interaction in tapping mode, image resolution 
and requirements as to sample preparation will be shortly addressed. In the 
main part of the review, several examples of morphological analysis of polymer 
surfaces including homopolymers and polymer blends crystallized in the bulk, 
in thin films and solutions will be presented to illustrate the unique informa- 
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tion AFM can deliver. In particular, the structural data provided by AFM will 
be quantitatively compared with the results of conventional techniques such as 
small-angle X-ray scattering, SAXS. It will be shown, for example, how the direct 
space information obtained from AFM images can be used to correctly model 
the SAXS curves. 

7.2 Studies of Polymers in Tapping Mode 

Description of any scanning probe microscopy technique logically includes a 
physical model for the tip-sample interaction and different technical issues re¬ 
lated to the detection of this interaction and scanning operation of the probe 
over the sample surface. In the contact mode initially introduced for AFM a 
sharp tip fixed at the extremity of the cantilever comes into direct contact with 
the sample, which causes the cantilever deflection. A laser beam reflected from 
the backside of the cantilever is used for measurements of its deflection. A mi¬ 
croscope mode of AFM is realized when the tip being scanned over the sample 
surface is controlled with a feedback mechanism, which adjusts the vertical sam¬ 
ple position to keep the tip-sample interaction force constant [10]. This operation 
results in a topography image, which presents a three-dimensional surface pro¬ 
file. Surface structures with characteristic shapes and dimensions are recognized 
in such images given in color or grayscale codes, where brighter zones typically 
represent elevated surface features. Changes of the cantilever’s parameters such 
as deflection, frequency or phase are usually recorded during scanning and they 
are also collected in AFM images. Such images might reflect not only topo¬ 
graphic features but also local sample properties (friction, adhesion, stiffness, 
etc.). Therefore, in its applications to polymers, AFM combines the possibilities 
of probing local material properties and surface imaging. It is worth noting, how¬ 
ever, that visualization of surface structures is the major AFM application, in 
which AFM complements optical and electron microscopy. As will be illustrated 
below, AFM is also invaluable in combination with diffraction techniques for 
justification of the structural models used to analyze the reciprocal space data. 

7.2.1 Tip-Sample Forces 

Already in early AFM studies of polymer samples, it had been noticed that con¬ 
tact mode operation might cause modifications or even damage of the surface of 
soft materials. In this mode the probe scans the surface while remaining in per¬ 
manent contact with it. In this case, the cantilever feels not only normal forces, 
which are employed for feedback control, but also the lateral tip-sample forces. 
The latter could be used for studies of friction, yet the same forces generate shear¬ 
ing deformation that leads to modification and damage of soft materials. This 
circumstance has limited AFM studies of polymer materials until the appearance 
of a new oscillatory mode, known as tapping mode [4], which was introduced to 
avoid the described effect of lateral forces. In tapping mode, the probe oscillates 
close to its resonant frequency and the variation of the cantilever amplitude due 
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to tip-sample force interactions is employed for surface profiling. In this mode, 
the lateral tip-sample forces are largely eliminated, however, consideration of 
the tip-force effects is still an important issue governing the image resolution 
and AFM capabilities for exploring polymer samples. It is worth noting that in 
contrast to the contact AFM mode, in which the cantilever deflection is directly 
related to the tip-sample force, the oscillatory nature of tapping mode makes 
the description of the tip-force interactions more involved. The changes of the 
cantilever amplitude do not describe the probe interaction with the sample to 
a full extent. Changes of resonant frequency and phase of the oscillating probe 
are most sensitive to the tip-sample forces and can discriminate between the 
overall attractive and repulsive force regimes. Therefore, AFM phase images, 
which express local differences between phases of a free-oscillating probe and 
the one interacting with the sample, became useful for many AFM applications, 
e.g. for compositional mapping of heterogeneous polymer systems [11]. A general 
correlation between the phase contrast and the energy dissipated by the probe 
interacting with the sample per oscillation cycle has been discussed [12]. Unfor¬ 
tunately, this does not help to explicitly correlate the phase changes in terms 
of differences in specific material properties such as adhesion, stiffness or vis¬ 
coelasticity. A detailed description of the tip-sample interaction in the tapping 
mode experiment on a polymer sample is extremely complex. It should take into 
account a large number of phenomena and factors including the cantilever vi¬ 
bration amplitude, cantilever stiffness, sample stiffness and adhesion, tip shape, 
penetration of the tip into the sample, viscoelasticity (which is, most likely, non¬ 
linear under tapping mode conditions). Although numerous experimental and 
theoretical efforts are directed towards understanding these issues, imaging of 
model samples with components having different physical properties (stiffness, 
density, viscosity, adhesion, etc.) might be a good starting point helping to ra¬ 
tionalize the tip-sample interactions and their correlation with the oscillation 
parameters (amplitude, frequency, phase, etc.). In one of such attempts [8], the 
surface of a blend of two polyethylene materials with different densities (0.92 
and 0.86 g/cm 3 ) was examined at different free oscillation amplitudes and set- 
points. It was found that the difference in the component’s density resulted in an 
apparent height variation caused by depression of the tip into the low-density 
component. This effect is most pronounced when the initial cantilever amplitude 
is sufficiently large (80 — 100 nm) and the set-point amplitude is around 40 — 50% 
of the initial amplitude. Such imaging at elevated forces, which is also known as 
hard tapping, is usefull when the compositional mapping of multi-component 
systems is desirable [13]. In the described case, the apparent contrast in the 
height image reveals the presence of components with different density and stiff¬ 
ness (the mechanical moduli differ approx, by a factor of 1000). In studies of other 
heterogeneous materials, in which the difference in the properties of components 
is not so drastic, the contrast in phase images is used for the identification of 
components. 

Contrary to hard tapping, imaging at a low-level of tip-sample forces (light 
tapping) is realized when the set-point amplitude is close to the amplitude of the 
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free-oscillating probe (Ao). The tip-sample forces are even smaller when Ao is 
small. Unfortunately, the latter is not always achievable because of capillary or 
adhesive force. Practical use of light tapping is obvious: such imaging conditions 
are applied when high-resolution profiling of the top surface is needed for example 
for imaging of single macromolecules deposited on the substrate or for correct 
estimate of surface roughness of technologically important surfaces. When a top 
surface layer is in the rubbery state, imaging in light tapping reveals the top 
layer morphology. However, with the increase of the force the tip will penetrate 
the top layer and reveal the morphology of the sub-surface material. This effect 
was observed in studies of block copolymer hlms [14] and polyethylene films 
coated with low-molecular weight material [8]. In imaging of single dendrimer 
macromolecules, which are seen as 5-nm spheres, a transition from light to hard 
tapping revealed a harder core of these spheres related to a higher density in the 
macromolecule center [15]. 

7.2.2 Image Resolution 

Image resolution is an important characteristic of AFM. In contact mode, the 
images of flat surfaces of organic and inorganic crystals can correctly reproduce 
the periodic atomic structures of the surface. However, the image resolution of 
real polymer samples is a more complex issue, which is determined not only by 
the tip-sample contact area, but also by the sample nature and roughness. For 
example, the width of isolated macromolecules deposited on a flat surface is over¬ 
estimated when measured from AFM images taken even in light tapping. This is 
due to the effect of dilation of a real profile of the extended macromolecules by 
the tip geometry, which gives rise to an artificial width increase of about \/2 Rh, 
where R is the tip radius and h the height of the step. For the same reason, 
the estimates of the macromolecule width become more precise when performed 
from images of compact macromolecular stacks. AFM measurements of the con¬ 
tour length of such objects are more accurate, and they could be even applied 
to study molecular weight distribution of polymers [16,17]. Object orientation is 
also of importance for determination of its dimensions from AFM images. For 
example, to get a correct estimate of the interlamellar distance in a lamellar 
stack (also known as long period, Lb, determined by SAXS), one should select 
the stacks with the smallest intercrystalline spacing. These objects, given the 
sufficient image statistics, should be close enough to edge-on orientation. It is 
worth noting that by varying the tip-sample force during imaging of lamellar 
structures one can clarify the thickness of the most compact, crystalline regions 
(denoted here as L c ) and also the size of a less compact amorphous exterior of 
crystals (L a = Lb — L c ) [8]. Since, as was mentioned before, the morphological 
details pertinent to the bulk polymer structure are often hidden underneath a 
featureless top layer of amorphous material, the crystalline lamellae are visual¬ 
ized with higher contrast in the images obtained in hard tapping. 
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7.2.3 Sample Preparation 

Sample preparation is one of the crucial steps of microscopic studies with AFM. 
It is clear that, for example, the sample surface roughness can present a practical 
limitation for AFM. Since most piezo actuators used in atomic force microscopes 
have only a few microns vertical range, AFM studies are restricted to surfaces 
with corrugations not exceeding this value. Also imaging of fine features with 
steep slopes is quite difficult because of imperfections of the feedback and cross¬ 
talk between motion of vertical and lateral actuators. Therefore, flat surfaces 
are most preferable for examination of fine morphological features of polymer 
samples. Many commercial films having surface roughness of a few hundreds 
of nanometers can be examined without any surface preparation. Films pre¬ 
pared by casting polymer solutions on flat substrates or by hot pressing between 
smooth plates such as mica sheets are much smoother, and they are well suited 
for high-resolution AFM studies. In preparation by hot pressing, the polymer 
him is separated from the molding plates at room temperature and the opened 
surface is examined with a microscope. Films of semicrystalline polymers with 
T g higher than room temperature prepared by this method might be quite hat 
but constrained upon cooling in-between the molding plates. In such a case, ther¬ 
mal annealing of free-standing hlms close to T g will be essential for obtaining 
a sample with a more equilibrated surface structure. However such annealing is 
usually accompanied by surface roughening. 

AFM is primarily a surface characterization technique, and access to the bulk 
polymer morphology requires surface etching, ultramicrotomy or a combination 
of both techniques. Chemical or plasma etching removes a top surface layer 
whereby amorphous material is usually etched faster than crystalline structures. 
Etching recipes are documented for many semicrystalline polymers [18] and can 
be successfully applied for AFM sample preparation. Ultramicrotomy conven¬ 
tionally used for preparation of thin (30-100 nm) sections of polymers for TEM 
studies is also applicable for AFM studies. It should be noted that ultramicro- 
toming of polymers with T g above room temperature is usually done at room 
temperature, whereas polyolehns and other polymers with T g below room tem¬ 
perature require the use of a cryo-stage at temperatures 10-20 degrees lower 
than T g . Roughness of polymer surfaces prepared by sectioning with a diamond 
knife, which is by far more appropriate for this procedure than a glass knife, is 
typically of several hundreds of nanometers. However, the quality of cuts may be 
subject to variations due to the material properties, and therefore the lamellar 
structure of semicrystalline polymers is not always resolved in AFM images of 
microtomed surfaces. 

7.3 Practical Examples of Imaging 

of Semi-crystalline Polymers at Variable Temperature 

The sensitivity of AFM to local material properties opens access to studies of 
polymer crystallization. In this section, several examples illustrating capabilities 
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of AFM in such studies will be given. It should also be noted that the mor¬ 
phological observations of semicrystalline polymers reported in this work cannot 
be fully interpreted in the frame of the classical one-dimensional picture of the 
semicrystalline structure composed at its elementary level of interleaved sheets 
of amorphous and crystalline regions. In this respect, AFM data providing evi¬ 
dence for the existence of other types of organization in semicrystalline polymers, 
e.g., the much-debated granular morphology, will deserve special attention. The 
section will start with the most studied group of flexible chain polymers showing 
some examples where AFM can bring additional information with respect to 
conventional techniques of morphological analysis. In the second part, the mor¬ 
phology of the somewhat less studied family of semirigid chain semicrystalline 
polymers will be addressed. 

7.3.1 Flexible Chain Polymers 

7.3.1.1 Solution Grown Single Crystals of Polyethylene, PE 

Generally, the crystallization of polymers proceeds by multiple folding of chain 
macromolecules to form two-dimensional crystalline lamellae. This process is 
well defined in dilute polymer solutions where only few chain entanglements 
are present. Individual lozenge-shaped lamellae of PE grown in solutions are 
probably the best-explored polymer crystals [18,19]. These crystals, which form 
initially as hollow pyramids, collapse into two-dimensional platelets while being 
collected on the substrate. The length of a straight segment of polymer chains 
defines the lamellar thickness, which is usually in the 10-12 nm range. Prior 
to AFM, TEM in combination with X-ray diffraction has been applied for the 
examination of single PE crystals, and the basic structural features of these ob¬ 
jects have been explored in depth. A combination of TEM imaging and electron 
diffraction made it possible to observe the sectorization and determine the poly¬ 
mer chain orientation inside individual crystal sectors. However, many questions 
related to the organization of single crystals remain open. One of such questions 
concerns the structure of the lamellar surface, which is presumably formed by 
chain folding according to the adjacent reentry model. There are also alternative 
models of this structure with different degrees of order. 

With the advent of AFM, researchers were motivated to use its advantages 
over TEM such as precision of height measurements and high-resolution imag¬ 
ing of top surface features in studies of polymer single crystals. Indeed, single 
crystals of PE have been examined in AFM images with great structural detail 
such as sectors, screw dislocations and overgrowth [20]. More recently, 8-10 nm 
size grains were observed in low-force images of the crystal surface acquired in 
tapping mode, whereas traces of lattices relevant to crystallographic register of 
polymer chains were detected in images obtained in contact mode with relatively 
high forces [21]. AFM imaging of single PE crystals has also been performed at 
elevated temperatures at which lamellar thickening usually takes place [22]. It 
should be noted that this process is caused by unfolding of individual chains from 
a kinetically favorable folded state to an energetically favorable extended-chain 
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Fig. 7.1. Height, images (14 X 14pm 2 ) of dry single crystals of polyethylene, measured 
at room temperature (A) and 115 °C after 1.5 hr annealing (B). (C) Height histograms 
corresponding to AFM images of dry single crystals of PE, which show the evolution 
of lamellar thickness after annealing at different temperatures. (D)-(E) Height images 
(10 X 10 pm 2 ) of a not completely dry PE single crystal. Images obtained at room 
temperature before and after annealing at 105 °C, respectively. (F) Part of the PE 
single crystal given in Fig. 7.1E showing edge-on lamellae (4 X 4pm 2 scan). 


conformation [23]. AFM observations of crystal annealing reveal formation of 
holes surrounded by thickened regions, which is consistent with the earlier TEM 
data [19]. In high temperature AFM images shown in Fig. 7.1A—B it can be 
seen that holes appear simultaneously with thickening of the adjacent locations. 
Thickening proceeds gradually after a step-wise change at 115 °C, as reflected in 
the height histograms in Fig. 7.1C. Thus, the sensitivity of AFM to height i nea- 
surements makes it possible to monitor chain unfolding in situ with exceptional 
precision. A detailed comparison of the thickening mechanisms taking place in 
single crystals of PE and regular linear alkanes of different length [24] can be use¬ 
ful in understanding the role played in these processes by the crystal/amorphous 
interphase and the polymer nature of the reorganizing species , 

As shown in the early TEM studies [19], annealing of single PE crystals 
containing traces of solvent (xylene) proceeds differently, and the thickening 
can be accompanied by reorientation of chains, which become aligned along the 
crystal surface. 

see also Chap. 6 for more details. 
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These observations are in good agreement with the AFM data presented in 
Fig. 7.1D-F. Indeed, upon annealing of a not completely dry PE crystal, the 
formation of holes (some of them are barely seen in Fig. 7. IE) takes place simul¬ 
taneously with polymer chain reorientation as evidenced in Fig. 7. IF by stacks 
of the edge-on lamellae [25]. In this case, AFM offers the possibility to study the 
dynamics of chain reorientation in single PE crystals, which can provide deeper 
insight into the elementary steps of the chain unfolding [26]. 

7.3.1.2 Melt-Crystallized Polyolefins: 

HDPE, LDPE, Isotactic and Syndiotactic Polypropylene 

Polymer crystallization from the melt is a much more complex phenomenon 
compared to solution crystallization, and its mechanisms are far from being 
completely understood. It is documented that crystal growth from the melt leads 
to formation of characteristic morphological patterns, among which spherulitic 
morphology is probably the best known. AFM images of various polyethylene 
and polypropylene samples can illustrate different aspects of crystalline mor¬ 
phology and its dependence on regularity of individual polymer chain structure. 
It is expected, for example, that extensive folding of macromolecular chains into 
lamellae and compact arrangement of lamellae inside the spherulites will be char¬ 
acteristic of high-density polyethylene, HDPE. This is, indeed, what is confirmed 
by AFM images obtained on microtomed and etched surfaces of this polymer 
shown in Fig. 7.2B-H. The semicrystalline morphology of the sample reveals 
banded spherulites, as observed with polarized optical microscopy (Fig. 7.2A). 
The optical contrast reflects variations in birefringence [27], which is the result 
of different local orientations of polymer chains. AFM images of the same surface 
(Fig. 7.2B) also show banded patterns, with the height contrast corresponding 
to the surface corrugation of the etched sample [28]. At higher magnifications 
(Fig. 7.2C-D), one can notice that elevated regions are mainly composed of 
stacks of relatively flat-lying lamellae. By contrast, the structures visible in the 
valleys between the bright bands can be identified with edges of the lamellae 
oriented perpendicular to the sample surface. 

Of special concern are granular structures, which are better resolved in the 
phase image in Fig. 7.2D. The granules can be seen on lamellar edges and also 
on the surface of flat-lying lamellae. During the past 20 years, there have been 
a number of electron microscopy observations of similar structures in semicrys¬ 
talline polymers [29,30]. However, the question of whether these structures are 
real or originate from sample preparation, which typically includes etching or 
staining, has not yet been clarified. Additional evidence for the existence of such 
structures has been obtained in AFM studies of polymer surfaces, which were 
not subject to etching or staining [28], [31]. For example, a large-scale image of 
the surface of the melt-crystallized HDPE reveals spherulites with a relatively 
smooth surface (Fig. 7.2E). The spherulitic bands are formed by crystals oriented 
in tangential and radial directions (Fig. 7.2F-G), where, at higher magnification, 
individual fibrils clearly exhibit a grainy surface (Fig. 7.2H). 
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Fig. 7.2. (A) Optical micrograph of a microtomed sample of HDPE after permanganate 
etching, micrograph size is 35 X 35 pm 2 . (B) AFM height image of the same surface 
(35 X 35 pm 2 scan). (C)—(D) Height and phase images (1.5 X 1.5 pm 2 ) of a part of the 
banded HDPE spherulite shown in (B). (E) Height, image of a banded HDPE spherulite 
recorded on the surface prepared by hot molding between mica sheets (35 X 35 pm 2 
scan). (F-G) Height and phase images (6 X 6pm 2 ) of a part of the spherulite shown 
in (E). (H) High-resolution height image of the same spherulite as in (e) (700 X 700nm 2 
scan). 


In contrast to HDPE, highly branched chains of low-density polyethylene, 
LDPE, are less prone to multiple folding with adjacent chain reentry. At the 
scale of several microns, melt-crystallized samples of LDPE reveal ill-defined 
sphemlites, also known as sheaf-like structures (Fig. 7.3A—B). However, at higher- 
magnification, similarly to HDPE, the surface of these sheafs appears to be 
decorated with numerous grains, especially when imaging is performed in light 
tapping (Fig. 7.3C). With the increase of the tip-sample force, the image taken 
at the same location shows only slightly curved fibrils (Fig. 7.3D), which is 
similar to typical morphological patterns observed with TEM (Fig. 7.3E). The 
described changes are fully reversible, and grainy morphology is restored when 
the tip-sample force is lowered again. Therefore we speculate that the fibrils 
consist of a more rigid core and a rubbery-like exterior [28], where crystalline 
stems form the core, while less ordered or amorphous material with T g far be¬ 
low room temperature constitutes the exterior. Although an ideal lamella can be 
considered as a two-dimensional platelet, one can easily imagine its degeneration 
into a fibril (i.e., “one-dimensional’’ object) or a grain (Fig. 7.3F) in the pres¬ 
ence of structural defects or geometrical constraints (cf. Fig. 7.IF). In this case, 
the observed grains would reflect the micro-blocks of the underlying crystalline 
structure. It is however, not clear whether the observed granular morphology is 
characteristic of the polymer organization in the bulk or only at the surface. In 
many instances, the grainy appearance of the polyolefin polymer surfaces can be 
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Fig. 7.3. (A)-(B) Large-scale height images of the surface of LDPE hot-molded be¬ 
tween mica sheets, 60 X 60 and 12 X 12 /Tin scans, respectively. (C)-(D) Height images 
(680 X 680 nm 2 ) of the same part of the sheaf-like spherulite shown in (B) recorded 
in light (C) and hard tapping (D). (E) Typical TEM image of the lamellar structure 
of PE (640 X 640 nm 2 size micrograph). (F) Schematic drawing showing the proposed 
structure of fibrils and lamellae observed in AFM images of melt-crystallized polymers. 
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smeared out by increasing the tip-sample force, which probably indicates that 
this structure is more related to the surface organization. Fibrils and grains can 
be found not only on surfaces of melt-crystallized bulky polymer samples, but 
also in thin and ultra-thin films, which is demonstrated in Figs. 7.4A E. The 
hist two images show morphology of an ultra-thin layer of ultra-high molecular 
weight, FHMW, PE formed by dipping a piece of silicon wafer into a dilute poly¬ 
mer solution in xylene. Concentric patterns of crystalline material result from 
the interplay between dewetting, crystallization and solvent evaporation. A hat- 
on lying lamella with grainy surface seen in the center of Fig. 7.4B is surrounded 
by short fibrils with a block substructure, which are attached to each other. The 
width of the fibrils is between 10 and 15 nm and the height of the hat-on lamella 
is approx. 20 nm, which is in the range of a typical lamella] - thickness. 



Fig. 7.4. (A)-(B) Height images of ultrathin UHMW PE film obtained by dipping a 
Si wafer into diluted xylene solution at high temperature, 5x5 fim 2 and 600 X 600nm 2 
scans. 


It is interesting to note that the presence of granular morphology" is not neces¬ 
sarily related to the lamellar organization of the semicrystalline structure. Thus, 
in contrast to UHMW PE, a metallocene-based polyethylene sample with high 
concentration of octene branches does not reveal well-defined lamellar structures 
(Figs. 7.5A—B). The image, which was recorded in light tapping, exhibits mostly 
grainy surface features. When imaged in hard tapping (Fig. 7.5B), the same loca¬ 
tion looks different and short fibrils are seen everywhere. The transition between 
the two morphologies is fully reversible and seems consistent with the fibrillar 
structure schematically depicted in Fig. 7.3F. 

It is instructive to compare the semicrystalline morphology and the struc¬ 
ture of the top surface layer of PE with that of another important member of 
the polyolefin family, polypropylene. Morphologies of a thin him of fractionated 
syndiotactic polypropylene, sPP, and an ultrathin him of highly regular iPP are 
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Fig. 7.5. (A)-(B) Height images of the top surface of ethylene-octene copolymer 
(p = 0.86g/crrr) sample prepared by molding between mica sheets. The images were 
obtained in light and hard tapping on the same area of 760 X 760 nm 2 . 


seen in AFM images in Figs. 7.6A—F. In both cases, one can notice single crystal¬ 
like objects surrounded by smaller crystalline entities. Rectangular platelets of 
sPP exhibit well-defined sectors reflecting different orientations of the crystalline 
lattice [32]. 

Numerous fibrillar structures extending from the crystal edges (Fig. 7.6A B) 
are believed to be due to growth in conditions of material depletion. The high- 
resolution image in Fig. 7.6C presents a part of the crystal, where the surface is 
covered with numerous grains. The straight fibrils grown from the crystal edge 
also reveal grains and tiny overgrown fibrils oriented in a perpendicular direction, 
which is most likely the result of the homoepitaxy of polypropylene. AFM images 
of an ultrathin iPP him (Figs. 7.6D—E) show single crystals of slightly different 
habit than those of sPP [33]. Nevertheless, they also present different sectors 
and grainy surface morphology (Fig. 7.6F). Stacks of edge-on standing lamellae 
arid web-like patches formed by tiny fibrils are seen between the single crystals. 
A more detailed characterization of these morphologic features will be given 
elsewhere [33]. 

Additional information on the semicrystalline structure and thermal transi¬ 
tions of LDPE and iPP can be obtained from AFM imaging at elevated temper¬ 
atures (Fig. 7.7A— H). The first series of images shows changes in morphology of 
an ultrathin film of LDPE recorded during a step-like heating of this sample. 
Initial spherulitic morphology of the crystalline LDPE layer has been formed 
by dipping the substrate into a hot polymer solution [34]. It can be seen that 
heating of the layer to 80 n C does not bring any substantial modifications to the 
morphology. By contrast, further heating to 90- 100 °C induces drastic changes: 
at 100 °C, instead of spherulitic structures linear lamellar aggregates having 
several microns in length and up to 1 micron in width grew in the same sur- 
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Fig. 7.6. (A)-(B) Height and phase images (12 X 12 pm 2 ) of the surface of fractionated 
syndiotactic polypropylene. (C) Phase image of a part of the area shown in (A)-(B), 
2 pm X 2 pm scan. (D)-(E) Height and phase images of the surface of a spin-cast film 
of isotactic polypropylene, image size is 20 X 20pm 2 . (F) Height image (3 X 3/rm 2 ) 
presenting a detailed view of the region shown in (D)-(E). 


face region. Heating to 115 °C, which is in the main melting region of the bulk 
LDPE sample, leads to a featureless surface indicative of complete melting of the 
layer. These observations present direct evidence for recrystallization processes 
occurring during heating of a LDPE layer. AFM visualization of the structural 
transformation during recrystallization helps understanding changes in polymer 
properties upon annealing at these temperatures. 

Melting of an ultrathin him of iPP demonstrates another kind of structural 
change in the pre-melting temperature region (Fig. 7.7lSr-H) [33]. The network 
of thin lamellar and fibrillar structures visible in the hist image of the series 
melts almost completely at 120 U C (Fig. 7.7F), whereas melting of single crys¬ 
tals of iPP becomes noticeable at 150 °C (Fig. 7.7G). Finally, only small rem¬ 
nants of the initial crystalline structure can be found in the image at 170 °C 
(Fig. 7.7H). However, crystallization of the molten sample at 160 °C restores the 
initial morphology consisting of crystalline platelets embedded in a network of 
tiny lamellae. 
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Fig. 7.7. (A) (D) Height images (10x10 fim 2 ) of ultrathin film of LDPE on Si substrate 
at T = 25, 80, 100 and 115 " C, respectively. (E)-(H) Height images of ultrathin film of 
isotactic polypropylene on Si substrate at T = 25, 120, 150 and 170 C, respectively. 
Image size is 20 X 20 five?. 

7.3.1.3 Blends of Poly(e-caprolactone) and Poly(Vinyl Chloride), 
PCL/PVC 

Binary semicrystalline/amorphous blends of PCL and PVC extensively studied 
in the past [35] present a difficult object for SAXS studies due to their linear 
crystallinity (^lin = j^) varying around 0.5 and the electron density contrast 
becoming faint at certain extents of interlamellar inclusion of PVC. Therefore, 
high temperature AFM is probably the only technique offering the possibility of 
in-situ crystallization studies of these systems at the lamellar scale [36]. 

Samples for AFM studies [37] were prepared by casting blend solutions in 
THF on freshly cleaved mica to obtain films of approx. 10 fin r thickness. The 
reproducibility of resulting semicrystalline morphologies (e.g., the primary nu- 
cleation density) was improved by applying the self-seeding technique. Typical 
topography and phase images corresponding to the crystallization of PCL/PVC 
75/25 wt/wt blend at 40 °C are shown in Fig. 7.8. 

The whole image sequence (not shown here) corresponding to about 1 hour 
melt-crystallization was recorded at the same surface spot. At the selected tem¬ 
perature linear growth of PCL crystals occurring during the primary stage of 
crystallization (i.e.. radial propagation of the crystallization front) is too rapid to 
be observed with AFM. By contrast, the processes of secondary crystallization 
operating at a slower pace inside the already grown spherulites could be exam¬ 
ined with some scrutiny. Since the crystalline lamellae are better defined in the 
AFM phase images, the latter were used to compute the degree of crystallinity 
by volume and the morphological parameters of the semicrystalline structure in 
direct space. The phase images were firstly converted to binary format by choos¬ 
ing a threshold value of the phase signal above which pixels were attributed to 
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Fig. 7.8. AFM topography and phase images recorded during isothermal melt- 
crystallization of a PCL/PVC 75/25 wt./wt blend at 10 'C. Elapsed times are 0 (A,B), 
541s (C,D), and 2931s (E,F). All images of this sequence were successively recorded 
on the same surface area: The film defect noticeable in the upper right part, of the 
images was used as a marker. The second image of the series (C,D) roughly corre¬ 
sponds to completion of the primary crystallization stage at the image location. The 
full gray-scale is 12 nm and 16° for topography and phase images, respectively. 
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Fig. 7.9. Crystallinity by volume computed from the AFM phase images corresponding 
to the melt-crystallization of PCL/PVC 75/25 wt./wt. blend at 40 °C. 


the crystalline phase. This threshold value was computed by minimizing con¬ 
tour line fuzziness [38], and crystallinity by volume was then calculated as the 
fraction of pixels above the threshold. The time evolution of this parameter is 
shown in Fig. 7.9. 

It can be seen that the first rapid increase of crystallinity is followed by a 
much slower growth, which is, however, still detectable after about 1 hour of 
crystallization. The evolution of crystal thickness was computed by analyzing 
the perimeter (P) and surface ( S ) of bright particles (crystalline lamellae) in 
binary images. The value of L c was calculated as 2 S/P, which gives a good es¬ 
timate of crystal thickness for sufficiently elongated objects with a high contour 
persistence length. A small fraction of more roundish particles with P c i rc < 

p2 

where P c i rc = and f — a small value, were excluded from consideration in 
order to keep a certain precision in the thickness determination (- 'jf - < s). The 
output of this analysis was a surface-weighted lamellar thickness distribution as a 
function of crystallization time (cf. Fig. 7.10). The results presented in Fig. 7.10 
indicate that a slight thickening of PCL crystals occurs during the secondary 
crystallization stage. The results of the direct-space analysis can be completed 
by analysis of the same images in reciprocal space, which is performed similarly 
to the classical treatment of SAXS curves. In the hist step, the two-dimensional 
power spectral density function (P2(s)) was computed from AFM images (w(r)) 
up to the critical, or Nyquist, frequency depending upon the experimental sam¬ 
pling interval as: 


P2U) = 


1 


/ 


u(r )TF(r) exp (27 ns - r) d 2 r 


(7.1) 


where A denotes the image area, IT (r) window function [39] and s the reciprocal 
space vector. The P 2 (s) function was then transformed into the one-dimensional 
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Crystallization time (s) 

Fig. 7.10. Surf ace-weighted distribution of lamellar thickness computed from the AFM 
phase images measured during the melt-crystallization of PCL/PVC 75/25 wt./wt. 
blend at 40 °C. The error bars correspond to the standard deviation of the crystal 
thickness distribution. 


PSD (-Pi(s)) according to: 

PlO) = (27rs) -1 J P 2 (s , )^(U , | - s ) d S.', 


(7.2) 


and, finally, the one-dimensional correlation function was computed as a real 
part of the Fourier transform of Pi(s): 


7i (0 = Re 


OO 


27T / Pi(s)s exp(27risl) ex.p(47r 2 a 2 s 2 )ds 


(7.3) 


where the Pi(s) function was preliminarily corrected for the presence of sigmoidal 
gradient crystal/amorphous transition layers having thickness a [40]. Calculation 
of the morphological parameters of the semicrystalline structure was performed 
with a standard approximate relationship [41]: 


Vcfin (1 Vcfin) — ^of R B • (7-4) 

In Eq. (7.4), ro stands for the first intercept with the abscissa of the tangent 
to the linear part of the correlation function in the self-correlation triangle. The 
lamellar thickness L c is found from Eq. (7.4) as <Fc,iinPs, where Lb is deter¬ 
mined from the location of the first subsidiary maximum of 71 (Z). The resulting 
correlation functions and the morphological parameters of the semicrystalline 
structure of the blend are given in Fig. 7.11. 
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Fig. 7.11. One-dimensional SAXS-type correlation functions and the morphological 
parameters of the semicrystalline structure computed from the AFM images given in 
Fig. 7.8. Open symbols correspond to topography and filled to phase images. 


It can be seen that the evolution of lamellar thickness determined by the 
reciprocal space analysis agrees with the results of the direct space analysis 
reported before, i.e., the crystal thickness shows a monotonic increasing trend. 
By contrast, the long period probably decreases slightly with time, which is a 
rather typical observation for isothermal polymer crystallization. In our case, 
this slight decrease can be related to the in-filling growth occurring between the 
primary lamellae formed during the rapid stage of crystallization. Examination 
of the images shows, however, that insertion takes place only in the amorphous 
pockets that are large enough to accommodate growth of new crystals, and, 
therefore, the total variation of Lb remains very limited. 

7.3.2 Semi-rigid Chain Polymers 

While most of AFM work to date has been performed on flexible chain polymers, 
some important questions related to semicrystalline morphology of semi-rigid 
chain polymers such as poly (ether-ether ketone), PEEK, and various aromatic 
polyesters remain open. Generally, despite the fact that the structure of these 
polymers has been in focus of numerous studies, very little is still known of their 
lamellar organization. This can be explained by the fact that, on the one hand, 
these polymers typically present difficult objects for TEM studies [42], and, on 
the other hand, SAXS data analysis could be ambiguous leading in some cases 
to very different micro-structural models of these polymers. For example, the 
uncertainty in L c as determined from the SAXS correlation function analysis 
could be as high as 100%. Such uncertainty clearly expresses the need, in studies 
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of the semicrystalline structure of these polymers, for new approaches that would 
simplify the interpretation of SAXS data. In this section, the problems of SAXS 
data analysis common to the majority of semirigid chain polymers will be briefly 
reviewed, and the role of AFM in clarifying these controversial issues will be 
critically analyzed. 

7.3.2.1 Poly(Ether Ether Ketone), PEEK, 
and Its Blends with Poly (Ether Imide), PEI 

PEEK is a typical member of the family of semirigid chain polymers character¬ 
ized by a fully para-aromatic backbone structure. It is noted for high performance 
properties, among others excellent thermal and chemical stability, absence of 
polymorphic transitions, and an extremely large temperature interval of crystal¬ 
lization. The lamellar arrangement of PEEK has been a subject of heated debate 
due to a difference between authors in the interpretation of the SAXS results for 
this polymer [43,44,45]. Briefly, the proposed microstructural models can be di¬ 
vided into two groups. The first model is essentially a three-phase model, wherein 
thick lamellar crystals (about 70-120 A) separated by thinner amorphous inter¬ 
layers (about 30-40 A) pack into stacks of finite size, these stacks being separated 
by large purely amorphous PEEK regions. The large amorphous gaps represent 
a significant fraction of the polymer (up to 50% according to this model). The 
second model is essentially a two-phase model, wherein the sample is homoge¬ 
neously filled with stacks of thin lamellae alternating with thicker amorphous 
interlayers. Different arguments in favor of one or the other model were discussed 
in some detail elsewhere [45]. In short, the main reason for the difference of opin¬ 
ion between authors is due to the Babinet reciprocity theorem, which states that, 
in a two-phase system the electron densities of the phases may be interchanged, 
without affecting the scattering curve or, consequently, the correlation function 
[46]. In other words, the solution that one finds for example from the classical 
one-dimensional correlation function analysis is not unique, as the attribution of 
the two distances obtained from this analysis to the crystalline and amorphous 
layer thicknesses (i.e., L c and L a ) can be inverted. Thus, clearly some additional 
structural information would be required to choose between the two models de¬ 
scribed above, and simple accumulation of SAXS data treated with the help of 
the correlation function will not provide any new insight. 

In one of the attempts to solve this problem [47], a direct study of the 
semicrystalline structure of PEEK was carried out with AFM. In this case, imag¬ 
ing was performed on miscible blends of PEEK with poly (ether imide) (PEI), an 
amorphous polymer fully miscible with PEEK in the amorphous state. The use 
of PEI as an inert macromolecular diluent made it possible to open up the dense 
semicrystalline structure of PEEK and visualize the details of the subspherulitic 
organization in the course of its evolution (cf. Fig. 7.12). Since the heating stage 
accessory for AFM was not readily available at the time of the measurements, 
the imaging had to be performed ex situ. In this experiment, the sample was 
quenched to room temperature after different times of crystallization at T c or 
upon heating to different annealing temperatures T a (T a > T c ) and imaged 
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at room temperature. To achieve the visualization of the time- or temperature- 
evolution of a single crystalline entity (e.g., single spherulite or lamellar stack), a 
special nanopositioning technique was employed to repeatedly retrieve the same 
spot on the sample surface with a precision of several tens of nanometers. The 
results of this rather tedious approach show (Fig. 7.12) that AFM can indeed 
provide information on the evolution of single elements of the semicrystalline 
structure of PEEK. More specifically, the obtained image sequences gave access 
to the growth rates of individual lamellar bundles [47], which is impossible with 
Polarized Optical Microscopy, and to the spatial localization of the reorganiza¬ 
tion process occurring on heating. However, the imaging conditions employed 
in the experiments did not allow to obtain lamellar resolution, which somewhat 
limited the interest of such studies for structural analysis and, consequently, con¬ 
fined the potential of AFM in this held to only qualitative comparison with X-ray 
results. It became clear that high-resolution in situ AFM imaging was needed 
to address the issues of lamellar organization of semirigid chain polymers. Such 
morphological AFM work has still to be done on PEEK [48]. 

7.3.2.2 Poly(Ethylene Terephthalate), PET 

PET is a high-performance aromatic polyester currently used for many indus¬ 
trial applications. The hist studies on the semicrystalline structure of PET were 
carried out more than 40 years ago [49]. Since then, a large amount of data 
has been obtained on the structure and crystallization behavior of this polymer 
using different experimental techniques ranging from X-ray and electron diffrac¬ 
tion to small-angle light scattering, and from differential scanning calorimetry to 
IR/Raman spectroscopy. Generally, PET is a low crystallinity polymer sharing 
many similarities with PEEK, introduced about two decades later. In particu¬ 
lar, quite similarly to the situation with PEEK, the information available on the 
microstructure of PET is very scarce and, therefore, the same problem with the 
SAXS data analysis (i.e., the possibility of interchanging the distances L c and 
L a ) is typically encountered [50]. 

It is worth noting that the problem with SAXS data analysis not only has 
direct consequences upon the choice of the structural model for lamellar ar- 



Fig. 7.12. Square 25 fim 2 topographical AFM images corresponding to the growth 
of a single PEEK spherulite in a PEEK/PEI 70/30 wt./wt. blend cold-crystallized at 
T c = 180 °C. Elapsed times correspond to 4 (A), 8 (B), 12 (C) and 60 min (D). Imaging 
in contact mode was performed ex situ (see text for more details). 
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Fig. 7.13. Schematic diagrams of evolution of lamellar microstructure during isother¬ 
mal crystallization: Dual lamellar population model (cf. [43] and references therein) 
containing separate stacks of thick and thin lamellae (A) and mixed stacks comprising 
both types of lamellae (B). In this model linear crystallinity in the stack is significantly 
higher than bulk crystallinity. To account for this difference, large amorphous gaps are 
supposed to exist in the structure. 


rangement but also affects the interpretation of the multiple melting behavior 
well-documented for PEEK, PET and other semirigid chain polymers [44,51]. 
Thus, the proponents of the first structural model (see previous section for de¬ 
tails) explain the decrease of long period during isothermal annealing either by 
the formation of separate stacks of thinner crystals (Fig. 7.13A), or by inser¬ 
tion of thinner, more defective, crystals in-between the primary (dominant) ones 
(Fig. 7.13B). In both cases, the low-temperature endothermic peaks present in 
DSC scans of the annealed polymer would correspond to melting of these later 
grown, ill-formed crystals. By contrast, the proponents of the second model (i.e., 
homogeneous, or infinite stack model) attribute multiple melting behavior to the 
melting-reorganization process in which the majority of crystals undergo a con¬ 
tinuous transformation, i.e., melting followed by immediate recrystallization, to 
form thicker, more perfect and thermodynamically stable crystals. Since the 
technique of DSC is unable, despite its high sensitivity, to provide any informa¬ 
tion regarding the spatial localization of the melting processes, further studies 
are required to check the validity of each of the crystallization models. 

The development of AFM made it possible to visualize the details of PET 
semicrystalline morphology [52]. However, imaging of PET in tapping mode at 
ambient temperature normally does not yield sufficient phase contrast between 
the crystalline and amorphous regions. To improve the contrast, one would need 
to use tapping mode at temperatures higher than the glass transition (T g ) of 
the amorphous interlamellar regions, at which the difference in the mechanical 
properties of both phases becomes much more pronounced. In our recent work 
[53]. the melt-crystallization of PET was monitored in situ with high temperature 
AFM. Typical images of crystallization kinetics acquired at 233 °C are shown in 
Fig. 7.14. It can be seen that the PET lamellae display a marked tendency to form 
stacks. The arrows in the figure point to locations where crystallization mainly 
proceeds by growth of crystals parallel to the borders of the already existing 
stacks, which gives rise to the overall increase of the number of crystals per stack. 
This mechanism termed “stack thickening” seems to play an important role at 
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Fig. 7.14. AFM phase images (1 //riff) recorded in hard tapping during crystalliza¬ 
tion of PET from the melt at 233' C; elapsed times are 72 (A), 80 (B), 96 (C), and 
112 min (D). Thin white stripes correspond to the crystalline lamellae in almost edge- 
on orientation. The arrows help the reader to identify the same lamellar stacks and 
locations on the sample surface where crystallization mainly proceeds via the stack 
thickening mechanism. 


the secondary crystallization stage. By contrast, only very limited occurrence 
of insertion growth was detected upon thorough examination of the images. In 
addition, these rare insertion events were found to occur only in those amorphous 
zones which were much larger than the “normal” interlamellar regions, which is 
very different from the scheme depicted in Fig. 7.13B. 

The time-evolution of the semicrystalline structure of PET was studied by di¬ 
rect space AFM image analysis [53]. The average surface-weighted crystal thick¬ 
ness shown as a function of crystallization time in Fig. 7.15 does not reveal any 
evolution, at least in the time scale of the experiment. This fact is at variance 
with the first micro-structural model described earlier (cf. Fig. 7.13). 

It should be mentioned, however, that the fraction of the subsidiary crystals 
is a priori unknown. Thus, to exclude the possibility that this lamellar population 
has been overlooked in the treatment due to insufficiency of the image statis¬ 
tics, further analyses were performed. To detect this possibly missing lamellar 
population, it was decided, hist, to increase the number of analyzed crystals 
(i.e., perform the same analysis on several images) and, second, to inspect the 
semicrystalline morphologies formed after long-time crystallizations. Typical im¬ 
ages of the PET morphology" formed after completion of crystallization are pre¬ 
sented in Fig. 7.16. It is clear that no amorphous gaps of large size (which was 
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Fig. 7.15. Evolution of the average crystal thickness computed from the AFM images 
given in Fig. 7.14. The error bars indicate the standard deviations of the distributions. 


earlier estimated to be on the order of 200 nm [43]) could be visualized in the 
images: the semicrystalline structure appears to be completely space-filling. This 
observation necessarily implies that the linear crystallinity determined by SAXS 
should be close to the bulk crystallinity of the sample. In addition, the apparent 
crystal thickness distribution at the end of crystallization remains monomodal as 
it was during the crystallization kinetics reported in Fig. 7.14. The average crys¬ 
tal thickness decreases with temperature (cf. Fig. 7.16C), which is in agreement 
with kinetic theories of crystallization. Thus, the hypothesis of secondary crys¬ 
tallization of PET producing more imperfect (thinner) crystals is not supported 
in our experiments. 

The periodicity of lamellar stacking determined from the images obtained 
at T c = 233 °C was quantitatively compared to the SAXS results obtained on 
the same sample (cf. Fig. 7.16D). The AFM and SAXS values of Lb found 
from the corresponding correlation functions 71 (r) are rather close (19.2 and 
15.5nm, respectively), which ensures that the morphological parameters of the 
semicrystalline structure determined by these two very different techniques are 
comparable. The AFM linear crystallinity calculated using the results of the 
direct and reciprocal space analysis of the images is given as 7 > c ,iin = 10/19.2 ~ 
0.5 (cf. Figs. 7.15 and 7.16D); the corresponding SAXS values equal either 0.4 
or 0 . 6 , depending upon the attribution of the two distances to the sizes of one or 
the other phase. The value of the AFM linear crystallinity is thus intermediate 
between the two possible SAXS values, which would formally render the choice 
difficult. However, it is clear that the bulk of high temperature AFM results can 
be reconciled only with the choice of the SAXS crystal thickness as the smallest 
distance, i.e., L c < L a . Indeed, in the opposite case, the fraction of large non- 
crystallized inter-stack regions amounting to about 1 — oc 0.33-0.42, where 
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Fig. 7.16. (A, B) Semicrystalline morphology of PET after completion of melt- 
crystallization at 233 and 220 °C, respectively. AFM phase images were obtained at 
the temperature of crystallization. (C, D) Quantitative analysis of semicrystalline mor¬ 
phology of PET. (C) Distributions of the apparent lamellar thickness corresponding to 
images (A) (lower histogram) and (B) (upper histogram). (D) One-dimensional corre¬ 
lation functions computed from the AFM image shown in (A) and from SAXS data 
obtained on the same sample at room temperature; curves are vertically offset for 
clarity. 


i p Q is bulk crystallinity of the sample, should have been distinctly observed in 
the images of a completely crystallized sample of PET. Another argument in 
favor of the homogeneous model is that the AFM value of ip Ci ii n could only be 
higher than the SAXS linear crystallinity because of the previously mentioned 
effect of dilation of surface features by the tip geometry. The dilation increases 
the apparent thickness of crystals slightly protruding the sample surface, without 
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Fig. 7.17. Model of the stack thickening process operating during the secondary stage 
of the melt-crystallization of PET. Visualized with high temperature AFM, this process 
consists in progressive increase of the size of lamellar stacks containing thin crystals 
separated by thick interlamellar amorphous regions. 


modifying the intercrystalline distance, and thereby increases the apparent linear 
crystallinity. 

To sum up, a direct assessment of melt-crystallization of PET by in situ AFM 
shows that the evolution of the semi crystalline structure can be mainly accounted 
for by the stack thickening process depicted in Fig. 7.17. In this process, new 
crystals grow parallel to the borders of the already existing stacks described by 
the homogeneous micro-structural model, i.e., containing thin crystals separated 
by thicker amorphous interlayers. 

It is important to note that the stack thickening model can successfully ac¬ 
count for a decrease of the SAXS long period upon annealing [49J if lamellar 
stacks contain second-order defects in the structure, or paracrystallinity. This 
effect is described in some detail elsewhere [54]. 

7.3.2.3 Poly(Trimethylene Terephthalate), PTT 

PTT is a recently commercialized aromatic polyester, with a chemical struc¬ 
ture intermediate between that of PET and poly(butylene terephthalate), PBT. 
This polymer has already been the subject of several publications focusing on 
its crystal structure, as well as crystallization and melting behavior [55.56]. A 
detailed study of the organization of PTT at the nanometer scale and its evo¬ 
lution during crystallization has recently been carried out by high temperature 
AFM and time-resolved SAXS [57]. The AFM images given in Fig. 7.18 are typ¬ 
ical of crystallization kinetics observed at 210 °C. They show the propagation of 
the crystallization front in the form of large leaf-like lamellar crystals. Interest¬ 
ingly enough, in these images one can note the appearance of a spherulitic band 
formed by the constituent S-shaped lamellar stacks marked with white arrows. 

Generally, melt-crystallized PTT displays banded spherulitic texture, the 
spacing of which was found to vary with crystallization conditions [56]. Although 
not expected at such high crystallization temperature [56], pronounced banding 
of large PTT spherulites grown at 210 °C was observed optically and inspected at 
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Fig. 7.18. Melt-crystallization of PTT, as visualized with in situ high tempera¬ 
ture AFM at 210°C. The white arrows point at S-shaped lamellar stacks forming 
a spherulitic band, which extends from the top center toward the left bottom of the 
images. Elapsed times: (A)-0, (B)-8min. 



f* m nm 

Fig. 7.19. High temperature AFM images of the semicrystalline structure of PTT: 
crystallization and imaging at 210 C. Structure of a spherulitic band, as observed at 
the micrometer (A) and sub-micrometer (B) scales. The arrow indicates the onset of a 
concerted lamellar twist involving many crystals. 


different spatial scales with AFM (Fig. 7.19). At the scale of several microns only 
a discontinuous morphological change related to spherulitic bands (Fig. 7.19A) 
can be observed, whereas images at the sub-micrometer scale reveal a neatly 
resolved concerted lamellar twist involving many lamellae (Fig. 7.19B) [58]. The 
onset of the twist can be identified in the images by the curvature of otherwise 
straight lamellae pointed with an arrow in Fig. 7.19B. However, it is technically 
difficult to follow the propagation of individual lamellae throughout the entire 
twist period because AFM provides only a two-dimensional projection of the 
lamellar structure. Therefore, the absence of certain elements of the structure, 
e.g., parts of lamellae buried underneath the surface, complicates the reconsti¬ 
tution of the three-dimensional structure. 
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The presence of a regular lamellar twist (rhythmic growth) and the dom¬ 
inance of lamellar stacks containing a large number of crystals make the as¬ 
sessment of the semi crystalline structure of PTT with AFM easier than that 
of other aromatic polyesters such as PET or PBT. The sub-micrometer AFM 
phase images of PTT obtained above the T g of interlamellar amorphous regions 
normally reveal well defined lamellar crystals (cf. Fig. 7.19B). The parameters 
of the semicrystalline structure can then be evaluated for the regions where the 
crystals are grown close to edge-on orientation. Typical distributions of the crys¬ 
tal thickness and long period for the semicrystalline morphology of PTT formed 
at 210°C are given in Fig. 7.20. 



Fig. 7.20. Distributions of crystal thickness (A) and long period (B) corresponding to 
the semicrystalline morphology of PTT formed at 210 °C. The distribution functions 
were calculated from the direct space analysis of AFM images using home-built object 
recognition routines [57]. 


The comparison of the distribution functions shows that the width of the 
long period distribution is higher than that of crystals, which is logical since 
the former is the convolution of the latter with the corresponding distribution 
of amorphous interlamellar regions. The quantitative analysis of the distribu¬ 
tions shows that crystals are slightly thinner than the interlamellar amorphous 
regions, which is similar to the results on melt-crystallized PET reported earlier. 
The position and shape of these distributions will be further directly compared 
[57] with those extracted from the synchrotron SAXS data analyzed with the 
generalized one-dimensional paracrystalline model of Hosemann [59,54]. 

7.3.2.4 Syndiotactic Polystyrene, sPS 

A broad use of metallocene catalysts led to synthesis of a variety of polymers 
with well-controlled macromolecular structures. In addition to polyolefins, other 
polymers such as syndiotactic polystyrene are being produced in large quantities. 
sPS exists in several crystal modifications, which can be recognized not only by 
their X-ray diffraction patterns but also by the resulting lamellar morphologies 
[60,61]. Similar to the case of PCL/PVC blends, a relatively small difference in 
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electron density between amorphous and crystalline regions of sPS limit the use 
of X-ray scattering techniques for the analysis of its semicrystalline structure 
[62]. Therefore, AFM can be particularly useful for morphological characteriza¬ 
tion of sPS in the sub-micrometer range. A series of images corresponding to the 
a- and /3-forms of melt-crystallized sPS are given in Fig. 7.21 [63]. At a large 
scale, randomly oriented fibrillar entities represent the semicrystalline morphol¬ 
ogy of a-sPS, and it is best seen in the 5-micron image in Fig. 7.21A. It was 
specifically checked that this morphology is also representative for the bulk of 
the a-sPS samples. Quite loose packing is seen not only for the fibrils at the scale 
of microns but also for lamellar arrangement at the sub-mi cron scale. In some 
locations stacks of edge-standing lamellae can be found, which is exemplified in 
Fig. 7.21B. The calculation of the SAXS-type interface distribution function for 
this image (Fig. 7.21C) gives 8.5 nm width for both crystalline and amorphous 
parts of the structure. By contrast, the /3-form of sPS is characterized by well- 
defined splierulites (Fig. 7.21D) up to 100 micron in size. A stack of the edge-on 






nm 



Fig. 7.21. AFM images of melt-crystallized syndiotactic polystyrene. (A)- 
(B) Semicrystalline morphology of the a-form of sPS showing fibrillar and lamellar 
organization at the scale of 5 and 1 //m, respectively. (C) SAXS-type interface distri¬ 
bution function computed from the image in (B). (D)-(E) Semicrystalline morphology 
of the /3-form of sPS presenting large spherulites with tightly packed lamellar stacks, 
image size 100 /im (D) and L /im (E). (F) Interface distribution function corresponding 
to the image in (E). Images (B) and (E) are recorded at 220°C. 






7 Semicrystalline Polymers at Variable Temperature 127 


standing lamellae (Fig. 7.21E) was chosen to obtain a quantitative estimate of 
lamellae packing (Fig. 7.21F). It was found that the width of the crystalline 
and amorphous regions is 15.5 nm and 9.5 nm, respectively. Consequently, linear 
crystallinity and long period of /3-sPS are larger than those of cr-sPS. 

7.4 Conclusions 

The potential of variable temperature AFM in studies of semicrystalline poly¬ 
mers is described. The advantages and drawbacks of this technique with respect 
to classical optical and electron microscopies are briefly reviewed. It is shown 
how the advantageous characteristics of AFM such as its non-destructive charac¬ 
ter, high precision height measurements and possibility to perform in situ studies 
at different temperatures can bring new insights into the structure and thermal 
behavior of semicrystalline polymers. Several examples including flexible and 
semi-rigid chain polymers illustrate how AFM is complementary to conventional 
scattering techniques providing quantitative direct-space structural information 
that can be used to interpret the results of scattering experiments. 
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Abstract. Real-space and time-resolved observations of morphology and pattern for¬ 
mation resulting from crystallization of ultrathin films of low molecular weight poly- 
ethyleneoxide (PEO) or diblock copolymers containing PEO shed light on the mech¬ 
anisms of how polymers order. Differences in viscoelastic properties, as detected by 
tapping-mode atomic force microscopy, allow distinguishing crystalline and molten 
(amorphous) areas with a nanometer resolution. In our approach, we use simple but 
restricted geometries like thin films of controlled thickness or confinement resulting 
from block copolymer mesostructures. Nucleation in ultrathin films is suppressed or at 
least strongly hindered and thus less restricted areas (thicker regions) will act as nu¬ 
cleation sites. This enables us to separate nucleation from growth and to follow growth 
exclusively. The resulting morphology can be directly related to the kinetics of crystal 
growth. Changes in the morphology with time and due to different thermal histories are 
the consequence of the mestable nature of polymer crystals. In addition, information 
about the nucleation process is obtained by studying crystal formation in 12 nm small 
spherical cells of a block copolymer mesostructure. There, growth is extremely limited 
and the main event is nucleation. We discuss the advantages of thin film studies for a 
better understanding of polymer crystallization. 


8.1 Introduction 

One of the most intriguing phenomena in polymer physics is ordering and crystal¬ 
lization of long chain-like macromolecules. The transition from an amorphous, 
randomly coiled state to a crystalline, ordered lamellar state is far from be¬ 
ing fully understood [1,2,3]. In particular, questions concerning the formation 
of initial nuclei [4,5,6,7,8], the growth kinetics resulting in folded intermediate 
metastable states [3,9,10,11], and subsequent morphological evolutions during 
annealing [11,12] are still intensively debated. In this context, it is necessary to 
study and understand the molecular pathways polymers take when forming a 
crystalline state, a question which has been already discussed for more than 50 
years. 

Typically, polymer crystals are not in thermal equilibrium since their for¬ 
mation is strongly complicated and hindered due to the connectivity of the 
segments, involving co-operative movements of a large number of connected 
monomers [2,3,13]. Although the free energy would be lowest for fully extended 
crystalline molecules, long polymers usually form much thinner lamellae (“chain¬ 
folding”). Therefore, polymer crystals represent meta-stable states [3] with a 
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significant degree of disorder, mainly characterized by the degree of chain fold¬ 
ing. As a consequence, such imperfect crystals are thermodynamically driven 
towards states of higher degrees of order [14,15,16,17,18,19,20,21,22,23]. How¬ 
ever, the corresponding relaxations processes in the crystalline state are usually 
extremely slow and rather localized because the long sequence of connected seg¬ 
ments is not very mobile. Increasing the chain mobility by annealing polymer 
crystals at elevated temperatures (but below the melting point) may result in 
faster improvement of the crystalline order. Consequently, the morphology o f a 
polymer crystal does not only depend on the rate at which it was created (i.e. 
the crystallization temperature) but also, and sometimes most importantly, on 
the thermal treatment (e.g. the storage conditions) after the “primary 11 crystal¬ 
lization process. 

The behavior of polymers close to interfaces and within submicrometer ul- 
trathin films has been extensively investigated in recent years in order to under¬ 
stand, control and ultimately predict the properties of polymer surfaces and thin 
hlms. Specific molecular architectures or restricted geometries impose constraints 
on crystallization. The presence of a solid surface may modify or even prevent 
the ordering process. At present, for the crystallization of polymers in thin hlms 
the influence of the solid substrate or of the free surface is hardly understood and 
controversial observations have been reported. On the other hand, studying the 
crystallization behavior in thin hlms at a molecular resolution allows to obtain 
structural information on ordering, orientation and growth patterns. 

Experimental observations in real space (in contrast to the reciprocal space 
of scattering experiments) for a simple and well-defined sample geometry, under 
well-controlled conditions and at a molecular resolution present promising ap¬ 
proaches which should allow to get more direct insight in the ways how polymers 
crystallize. For the understanding of polymer crystallization, it is highly desirable 
to follow the ordering processes on a molecular scale. Atomic force microscopy 
(AFM) real-space observations provide information on the molecular pathways 
polymers take when forming a crystalline state 1 . The observed morphologies can 
be related to the kinetics of chain folding and, based on these real-space obser¬ 
vations with molecular resolution, indicate possible molecular pathways polymer 
crystallization takes. One can hnd fundamental analogies between crystallization 
of polymers and nucleation and growth processes of other simpler systems like 
e.g. metals showing that the same mechanism of diffusion limited aggregation 
(DLA) is at work [24,25]. 

In our experimental work presented here, we want to observe molecular scale 
details of ordering and relaxation processes in a simple geometry. To this end, 
we use well-defined starting conditions and a simple geometry to relate morpho¬ 
logical changes to the state of order in polymer crystals. We focus on crystalliza¬ 
tion close to an interface in quasi 2-dimensional geometry for strongly adsorbed 
polymers and on the influence of confinement induced by a block copolymer 
mesostructure. We employ tapping mode AFM, which allows to resolve differ- 

See also the Chaps. 6 and 7. 
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ences in the viscoelastic properties of polymers, and so to distinguish between 
the molten and the crystalline state of a polymer. 

Previous studies have clearly demonstrated that the thickness of crystalline 
polymer lamellae depends on the crystallization temperature [26,27] and can in¬ 
crease when the crystals are annealed below the melting point (lamellar thicken¬ 
ing) [14,15,16,17,20,21,22,23]. However, the actual pathways taken by such relax¬ 
ations have never been observed in real space. Only recently, increasing attention 
has been paid to real space investigations of polymer crystallization using AFM 
to follow changes in the crystalline state directly [12,28,29,30,31,32,33,34,35,36,37] 

Confinement certainly affects the mechanism of nucleation [28,38] because 
the number of available possible conformations and the number of molecules 
are reduced. The influence of confinement on crystallization was studied in 
thin films [28,29,30,31,38] or in the mesophases of self assembled block copoly¬ 
mers [32,39,40,41,42,43,44,45]. It became clear [39,41] that the overall crystal¬ 
lization kinetics of highly asymmetric block copolymers forming spherical or 
cylindrical mesophases differs qualitatively from the kinetics in unconfined ge¬ 
ometries. Size and shape of the restricted geometry confining the polymer crys¬ 
tals has to be compared with the size of a crystalline polymer lamella in the 
corresponding homopolymer melt, and with the maximum length of the crys¬ 
talline block in the fully extended state. In the present study we use spheres with 
a radius of about 6 nm separated by about 24 nm. Obviously, this represents 
considerable confinement for polymer crystals. 

8.2 Experimental Section 

8.2.1 Polymers 

For our studies we used always low molecular weight poly (ethylene oxide) (PEO), 
either as a homopolymer or attached to an amorphous polystyrene or hydro¬ 
genated polybutadiene block. PEO is a well investigated polymer [14,15,16,17,20] 
[21,22,28,29], 

For experiments with adorbed homopolymer monolayers, PEO was obtained 
from Goldschmidt AG/Essen (M„,=2000 g/mol) or was donated by O. Lam- 
bert/Mulhouse (M„,= 7600 g/mol). These polymers were terminated by a CHj, 
group at one end -preferring the air surface- and an Off group at the other end 
-preferring the substrate surface. The polymers adsorbed onto the oxide surface 
of silicon wafers which were cleaned in a water-saturated UV-ozone atmosphere 
(the wafers were exposed to UV-light in a humid atmosphere for 24 hours). By 
this procedure, we created a surface with a high density of Off-groups. The 
maximum length of the two crystalline polymers in the fully extended state is: 
L = l u N = 12 nm and 48 nm, respectively, with l u = 0.2783 nm [15] and N is 
the number of monomers. 

The melting temperatures of a similar polymer (L = 49 nm, both ends 
are Off-terminated) in the bulk for the twice folded, once folded and the fully 
extended state are about 61°C, 62°C and 64°C, respectively [15]. 
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For our studies on diblock copolymers, we used low molecular weight poly- 
(styrene-block-ethyleneoxide), abbreviated by PS-PEO and hydrogenated poly- 
(butadiene-block-ethyleneoxide), abbreviated by PB^-PEO . 

PS-PEO (3-3) was synthesized in the research laboratories of Th. Goldschmidt 
AG/Essen, Germany and was supplied to us by Prof. Riess (Mulhouse/France). 

PBh-PEO(3.7-2.9) was obtained by hydrogenation of the polybutadiene block 
(about 50% 1-2 and 50% 1-4 units, statistically distributed). The polymer has 
also been synthesized anionically in the research laboratories of Th. Goldschmidt 
AG/Essen, Germany and their high quality has been checked by GPC (using 
THF solutions and polystyrene standards) and NMR. The percentage of PEO 
has been determined by NMR with a precision of about 1 % . 

In PBh-PEO(21.1-4.3) the PBh block contains statistically distributed 1-4 
and 1-2 units, with a majority (« 85%) of 1-2 units. The polymer was synthe¬ 
sized by Pierre Hoerner (Mulhouse/France) [46]. The PBh block is amorphous 
(its glass transition, as detected by differential scanning calorimetry (DSC) , is at 
— 18°C), while the PEO block can crystallize. The length of the fully extended 
crystalline PEO block is about 27 nm. From complementary X-ray scattering 
measurements, we know that the microphase structure of the bulk consists of 
spherical micelles arranged on a body centered cubic lattice with a lattice con¬ 
stant of about 24 nm and a radius of 6 nm for the PEO core. Upon crystallization 
this structure remained largely unchanged. We call the PEO core the “cell” em¬ 
bedded in a PBh matrix. 

Molecular details of all investigated polymers are given in Table 8.1 


Table 8.1. Characteristics of the polymers used in our studies 


SAMPLE 

M„ (PS or PB h ) 

M^PEO) 

M„/M„ 

PEO-2k 

- 

2000 

1.1 

PEO-7.6k 

- 

7600 

< 1.1 

PS-PEO(3-3) 

3000 

3000 

1.1 

PB h -PEO(3.7-2.9) 

3700 

2900 

1.1 

PB h -PEO(21.1-4.3) 

21100 

4300 

1.15 


8.2.2 Sample Preparation 

8.2.2.1 Monolayers of PEO Homopolymers and PS-PEO Diblock 
Copolymers. Samples were prepared from dilute toluene solutions of dried 
polymer by spincoating thin films (about 50-100 nm) onto silicon wafers. An¬ 
nealing these films in the molten state led to pseudo-de wetting [28,29], thereby 
forming holes leaving an adsorbed monolayer behind. The origin of this au¬ 
tophobic behaviour is related to the difference in entropy (resulting from the 
different chain conformations) of adsorbed and free polymers. Crystallization of 
this monolayer within the holes was investigated [28,29], using AFM to visu¬ 
alize the resulting crystal morphology. We used films, which were first molten 
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for about 10 min at temperatures above 70°C to allow for the formation of a 
monolayer. This monolayer was then crystallized at temperatures between room 
temperature and 55°C. In order to check for relaxation processes within the 
crystalline state, samples were sequentially annealed for 5 min at increasingly 
higher temperatures, but always below the equilibrium melting point (i.e. 64°C 
for PEO-7.6k). Temperature was increased in steps of a few degrees. After each 
step, the sample was quickly cooled to room temperature and analyzed by AFM. 

8.2.2.2 PBh-PEO Diblock Copolymer Films. Thin films (about 100 nm 
thick) were prepared by spincoating dilute toluene or methyl-cyclohexane solu¬ 
tions onto UV-ozone cleaned silicon wafers. To erase any non-equilibrium states 
induced by spincoating, all samples were annealed in the molten state at temper¬ 
atures up to 150°C before further experiments were performed. Thermal treat¬ 
ment (annealing and subsequent crystallizaton) was performed directly under 
the microscope in an inert atmosphere (nitrogen flow). 

PBh-PEO(21.1-4.3) annealed samples did not crystallize at ambient condi¬ 
tions, even after storage at room temperature for many months. Only after 
cooling the samples to temperatures below about —20°C, crystallization was 
observed. Melting, on the other hand, occurred at temperatures above about 
+40°C. Consequently, at room temperature the samples neither crystallized nor 
melted. As we show later, this fact enables AFM measurements of partially 
crystallized samples at room temperature, preserving the structure obtained by 
crystallization at low temperatures. 

8.2.3 Observation Techniques 

Optical microscopy and AFM were used to determine the morphology, either in 
the melt state or during crystallization (optical microscopy) or after crystalliza¬ 
tion (mostly AFM). All samples were crystallized at constant temperatures. 

8.2.3.1 Optical Microscopy. The samples were placed onto an enclosed 
hotplate, purged with nitrogen, under a Leitz-Metallux 3 optical microscope. No 
polarization or phase contrast was used. Contrast is due to the interference of 
the reflected white light at the substrate/film and film/air interface, resulting 
in well-defined interference colors which can be calibrated with a resolution of 
about 10 nm. We have followed the displacement of the crystal growth front 
in real time by capturing the images by a CCD camera. All data were stored 
with a VCR for later analysis. The crystallization temperature at the hot stage 
was controlled to within 0.1 degrees. However, for PBh-PEO(3.7-2.9) at low 
undercooling nucleation of crystals was found to be very slow. Thus, in order to 
start crystallization, we first lowered the temperature to 30° C . Once we observed 
the onset of crystal growth, we jumped to the higher temperatures where we 
wanted to follow the growth process in real time. It should be noted that only 
very few nuclei were formed. Thus we were able to clearly distinguish (based 
on the online observation) within one sample regions crystallized at different 
temperatures. 
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8.2.3.2 Atomic Force Microscopy (AFM). Measurements were performed 
with a Nanoscope Ilia/ Dimension 3000 (Digital Instruments) in the tapping 
mode at ambient conditions, using the electronic extender module allowing si¬ 
multaneously the phase detection and height imaging. We used Si-tips (model 
TESP) with a resonant frequency of about 300 kHz. Scan-rates were between 
0.2 and 4 Hz. The free oscillation amplitude of the oscillating cantilever was 
around 50 nm, the setpoint amplitude (damped amplitude, when the tip was 
in intermittent contact) was slightly lower. Topographic (height mode) and vis¬ 
coelastic (phase-mode) data were recorded simultaneously. It should be noted 
that semicrystalline polymers are well suited for the use of the “phase-mode” 
as the differences in viscoelastic properties between crystalline and amorphous 
regions are large. 


8.3 Results and Discussion 

8.3.1 Crystallization of Adsorbed PEO Homopolymer Monolayers 

In a Erst approach, we determined the morphology of mono-lamellar crystals 
obtained from monolayers of PEO homopolymer. Here, we focus exclusively on 
the growth process, excluding the nucleation process from the monolayer region, 
as we will describe in more detail below. 



Fig. 8.1. Optica] micrograph of a typical dewetting pattern. The white circles repre¬ 
sent the holes containing a molten monolayer resulting from pseudo-dewetting. The 
rings around these holes are rims containing the material removed from the holes. The 
homogeneous gray area in between represents the unperturbed film. 


We first discuss the properties of the adsorbed amorphous molecules of the 
monolayer within the dewetted holes (see Fig. 8.1). Each polymer segment in 
contact with the substrate gains a certain adsorption energy and therefore the 
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molecules are attracted to the substrate. Consequently, their conformations are 
flattened resulting from a balance of energetic (adsorption strength) and entropic 
(conformation) terms. To a first approximation, the adsorption energy is not 
much changed during lateral transport on the surface as it occurs during diffusion 
towards the crystal. 




width of 
finger 


height 


of lamella 


Fig. 8.2. Typical result obtained by tapping mode AFM (topography) showing the 
fingerlike patterns obtained by crystallization for 880 min at 44 C of an adsorbed PEO- 
7.6k mono-layer in a pseudo-dewetted hole. A): Fingers inside the hole (image flattened 
to enhance the visibility of the fingers). Note that all fingers start at the periphery of 
the hoie. B) 3D representation of the fingers in A). The height of the mono-lamellar 
fingers is 8 ± 1 nm. The size of the images is 20 X 20 fim 2 and 10 X 10 fim 2 for A) and 
B), respectively. 


The AFM results (see Fig. 8.2) now prove the existance of a monolayer inside 
the holes and show that this monolayer could crystallize. Our results can be 
reconciled with the contradictory observations by Franck et al. [38] if we assume 
that crystallization for films thinner than about 15nm is strongly suppressed. 
The formation of a nucleus in such thin films is probably not possible at the 
temperatures used in their and our experiments. Now, it has to be noted that 
our experiments indicate that crystallization of the monolayer started in the less 
confined thicker parts of the film at the edge (outside) of the dewetted region 
(i.e. at the rim) where the material from this dewetted area had been collected. 
No nucleation sites were found within the monolayer, except if there was a defect 
like a dust particle. 

If we now assume that the rim represented a nucleus, which induced crys¬ 
tallization of the monolayer, then the crystal would start at the rim and grow 
towards the center of the hole. Complementary experiments [29] (not presented 
here) showed that crystallization of the thicker parts of the him was much faster 
(about one order of magnitude) than for the monolayer. Thus, the whole sur- 
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rounding of a hole became crystalline before significant crystallization of the 
monolayer could take place. This crystalline boundary around the monolayer 
ensured that the number of molecules within the monolayer was a conserved 
quantity. Molecules from the monolayer arriving at the rim (=nucleus) got 
attached to the crystal. As it was energetically more favorable, the molecules 
changed from the predominantly planar arrangement within the adsorbed layer 
to a vertical and highly stretched configuration within the crystal. Attaching 
a molecule to a crystal releases crystallization energy. This energy is higher if 
the molecules are in a vertical position as each segment has more contacts with 
neighboring segments. At a molecular level one may suppose that attachment 
to the crystal is a multistep process. If for kinetic reasons other molecules get 
already attached before the molecule is completely stretched upright less perfect 
crystals are formed, which try to obtain better order in a second stage process 
afterwards (re-arrangement within the crystal - see later: Sect. 8.3.2). 

The change to a vertical conformation leads to an increase of the depleted 
zone ahead of the crystal front. This process creates “free” or “empty” surface 
as the area occupied by an adsorbed molecule was larger than the one needed 
by a vertically oriented crystalline molecule. In order to get attached to the 
crystal the molecules had to diffuse to the crystal across this depletion zone just 
ahead of the crystal. So, in the course of time the quasi 2-dimensional crystals 
grow towards the interior of the dewetted zone. This growth process can be 
viewed as a random deposition of polymers at an initially smooth interface. 
At low temperatures the probability for desorption from the crystal surface is 
rather small. Thus, the arriving molecules will get attached to the crystal at the 
sites which are closest to the diffusing molecules. Molecules having the shortest 
diffusion path have the highest probability for reaching the crystal surface and 
getting attached to it. As a consequence of the predominance of the crystal sites 
closest to the “reservoir” of amorphous adsorbed polymers, the crystal-front 
becomes unstable, and eventually finger-like or fractal patterns are formed. 

Molecules sitting at the crystal surface have also a significant probability for 
desorption (detachment), especially at temperatures close to the melting point. 
In a simplified picture, one may say that as a consequence of temperatures closer 
to the melting point the polymers need more time to get attached permanently 
to the crystal (they have a higher probability to leave the crystal surface again) 
and therefore, during this longer time, the effective distance increases over which 
molecules can diffuse. The increase of the diffusion paths is responsible for the 
coarsening (widening) of the fingers with increasing crystallization temperature 
(see Fig. 8.3). 

Extensive computer simulations based on the above mentioned ideas of a 
diffusion-limited aggregation (DLA) process have been performed in order to 
test the basic concepts [28,30,47]. Their results are in remarkable agreement 
with the experimental observations. Even features like the relaxation processes 
shown the following section or the mixed patterns caused by sequential crys¬ 
tallization at two different temperatures (see Fig. 8.4) could be reproduced. A 
detailed description of these simulations, the model used and the fundamental 




Fig. 8.3. Analogous results as in Fig. 8.2, obtained after crystallization for A) 12 min 
at 35°C and B) 5430 min at 53°C. The height of the mono-lamellar fingers is 6±1 nm 
and 15±1 nm, respectively. The size of the images is 5 X 5 fim 2 and 84 X 84 fim 2 for A) 
and B), respectively. One should note that the width of the fingers varies from about 
150 nm to about 15 urn within a temperature range of 18 C. 
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Fig. 8.4. Patterns obtained by crystallization of a PEO-7.6k monolayer at 53°C for 
3782 min followed by a quench to 35 C. After 66 min the sample was finally brought 
to room temperature and measured directly after that by AFM. The size of the images 
is A) 70 X 70 fim 2 and B) 97 X 97 (im 2 . The small fingers resulted from crystallization 
of the polymers which at the time of the quench to 35°C were not yet crystalline. 
The average height of the small and the large fingers is about 6±1 nm and 15±1 nm, 
respectively. The triangular shape of the fingers should be noted. 
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processes involved in polymer crystallization can be found in the accompanying 
contribution (Chap. 9 of this book). 



Fig. 8.5. Average width of the crystalline “fingers” as a function of crystallization 
temperature for two different molecular weights (PEO-2k and PEO-7.6k, respectively) 
on semi-logarithmic scales. The dotted lines are guides to the eye. The different slopes 
indicate different numbers of folds per chain, as supported by the different heights of 
the fingers. 


Finally, it is worth emphasizing that the thickness of the lamellae (the height 
of the fingers) at a given crystallization temperature was rather constant (the 
thickness fluctuations are much smaller than the mean thickness, see e.g. 
Fig. 8.2B). However, this thickness varied with temperature. This indicates that 
the kinetics of the deposition process determines besides the width of the fingers 
also the height of the lamellae. At a high deposition rate (large undercooling) 
the molecules attached to the crystal have less time to stretch out and are thus 
in a state of relatively low internal chain order (folded state). In contrast, if 
the crystals grow slowly the attached molecules have more time to relax to¬ 
wards the fully extended form of lowest free energy by re-arrangements at the 
crystal surface. Figure 8.5 demonstrates the coupling between width and height 
of the lamellae via the different slopes one can fit to the PEO-7.6k data. The 
smaller PEO-2k polymer does not fold in the temperature range investigated. 
Accordingly, a single straight line is sufficient to approximate the data. The 
longer polymer, however, does fold with the number of chain folds depending 
on crystallization temperature. The influence can clearly be seen in our AFM 
images. E.g. in Fig. 8.4, one finds 6±1 nm and 15±1 nm thick lamellae resulting 
from crystallization at 35° C and 53° C, respectively. These values correspond to 
lamellae containing chains which are about 8 and 2 times folded, respectively. 
Figure 8.5 now shows that the width of the fingers does change much with crys- 
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taUization temperature if the chains are highly folded while it increases more 
significantly for the less folded states. 

In particular, for highly folded chains one has to expect that after the primary 
DLA-type growth process a secondary much slower relaxation process will follow. 
Relaxations at the crystal boundary or even within the crystal are responsible 
for morphological transformations of the finger patterns as we will discuss in 
more detail in the following section. 

8.3.2 Relaxations of Polymer Crystals AFTER Formation 

In Fig. 8.6, we show a typical example of what happens to Lather rapidly grown 
finger-like crystals if they are briefly annealed, even at temperatures about 20° C 
below the melting point. Exactly the same spot, which can be identified by the 
defect visible in the right corner, is measured before and after the annealing 
procedure. One can clearly see that the finger-like pattern (Fig. 8.6A), created 
by a DLA process [30], changed its morphology over large distances, up to more 
than 1000 times the size of a monomer. We emphasize the ostensible analogy to 
dewetting processes in liquids. 

At all temperatures below the melting point, all crystalline domains show 
elevations (rims) at their edges (boundaries). The height of the domains was 
quite uniform and changed in rather discrete steps with temperature [11]. The 
higher the temperature the higher were the domains. For our polymer (PEO- 
7.6k), we expect, based on the molecular weight, that lamellae consisting of 



Fig. 8.6. Morphological transformations visible in a monolamellar crystal of PEO-7.6k 
grown at 35°C for 10 min A) before and B) after the sample was annealed for 5 min at 
45°C. The size of the images is 5 X 5 /jm 2 . Note the tendency for transformation of the 
tree-like shape of the fingers into an arrangement of circular (droplet-like) structures 
with a slightly higher region at the periphery. The defect zone at the right lower corner 
served as a marker for an unambiguous identification of the investigated area even after 
annealing. This allows to follow the pathways the system has chosen for the relaxation 
of the metastble states (folded chains) within the “fingers”. 
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Fig. 8.7. Tapping mode AFM images showing the morphological changes induced by 
annealing fingers obtained by crystallization of monolayers of PS-PEO(3-3) resulting 
from pseudo-dewetting. A) after crystallization at 45° C, B) after subsequent annealing 
for 1 min at 54°C. The size of the images is 40x40 /itn '. C) and D) show 3D-plots and 
cross-sections, respectively, from the small square indicated in A) and B). The dotted 
and the full lines in D) represent the states A) and B before and after annealing, 
respectively. 


chains containing 8, 6, 4, and 2 folds have thicknesses of 5.4 nm, 6.9 nm, 9.6 mu 
and 16 nm, respectively. This is in striking coincidence with the heights we 
actually measured (6. 8 10. and 16 nm. with an error of about 0.5 nm and a 
variance of about 1 nm). Corresponding to the increase in lamellar thickness 
we observed a decrease in the area covered by the crystalline domains. This is 
a direct consequence of the conserved number of polymers within the observed 
area. 

The observed relaxations can be interpreted as the tendency of the crystalline 
polymers to remove chain folds and to establish better ordered and more compact 
crystals. We also note that several distinct morphologies can be observed in 
the course of such crystal improvement. Besides the pattern shown in Fig. 8.6 
(mostly indicating lateral contraction of lingers and some coalescence of droplet¬ 
like domains) one may also observe the formation of “holes” within the fingers. 
This phenomenon has been predicted by computer simulations 2 and has been 
also observed in experiments with homopolymers, but even more pronounced for 


2 


see Chap. 9, in particular Sect. 9.5 therein. 
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PS-PEO(3-3) (see Fig. 8.7A-D). The advantage of block copolymers is that the 
piling up of lamellae is extremely unlikely due to the incompatible amorphous 
block. Thus, one can unambiguously attribute the observed height to the polymer 
architecture (chain folding and eventual chain tilting). On the other hand, the 
amorphous block may also affect the crystallization process and thus may cause 
complications in the interpretation of the results. 

The 3D representation in Fig.8.7C and in particular the cross sections shown 
in Fig.8.7D deary reveal the elevations (rims) at the boundaries of the crystals. 
Comparing the maximum measured height (about 20 nm) with the expected 
thickness (about 26 nm) of a lamella containing fully extended polymers, which 
are orientied exactly perpendicular to the substrate, indicates that the steric 
and entropic constraints induced by amorphous block cause the molecules to tilt. 
The degree of tilt can change continuously, even within one finger. Consequently 
no discrete steps in lamellar thickness are visible. Annealing such crystals of 
non-ideally ordered polymers allows to reduce the degree of tilt (the lamellar 
thickness increases locally). As a consequence, less surface area will be covered 
by an individual molecule, giving rise to the empty space within the fingers. 



Fig. 8.8. Tapping mode AFM images showing the morphological changes induced by 
annealing fingers of Fig. 8.7A at comparatively higher temperatures. A) after crystal¬ 
lization at 45° C, B) after annealing for 1 min at 55° C and C) after annealing for 1 min 
at 56°C. The size of the images is 10 X 10 /jm 2 . 


In Fig. 8.8 we demonstrate that annealing at even higher temperatures leads 
(in accordance with theory and computer simulations [47]) to a higher probablity 
for desorption of polymers from the edges of the crystalline domains. This, in 
turn, creates a “sea" of non-crystalline molecules around the remaining (now 
smaller) crystalline domains. Upon cooling down to room temperature, these 
“free” polymers (or at least most of them) will re-crystallize, however, in more 
folded states. The remaining crystalline domains containing highly extended 
polymers serve as seeds for the crystallization of the free pofymers. Thus, one 
can find small but rather high domains surrounded by much thinner lamellae. 
This can be clearly seen in Fig. 8.8C. 

Our data prove unambiguously that the reduction of the number of chain 
folds in crystalline polymer lamella is accompanied by changes in the morphol- 
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ogy on a mesoscopic scale, large compared to the size of the molecules. This 
is surprising because polymer mobility within the lamellae is highly restricted. 
These changes, which set in at the border of the crystalline domains and prop¬ 
agate at a progressively slower rate towards their interior, are driven, similar to 
dewetting, by the tendency to minimize the total circumference of the domains 
thereby minimizing line and surface tensions. 

The following interpretation is strongly supported by computer simulations 
[30] which were able to reproduce our experimental findings and provided ad¬ 
ditional information for the understanding of the underlying basic processes. 
Further details can be found in Chap. 9 and in [47]. 

After the growth process, relaxations within the crystalline domains start to 
dominate. Since chains at the edge of the crystal are much more mobile compared 
to the interior, relaxations start there. Thus, as a second step of morphogenesis, 
a pronounced rim is formed around the crystalline domain. This rim, in turn, 
prohibits further relaxation of the interior on the same time scale. Note the dif¬ 
ference to equilibrium crystals of small molecules where the melting process sets 
in at the surface, i.e. the weakest part of the crystal. In contrast, non-equilibrium 
polymer crystals are surrounded by a rim of better ordered molecules correspond¬ 
ing to a more stable region which acts as a self-confinement of energetically less 
favorable states. 

However, also this self-confined state will continue to relax since it is still 
not in thermal equilibrium. On much longer time scales, a third process leads 
to further growth of the thickened rim zone. For large areas surrounded by 
such rims, or for block copolymers lamellae consisting of tilted fully extended 
molecules, even holes may appear in the interior of these crystalline domains. 
Note that, as a result of the kinetic pathway the system has taken, the central 
part of a crystalline polymer fingers is thermodynamically weakest. This implies 
that re-arrangements and melting will start most likely from the interior of the 
finger structures (see Figs. 8.7 and 8.8). In addition, if one gives such enclosed 
areas sufficient time for relaxations, morphological changes in the interior will 
happen, even at temperatures about 40 degrees below the melting point [11]. 

8.3.3 Discrete Variation of Lamellar Spacings with Temperature 
in Block Copolymer Systems 

We now turn to crystallization within the confining mesostructures found in 
diblock copolymer systems. The crystallization of polymers involves a hierar¬ 
chy of ordered structures on several length scales starting from the crystal unit 
cell, over nano-sized crystallites up to hundreds of microns for spherulites. In 
block copolymer systems, these length-scales are superposed to, and sometimes 
in competition with, the mesoscopic structures due to the interaction (incom- 
patability) of the blocks. Consequently, crystallisable block copolymers in thin 
hlms or at surfaces present interesting systems for the creation of patterned 
substrates exhibiting multiple lengthscales. 

The representative AFM image shown in Fig. 8.9 for the almost symmet¬ 
ric PBh-PEO(3.7-2.9) demonstrates the possibility to distinguish between the 
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Fig. 8.9. Tapping mode AFM images from a thin film of PBh-PEO(3.7-2.9), crystal¬ 
lized at 38 C. The film thickness is varying between one and three lamellae (indicated 
by the different gray levels in the topography image A). The substrate can be seen 
in the right lower corner (see e.g. the “phase” image in B). The phase shows a clear 
molecular spacing indicated by the periodic light and dark lines representing vertical 
lamellae. A FFT analysis yields a characteristic distance of 22±1 nm. The contact line 
to the substrate has a strong influence on the orientation of the lines. These lines are 
not neccessarily interrupted, even if they cross different height levels (see upper left 
part of the images). 


crystalline PEO domains and amorphous PBh layers via the “phase” image of 
tapping mode AFM. The most spectacular result is represented by the line pat¬ 
terns visible in the phase-image. These lines are separated by a well defined 
distance of 22±1 nm, a value of the order of the size of the molecules. We have 
to conclude that the molecules formed lamellae oriented vertically with respect 
to the substrate. The difference in viscoelastic properties (the crystalline PEO 
domains are much harder than the liquid PB^ domains) is reponsible for the con¬ 
trast in the AFM phase image. Interestingly, the vertical lamellae resulting from 
the crystallization process were preferentially aligned along the borders of dewet- 
ted regions. The perfectness of this alignment could be even further improved by 
reducing the crystal growth rate, i.e. by crystallizing at higher temperatures. In 
Fig. 8.9 one can see that the spacing between these lamellae is highly constant 
and that the phenomenon is not depending on the him thickness. 

The morphologies of polymer crystals are generally meta-stable structures 
as they are always significantly affected by the kinetics. We investigated this 
influence by varying the crystallization temperature and thus the crystal growth 
rate. In Fig. 8.10 we have compared typical results for four crystallization tem¬ 
peratures T c differing only by a few degrees. A small difference in T c , from 38°C 
(Fig. 8.10A) to 45°C (Fig. 8.10C), resulted in a doubling of the characteristic 
spacing. For T c between 20° C and about 40° C we observed a spacing of about 
22 ± lnm. Increasing T c to 48° C led to the complete loss of a characteristic 
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Fig. 8.10. Comparison of AFM phase-images for thin films of PBh-PEO(3.7-2.9), 
crystallized at A) 38 C C, B) 41'C, C) 45 C C, and D) 48 C C. The size of each image 
is 400 X 400 nm 2 . The characteristic spacing increases from A) 22±lnm to B) 34±fnm 
and C) 44±fnm and is lost for D). These spacing can be related to different levels of 
chain folding as indicated by the sketches a, (3, 7 . 6. While a, (3 and 7 can explain the 
spacing in A, B) and C, respectively, S can probably not be realized due to unfavorable 
or even impossible strong streching of the amorphous block. Thus, D) is probably due 
to the re-orientation of the vertical lamellae of C into a horizontal alignment. This 
would allow for lateral spacings of any width, not related to the size of the molecules. 


separation distance between lines of low and high stiffness, as demonstrated in 
Fig. 8.10D. It should be noted that the topography and the phase image are now 
clearly correlated. In particular, depressions between stripe-like features appear 
as dark lines in the phase image while the stripes (independent of their width!) 
are represented by uniformly light parts. 

Based on simple geometric arguments (we know the number of the monomers 
and their size in the crystalline state as well as the lamellar spacing observed 
by AFM) we conclude that for temperatures up to about 40° C we have once 
folded interdigitated PEO blocks (sandwiched between PBh layers) resulting in 
a repeat period of about 22 nm. This value has to be related to the maximum 
length of the fully extended crystalline block alone which is 18.4 nm. Assuming 
that we have one fold, we would obtain a length of 9.2 nm. only for the PEO 
block. Taking into account that the lamellar period L consists of amorphous and 
crystalline layers (ABA sequence), and further assuming that the PEO blocks are 
interdigitating (“zipper” we obtain a value between 20-25 nm for L, depending 
on the conformation of the PBh block. 
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At higher temperatures the system starts to remove the fold and eventually 
we end up in a state of fully extended but interdigitated PEO blocks with a length 
of 18.4 nm at around 45°C (this is only about 9 degrees below the melting point 
and growth proceeds only at a speed of less than 1 nm/sec). In Fig. 8.10 we have 
sketched these ideas. 

In contrast to molten systems, the resulting lamellar spacing in the crystalline 
state cannot simply be described by thermodynamic arguments. It also depends 
strongly on the kinetics of the crystallization process. As long as the equilibrium 
between the loss of entropy due to the stretching of the PBh blocks and the 
gain in crystallization energy of the PEO blocks is not obtained, the PBh blocks 
have no possibility to control the number of folds of the PEO blocks. In such a 
case, the PEO blocks crystallize more or less unaffected by the PBh blocks. Thus, 
crystallization of the PEO blocks sets the lateral separation of PBh-PEO(3.7-2.9) 
junction points and the degree of stretching of the PBh blocks. The evolution of 
the patterns with temperature (Fig. 8.10) proves that the once folded state at 
low temperatures is NOT an equilibrium state but is the result of the kinetics of 
the crystallization process. The equilibrium situation is most likely obtained if 
crystallization takes place very slowly at a temperature only a few degrees below 
the equilibrium melting temperature. 

8.3.4 Individual Crystallization and Melting 
of Polymer Nanocrystals 

In the last set of experiments we used the asymmetric block copolymer PBh- 
PEO(21.1-4.3), where PEO presents the minority phase and forms spherical cells 
with a diameter of about 12 nm. A typical AFM image is shown in Fig. 8.11. The 
first point to realize is the ability of the AFM phase mode to distinguish even 
between two liquid polymers, the liquid PEO cells embedded within the liquid 
PBh matrix. There is no correlation between topography and phase image. 

The key question we aim to answer is how crystallization proceeds under such 
extreme confinement. One has to realize that within such small spherical cells 
with a diameter of about 12 nm about 145 PEO blocks each having about 100 
monomers are contained. In addition, each block is attached to a much longer 
amorphous block forming the confining matrix around the PEO cells. Previous 
experiments [39,41] already showed that the overall growth kinetics of highly 
asymmetric block copolymers forming spherical or cylindrical mesophases dif¬ 
fers qualitatively from the kinetics in unconfined geometries. As crystallization 
did not destroy the mesophases, it was concluded [39,41] that crystallization was 
initiated by homogeneous nucleation, separately in each compartment. However, 
until now it was not possible to verify by direct visualization of the crystalliza¬ 
tion process if nucleation was really independently occuring in each compart¬ 
ment. Employing again tapping mode AFM phase contrast to distinguish now 
between crystalline and amorphous cells, we observed in direct space that crys¬ 
tallization occurred in a random manner, cell-by-cell (see Fig. 8.12). Systematic 
AFM experiments using samples held at —23°C for increasing times showed that 
the fraction of crystalline cells increased with crystallization time. 
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Fig. 8.11. AFM topography (A) and phase (B) images showing the surface of a thin 
PBh-PEO(21.f-4.3) film. While the film is rather smooth, the different viscoelastic 
properties of PBh and PEO allow to identify the distribution of the two block in the 
hexagonally packed mesostructure of spherical PEO cells in an amophous PBh matrix. 
The size of the images is 500 X 500 nm 2 . The inset in B) shows a magnification of a 
65 X 65 nm 2 section of B where one PEO cells is indicated schematically. 



Fig. 8.12. AFM phase images showing the variation in the number and the distribution 
of crystalline cells after crystallization at — 23°C for A: 5 min, B: 15 min and C: 120 
min. The percentage of crystalline cells as a function of time follows a relation which 
can be approximated by n = 71^(1 — Here, n^. and r are the maximum fraction 

of crystallizable cells and the characteristic time of the the process, respectively. Fitting 
this equation to the data at early times yields r = 35 min. Note, however, that even 
after 120 min a measurable fraction of about 5% was still not crystalline, indicating 
deviations from above equal ion at long times. The size of the images is 1 X 1 (im 2 . 


An obvious question arises: Is there a correlation between the crystalline 
cells? Does crystallization of one cell induce crystallization of neighboring cells? 
Our experiments [48] show that neither at low nor at high densities of crys¬ 
talline cells, any indications for a coupling between cells can be found. Our 
results demonstrate further that the probability for nucleating a crystal in a cell 
is not visibly affected by the state (either molten or crystalline) of the neighbor¬ 
ing cells. Thus, at all densities of crystalline cells, the PEO spheres crystallize 
independently, with a random spatial distribution of the cells. 
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As shown by the AFM images of Fig. 8.12, the mesophase structure was 
not changed upon crystallization and the shape of the crystalline spheres as de¬ 
tected by AFM did not indicate large scale deformations. Thus, the polymer 
crystals seemed to keep the spherical shape of the cell. A spherical shape of the 
crystalline domain can only be achieved by imperfect and thus comparatively 
unstable crystals. The fact that the crystals were formed at extremely large un¬ 
dercoolings supports the assumption that the crystals contain many defects. A 
strong tendency to improve crystalline order via relaxations, even at tempera¬ 
tures well below the melting point, has to be expected. Such improvements of 
crystalline order were clearly detected by DSC [49]. 

Just after crystallization and some relaxations, we should not expect that the 
properties of all the indiviual crystals are exactly identical. An indirect proof for 
heterogeneities of the crystals comes from direct observations of the distribution 
of crystalline cells after partial melting. AFM clearly shows a distribution of 
melting temperatures of the individual spheres (see Fig. 8.13). Different melt¬ 
ing temperatures are attributed to different degrees of perfection of the crystals. 
Images of the partially molten samples after progressively increasing the temper¬ 
ature towards +45° C do not show any signs of correlation between cells during 
melting (see Fig. 8.13). Like the distribution of the crystalline cells upon crys¬ 
tallization, the molten cells are also distributed randomly [48,49]. 



Fig. 8.13. The sample of Fig. 8.12 after 240min at — 23°C (A) was split into several 
pieces which were separately annealed for 2 min at. B: 39°C, C: 42°C, and D: 44°C, 
respectively. 


We note that all cells which were unstable at a given temperature melted 
already within less than 2 min, and that no further cells melted upon prolonged 
annealing. In contrast to techniques averaging over large volumes, AFM allows 
to distinguish which cell is melting at which temperature. Already molten cells 
cannot re-crystallize as nucleation is only possible at low temperatures. There¬ 
fore, the fact that a certain number of spheres remained crystalline, independent 
of the duration of annealing (melting), indicates a heterogeneity in stability. The 
perfectness of crystalline order of the individual spheres as it results from crys¬ 
tallization and reorganization during heating is indeed of statistical nature. 
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8.4 Conclusions 

We have demonstrated that AFM in combination with well-defined samples like 
thin films or even polymer monolayers allowed a direct relation between the 
morphology and the crystal nucleation and growth processes. 

Due to a strongly reduced nucleation probability of polymers confined in the 
two-dimensional adsorbed monolayers, crystallization starts always in the thicker 
regions, e.g. at the rims collecting the material from the dewetted areas. Thus, in 
such experiments, we can clearly separate between nucleation and growth phe¬ 
nomena, putting the focus on the growth processes. In the dewetted holes, the 
resulting growth patterns are analogous to structures resulting from diffusion 
limited aggregation (DLA), frequently found in nature (e.g. snowflakes). More¬ 
over, using the basic principles of DLA but adding polymer specific features like 
the possibility for chain folding, we succeeded in reproducing even fine details 
of the experimentally found features of the monolamellar crystals with a generic 
computer simulation model [28,30,47] presented in Chap. 9. In particular, the in¬ 
crease of the characteristic width of the fingers with crystallization temperature 
and the relaxation behaviour upon annealing of the non-equilibrium polymer 
crystals has been understood based on these simulations. The complex nature of 
polymers is introduded via the possibility of chain folding, leading to a sequence 
of metastable states. 

Studying crystallization of adsorbed polymer monolayers allows the direct 
observations of molecular parameters like the width and the thickness of the 
fingers (average stem length). The latter is a direct measure of the degree of 
chain folding and thus gives access to the basic steps of the organization of seg¬ 
ments within a polymer crystal. In spite of the complexity of this process, our 
results clearly showed that the primary step of polymer crystallization is related 
to a DLA process. The kinetics of this process results in highly non-equilibrated 
structures which then, in a second step, will relax towards a thermodynami¬ 
cally favored state of more extended molecules. Such morphological changes in 
meta-stable polymer crystals may occour on large mesocopic scales even at tem¬ 
peratures well below the melting point. This increase of internal chain order 
(removal of chain folds) is directly detectable for the quasi-2 dimensional crys¬ 
tals. The resulting morphology is strongly depending on the time-temperature 
pathway taken by the thermal treatment. Based on the well-suited conditions 
of our experiments (direct visualization with molecular resolution, a conserved 
number of molecules in well-oriented crystals, and control of temperature) we 
are able to test theoretical approaches of polymer crystallization and melting. In 
combination with results from computer simulation, this represents a promising 
way for solving the question of how polymers crystallize. 

A key parameter in controlling the crystalline morphology is the number of 
chain folds (selected by the kinetics of crystallization) which ultimately deter¬ 
mines the lamellar spacing L. For diblock copolymers, the strong incompata- 
bility of the two blocks prevents the exchange of molecules between layers on 
the timescale of the crystallization process. In contrast to amorphous copoly¬ 
mers, where the lamellar thickness is controlled by thermodynamic aspects, in 
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semicrystalline polymers the morphology is dictated by the kinetics of the crys¬ 
tallization process. It has to be noted that the crystallization energy is usually 
much larger than interfacial energies or configurational entropy of the polymers. 
At different temperatures, the kinetics of the crystallization process leads to dif¬ 
ferent but well-defined metastable states which are reflected in different lamellar 
spacing, also for block copolymer systems. 

An approach to investigate questions of how polymer crystals are nucleated 
is based on highly confining geometries provided by block copolymer mesostruc- 
tures. Time-resolved real-space AFM measurements allow to observe statistical 
nucleation and melting via the corresponding distributions of crystalline domains 
within an array of small confined spherical cells. Homogeneous nucleation at large 
undercoolings results in crystals of different degrees of order, prone to internal 
reorganization processes and reflected in a range of melting temperatures for 
the individual cells. Most remarkably, all cells crystallize or melt independently, 
without any visible correlation between cells. We expect that further systematic 
studies of this kind using polymers differing in size and/or nature of the confin¬ 
ing matrix will shed even more light on basic problems like how polymer crystals 
are nucleated. 

Certainly, many question have been left open but our results demonstrate 
the advantages of thin film studies for a better understanding of polymer crys¬ 
tallization. Several possible and obvious extensions of our work are planned for 
the future. 
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Abstract. We discuss a generic algorithm to simulate the growth of chain crystals 
from adsorbed monolayers. Chains are considered as elementary statistical units which 
can exist in states of different internal order. Non-equilibrium growth is combined 
with internal reorganization processes with a tendency to improve the crystalline order 
towards the fully stretched chain state. The thickness of the grown crystals is self- 
organized as a result of the interplay between a barrier to increase local chain order 
and the gain of enthalpy by accessing higher degrees of order (longer stems). When 
the reservoir of liquid chains is exhausted relaxation processes dominate. Since chains 
located at the crystal rims have a higher mobility they are prone to spontaneous reorga¬ 
nization into higher ordered state. This results in striking and very stable morphological 
phases such as overgrown rims or hole-rim patterns. Increasing the temperature yields 
to further morphogenesis. In particular droplet-like patterns can be obtained which 
show liquid-like features on large scales but are made up of highly ordered crystalline 
chains. We argue that final melting of polymer crystals is not related to the structure 
which is crystallized but only to the descendants in the morphogenesis of the chain 
crystal. 


9.1 Introduction 

Polymer crystals generally represent non-equilibrium states usually referred to 
as folded chain crystals [1,2,3]. Only crystals containing fully stretched chains 
can be regarded as an equilibrium thermodynamic state. 1 The occurrence of 
non-equilibrium folded states has its origin in the high internal conformational 
entropy of individual chains in solution or in the melt and is sketched in Fig. 9.1. 

To illustrate the basic idea, we assume ideal Gaussian conformations for the 
chains in the liquid state. Then, the averaged extension of the randomly coiled 
chain R in the amorphous state is proportional to the square root of the degree of 
polymerization N, i.e. R = IN 1 / 2 , where l denotes the statistical segment length. 
This state represents the thermodynamic equilibrium in the liquid phase. On the 
other hand, the thermodynamic equilibrium in the crystalline phase is given by 
the fully stretched chain crystal having a thickness of L = IN. Now, let us 

1 This might be different for copolymers, where an equilibrium between the stretching 
of the amorphous block at the expense of folding or tilting of the crystalline block is 
conceivable 
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Fig. 9.1. Sketch of the transformation from the coiled amorphous state to the stretched 
crystalline state via intermediate metastable states. 


consider a relatively short chain made of 100 statistical monomers. Assuming 
further that an individual statistical monomer has only z = 2 times more micro¬ 
scopic states (bond orientation) in the liquid state then in the crystalline state, 
an estimate which is certainly much too low. Than, the probability for this chain 
to access the crystalline conformation due to statistical fluctuations is given by 
p = exp{ —100 In 2} ~ exp{—70}, which is an inconceivably small number. The 
time needed to produce such a conformation t c is of the order of t c = r/p, where 
r is in the pico-second range (segmental relaxation time). Thus, t c ~ 10 58 s, much 
longer than the age of the universe. Therefore, for a given under-cooling chain 
crystals are formed by much shorter stretched sequences (stems) at the expense 
of additional surface energy at the folding surfaces. However, these states can 
spontaneously gain free energy by transforming into less folded states. Three 
remarks have to be made at this point 

• The transformation into more stable states can involve complex morpholog¬ 
ical transformations including spatially distributed lamellar thicknesses and 
breaking-up of the original lamellae. Only the trivial possibility of homoge¬ 
neous lamellar thickening has been considered in some detail in the past. 

• The non-equilibrium character of polymer crystals is not necessarily mani¬ 
fested by the lamellar thickness L alone, but can correspond to non-equilibrium 
growth morphologies as well. This is well known also for ordinary liquid-solid- 
transitions. Snow-flakes being a commonly known example. 

• Also the stem lengths in newly born polymer crystals are not due to equilib¬ 
rium fluctuations between the liquid and the crystal phase but are obtained as 
the result of a kinetical pathway. This is most obvious for polyethylene under 
high pressure, where lamellar thicknesses in the range of pm are obtained, see 
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Chap. 3 on page 17. However, this requires pre-cursor-states where the chain 
favors the stretched state. 

In short: Polymer crystals are out-of equilibrium structures since equilib¬ 
rium fluctuations are virtually impossible between the liquid and fully extended 
crystalline state. 

In the past, attempts to understand and predict the properties of chain crys¬ 
tals have been focused on kinetic models for chain attachment onto the crystal 
growth front assuming the resulting structure as frozen and quasi-stable [3,4]. 
This represents a one-step crystallization process. Here, we want to put forward 
a more general point of view by considering polymer crystallization in the con¬ 
text of non-equilibrium growth and reorganization phenomena. We show that a 
simplified lattice model constructed from basic assumptions about the polymer 
crystallization process is capable to predict a variety a morphological features 
and transformations which can be observed under the AFM (atomic force mi¬ 
croscope) on crystallized polymer films. Furthermore, we scrutinize basic ther¬ 
modynamic concepts such as “melting” and “recrystallization” for systems far 
from equilibrium. We want to put forward a more general concept of “morpho¬ 
genesis” . During the life cycle from growth out of a super-cooled melt until final 
melting a polymer crystal can go through various intermediate stages of different 
stability. 



Fig. 9.2. Sketch of the Lauritzen-Hoffmann diagram. 


Before we describe our model assumptions in more details, we would like to 
discuss the use of thermodynamic terms in the context of non-equilibrium states, 
in particular in case of the widely used Hoffman-Lauritzen (HL) diagram as dis¬ 
played in Fig. 9.2. Let us consider temperature to be the only thermodynamic 
variable, i.e. in equilibrium thermodynamics (E-TD) all states are uniquely de¬ 
fined for a given temperature, the phase diagram of ETD has only one axis. Now, 










156 


Jens-Uwe Sommer and Gunter Reiter 


a polymer crystal is obtained by a fast quench from the stable liquid state. 2 The 
thickness L(T C ) of the polymer lamellae obtained under such non-equilibrium 
conditions at the crystallization Temperature T c shows a pronounced dependence 
from T c . Plotted in a (1/L, T)-diagram this can be approximated by straight 
line which we call the crystallization line, see also Chap. 4 on page 48 in this 
book. The crystallization line can be described by the empirical relation 

L = — + 6L , (9.1) 

where a and 6L are empirical constants. Usually, the small correction 6L is only 
introduced for theoretical reasons (see below). The dimensionless under-cooling 
is defined as 


A c 


Tf - T c 

J'O 


(9.2) 


where T c ° should be considered again as an empirical parameter. 

On the other hand, the crystallization temperature T C (L ) does not coincide 
with the melting temperature T m where the transformation of the crystallite, 
bom at T c , back to the liquid phase takes place. For a given thermal treatment, 
for instance a constant heating rate, this defines an array of maps T c —1 T m , 
which, by continuity can be expressed as a function T m (T c ), and because of the 
previous observation also as T m (l/L). Generally, these functions must depend 
on the thermal treatment during the annealing stage such as the heating rate. 

So far, the argumentation is still very general. However, at this point, usually 
arguments borrowed from ETD come into play. Assuming the picture of geomet¬ 
rically regular and very thin (but rather large) lamellae, the finite thickness L 
gives rise to a depression of the melting temperature compared to a (hypotheti¬ 
cal) equilibrium melting temperature = T m {l/L —)■ 0) according to the well 
known Gibbs-Thomson rule. In a simple form this reads 

\ = h-A , (9.3) 


where b is constant depending on the melting enthalpy and the surface tension 
of the bottom and top surfaces of the lamellae (folding and chain end surfaces). 
The dimensionless under-cooling at the melting-line is defined as 

rnO _ 

A m = m m • (9.4) 

-*• m 

This would provide another straight line on top of the crystallization line as 
sketched in the figure. By this definition, the Gibbs-Thomson-melting-line should 

2 The crystalline phase can also be reached from a glassy state (cold crystallization). 
Then a fast annealing step to the crystallization temperature is required. Also here, 
the system is brought far from equilibrium to an anticipated equilibrium melting 
temperature. 
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be the upper envelope (stability limit) for all observed melting temperatures in 
the HL-diagram provided that the lamellar thickness L is well defined in all 
experiments. In models for the crystallization kinetics [3,4,5] often the following 
identifications are made: = T c ° and a = b. Then 5L refers to the distance 

between the melting and the crystallization line at T c , see Fig. 9.2. 

A few general problems in this context should be highlighted. First, the 
Gibbs-Thomson rule is valid for an equilibrium state, where L can be fixed, as 
an independent parameter (For instance melting of a material squeezed within 
a thin slab). In the present case, L is a result of the crystallization process, in 
particular of the cooling history of the sample. It cannot be varied or fixed by 
independent means. When the crystalline lamella approaches its stability limit 
T m sufficiently slowly, several kinds of reorganization processes can take place 
which can change the morphology including the apparent thickness L, instead 
of direct melting. This can be easily seen from the HL-diagram in Fig. 9.2. If 
we start from the state of crystallization A in the figure and anneal the system 
just up to the melting line, state B at temperature Tj, there exist a state C on 
the crystallization line at the same temperature, which corresponds to a crystal 
which just appear at this temperature. So, instead of melting the crystal can 
“decide” to “recrystallize” with a thicker lamella. 

Secondly, the theoretically established melting line cannot be independently 
checked, since the surface tension (which controls the constant a) is not measured 
independently. By contrast, it is usually calculated on the basis of the Gibbs- 
Thomson rule taking the actually measured values of T m . 

Thirdly, and most importantly, the HL-diagram is often considered as an ana¬ 
logue to a thermodynamic phase diagram. This implies that the non-equilibium 
valiable L together with the temperature defines the state of the crystals uniquely 
and no further knowledge of the sample is required. First of all, we note that only 
states between the crystallization and the melting line are defined, because L 
cannot be defined outside this region (gray shading in Fig. 9.2). Let us now con¬ 
sider a crystal born at the state A. The crystal is then annealed sufficiently slowly 
so that it does not approach the “direct” melting point B , but, due to various re¬ 
organization processes, it melts in a different state D (see also Fig. 4.7 in Chap. 4 
at page 57). The annealing process can be related to a continuous path in the 
HL-diagram, defining a trace of states. Now, consider fast annealing of a crystal 
born at the state A' in Fig. 9.2, which leads to the same state X by means of a 
different thermal history. However, there is no way to assume that both states 
representing the point X show the same physical behavior and correspond to the 
same macroscopic state. By contrast, we will show that this is highly unlikely 
since the HL-diagram is an incomplete description of the non-equilibrium states 
of polymer crystals. For a more complete description, in addition to L additional 
non-equilibrium variables such as measures of the crystal morphology must be 
included. 
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9.2 A Lattice Model for Crystallization 
in Polymer Monolayers 

Crystallization from polymer monolayers opens novel insights into the processes 
of growth, reorganization and melting of polymer crystals as is outlined in 
Chap. 8 on page 131. On the other hand, the geometric restrictions for growth 
in two dimension makes it possible to cast basic assumption about the polymer 
crystallization process into a simple and fast lattice algorithm. In this section 
we describe first our basic assumptions for the states and processes relevant for 
polymer crystallization. Then, we propose a model for the implementation of 
these assumptions in a Monte Carlo algorithm. More details can be found in [6]. 

In the introduction we emphasized the point of the large entropy reduction 
of individual chains during crystallization. In fact, a polymer crystal can be 
regarded as a super-crystal made of complex units which are the folded and 
frozen-in chain conformations. Traditionally, in models of the crystallization ki¬ 
netics the unit for the crystallization process is chosen to be much smaller than 
the chains (stems [4], or small groups of statistical monomers [5]). Here, we will 
take the opposite point of view and consider the chain as the smallest unit of the 
crystallization process. In contrast to crystallization in simple liquids, the poly¬ 
mer chain changes its internal state in the crystalline phase. This is illustrated 
in Fig. 9.3. 



Fig. 9.3. top) Different states of internal order of a polymer chain during crystalliza¬ 
tion: In the amorphous phase the chains form random coils with a high conformational 
entropy. In the crystalline phase the chains have to order into a folded structure which 
can be characterized by the average length of stems. Also here different degrees of dis¬ 
order such as loops, non-regular folding patterns must be accounted for. We assume a 
folding pathway of individual chains from the amorphous state into the fully ordered, 
stretched state via intermediate less ordered states, bottom) In addition, when poly¬ 
mer crystallization occurs in thin films onto substrates the ordering process involves 
desorption of monomers. 




























9 Growth and Morphogenesis of Polymer Crystals 159 


We denote the degree of order of the individual chains by an order parameter 
m. The liquid state is defined by m = 0 which corresponds to the disordered 
random conformation. When a chain enters the crystalline phase its internal 
state of order must change (chain folding, reduction of conformational entropy). 
We denote the states of increasing internal order by m = 1,2, were M 

represents the maximum degree of order, i.e. the fully stretched state. For all 
ordered states m > 0 we assume a binding energy to each neighboring chain in 
the crystal which increases with m: 

E(m, m') = e ■ min(m, m!) , (9-5) 

where e denotes the binding energy per unit of the order parameter. On the other 
hand, the transition into a state of higher internal order is accompanied with 
a reduction of entropy. In our simplified model, we assume that the probability 
of increasing the internal degree of order from mtomt Am is described by a 
simple exponential law 

p(Am) = pf m , (9.6) 

where ps gives the ordering effort per unit of the order parameter. We call this 
the entropic penalty. Note that these assumptions are quite similar to those of 
the model of Sadler [5] but generalized to whole chains. 

The interplay between both effects can qualitatively explain the appearance 
of folded chain crystals with an optimal value m opt . If the order parameter at 
the growth front is low (m < m opt ), the binding energy will not be sufficient to 
localize new crystalline chains at the growth front. These chains can fall back 
into the liquid state with a probability of p ~ exp{— fem/kgT} where / is 
the effective number of nearest neighbors at the growth front, T denotes the 
absolute temperature, kg being the Boltzmann constant. Here, we assumed the 
same value of m for all chains in the crystal for the sake of simplicity. On the 
other hand, a high value of m > m opt is related to a low probability p(m ) for 
the liquid chains to enter the crystal, which in turn favors the crystallization 
of weaker ordered chains in competition with these high ordered chains. As a 
consequence of these opposing effects an optimal value m opt will dominate the 
population of ordered crystal chains. The value of m opt , however, will depend on 
the incoming flux of liquid chains and the growth morphology obtained under 
the given conditions (via /). Most importantly, however, is that also crystalline 
chains can change their degree of internal order within the crystal and can move 
to different places. This will take place in particular at the crystal boundary 
where the restrictions are lowest. 

In order to get a more detailed and quantitative picture, we apply these ideas 
to the growth of monolayer crystals in form of a lattice model. Let us start with 
a few facts about polymer crystallization from adsorbed polymer monolayers 

• Homogeneous nucleation is highly suppressed in monolayers. Crystallization 
starts usually from the thicker parts surrounding the monolayer, see Fig. 8.2 
and 8.7 in Chap. 8. 
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• Lamellae grow flat-on. Hence, the adsorbed chains have not only to stretch 
but also to desorb partially from the substrate, see also Fig. 9.3. As a result of 
this process the occupied area per chain is reduced for chains in the ordered 
state. This is illustrated in the left hand side of Fig. 9.4. 


In particular the second point allows us to find a very simple realization of 
the internal order parameter m in a lattice model. For crystallization in polymer 
monolayers it can be directly related to the reduction of the occupied surface 
area. Hence, we can define rn as 


m 


Ap 

~A 


(9.7) 


where A is the surface occupied in the crystalline state (upright stems) and Ao 
corresponds to the surface area the chain occupies in the flatly adsorbed liquid 
state. In simple words: The area of gyration of a single single adsorbed molecule 
is occupied by m molecules in the crystalline state. Within a lattice model this 
leads to the idea of multiple occupation of lattice sites in the crystalline state. 
Therefore, we can treat the polymer chains as elementary objects (points on a 
lattice) having an internal degree of freedom m which is represented by multiple 
occupation of lattice sites. 


Rim 
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Fig. 9.4. Left: Model for crystallization of polymer mono-layers. The stems must be 
oriented upright using the rim of the dewetted hole as primary nucleation sites. The 
area per chain is reduced in the crystal phase. The area ratio between adsorbed, non- 
crystallized chains and crystalline chains represents a suitable order parameter m. 
Right: Lattice growth model with multiple occupation of sites in the crystalline phase. 
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Let us summerize our model assumptions for the case of a Monte Carlo 
algorithm: 

• Chains are the elementary units of dynamics and are modeled as points on a 
two-dimensional lattice. In the liquid state (strongly adsorbed chains) diffusion 
is realized by changing the position of the chains to neighboring lattice sites 
randomly. Because of excluded volume, lattice sites can be occupied by one 
liquid chain only (m = 0). 

• Since homogeneous nucleation is suppressed (see first point above), no sponta¬ 
neous change m = 0 —>■ m > 0 can occur. The increase in the order parameter 
must be mediated by an existing growth front. 3 Therefore, nucleation sites 
must be provided. In most of our simulations we use a straight line at the 
bottom and the top of a rectangular simulation box representing the rim sur¬ 
rounding of the monolayer region. 

• In the crystal phase m < M molecules can occupy the same lattice site. 
For simplicity, those m molecules are considered to be all in the same state 
of order (coarse graining remains on the size of the adsorbed chains). The 
binding energy corresponds to the number of pairs of oriented units between 
neighboring sites, see (9.5). 

• A liquid chain can enter a crystalline site of order m when it is located next 
to the growth front. Then, it must increase the local order of this site by one 
unit, which corresponds to a probability p(m + 1) as given in (9.6). If the move 
is rejected a new crystalline site is created at the actual position of the chain 
in the lowest state of order m = 1. This corresponds to a precursor state. We 
do not allow for growing further chains directly at a site with m = 1. During 
growth there will be many chains in this state next to the growth front which 
corresponds to an adsorbed (but not yet fully crystallized) layer. 

• A chain at the growth front can leave the crystal and enter the liquid phase by 
breaking all bonds to the neighboring crystal sites which is given by a proba¬ 
bility p = exp {—E/ksT}, where E denotes the sum of all binding energies to 
neighboring sites, see (9.5). 

• A chain in the crystal phase can change to a neighboring site within the crystal. 
This requires a breaking of all crystalline bonds at the original site and the 
formation of new bonds at the new site. If the degree of order is increased 
during this move also a probability p(Am) has to be multiplied to the net 
probability of such a move. 

• All m chains in a crystal site are treated individually during the Monte-Carlo 
procedure. 

The model assumptions and its realization on a two-dimensional square lat¬ 
tice are illustrated in Fig. 9.4. During a Monte Carlo step a chain is chosen 
randomly and a random direction for a possible move is generated. If the new 
position would violate the excluded volume condition (for liquid chains, only sin¬ 
gle lattice occupation is allowed, for crystalline chains m newpos i t ion < M must 

3 This can take place via adsorption of the liquid chain at the growth front and further 
change of the conformational state, which may include liquid crystalline precursor 
states [7], see also Chap. 10 
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be fulfilled) the step is rejected. Otherwise, all weights for the steps have to 
be taken into account. This means that the move is accepted only if a random 
number between 0 and 1 is smaller than the product pp as discussed above. 

The two parameters 

Po = exp{ ——} (9.8) 

k B T 


and ps, see (9.6) are abstract parameters on a coarse grained scale. It is not 
possible to associate these parameters with microscopic parameters within our 
model. The parameter po, however, represents a strong temperature dependence. 
Therefore, we interprete po as a measure of the temperature of our model ac¬ 
cording to 


1 






lnpo 


(9.9) 


Here, we have taken e/k as the natural unit of our temperature definition. On 
the other hand, the entropic penalty ps represents many complex features on 
the scale of the chain. The transition between differently ordered states involves 
highly cooperative processes which cannot be reflected on the scale of our model. 
Certainly, the simple relation for p in (9.6) is a rough oversimplification. Never¬ 
theless, as we will show below, even such a simplified model reflects fine details 
as observed in real experiments. To get more insight into the local processes 
which control the entropic penalty parameter, direct simulations of the freez¬ 
ing polymer chains have to be carried out, see Chap. 10. The most important 
achievement of our algorithm is to reduce the enormous number of parameters 
which can influence the polymer crystallization process to only two empirical 
model parameters which make it feasible to check their impact on the crystal¬ 
lization process by direct comparison to experiments. Moreover, only simulations 
on a coarse grained scale can be used to model the behavior of the growth and 
reorganization processes on time and length scales which are experimentally rel¬ 
evant. 


9.3 Growth Morphologies 

In order to see the impact of the both model parameters we start to investigate 
the role of the temperature and the maximum order parameter M, which is 
related to the polymerization degree N, without taking into account the entropic 
penalty (ps = 1). As a consequence a crystal site is populated by incoming free 
chains until M is reached. After completion the next incoming chain creates a 
new crystal site in the state of lowest order. Hence the crystal will be dominated 
by fully occupied sites, i.e. fully extended chains. However, during the growth 
process some partially filled sites can be surrounded by others which, when fully 
occupied, frustrate enclosed partially ordered crystal sites. This induces disorder 
in the lamellar structure in form of defects created by the 2D nature of the growth 
process. 
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600 LU 


Fig. 9.5. Growth patterns obtained without entropic penalty (ps = 1) for M = 4. 
Lattice size is 600 X 600. a) po = 0 (T = 0), locally irreversible growth after 30 TMS. 
b) po = 0.3 after 60 TMS and c) po = 0.5 after 60 TMS. 

We start the discussion with an maximum occupation number of A1 =4 
on a lattice of size 600 x 600. The results for three different values of po are 
displayed in Fig. 9.5. Growth proceeds in the .r-direction. see Fig. 9.5a. The first 
row x = 0 serves as the rim (primary nucleation) as described above. Because 
of the periodic boundary conditions growth starts simultaneously from the top 
(x = 0) and from the bottom line (x = 600). In Fig. 9.5a the temperature is 
zero (po = 0), hence locally irreversible growth takes place. The picture was 
made after 30 000 MCS (30 TMS). Figures 9.5b and 9.5c are obtained after 60 
TMS with a value of po, = 0.3 and 0.5 respectively. In addition to the height 
< m >, two length scales can be identified from the pictures and are illustrated 
in Fig. 9.6 

First, the correlation length £ of the branching structure which corresponds 
to the characteristic distance between the fingers. For the case T = 0 (Fig. 9.5a) 
about six large growth animals. This corresponds to £ ~ 100 for this case. On the 
other hand there is a smaller characteristic length scale IF which can be identified 
with the width of finger structures and strongly depends on temperature [8,9]. 
A simple approach to understand the temperature behavior of IF was presented 
in [10]. It is based on the assumption that the width IF of the fingers is directly 
related to the average path of diffusion of a chain until it gets trapped finally in 
the crystal phase. 

The effect of a change in the order parameter is shown in Fig. 9.7. where 
M = 2 is used. For the case T =0, Fig. 9.7a, densely branched morphologies 
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Fig. 9.6. Illustration of the relevant length scales of the growth patterns. 



Fig. 9.7. Growth patterns obtained without entropic penalty for i\/ = 2. a) po = 0 
and b) po = 0.2 


can be seen. Note the smaller correlation Length i.e. the distance between 
neighboring branches. A qualitative change in the growth morphology emerges 
for higher temperatures. Fig. 9.7b displays the result after 30 TMS for po = 0.2. 
Now loops and islands occur, indicating a matching of both length scales £ and 
IF. In order to obtain a measure of the correlation length £ the one-dimensional 
structure function perpendicular to the growth front averaged over the .r-range 
is used: 


O') j- ^ j- exp - y')\(j(x,y)(j(x,y') 

x v—n ^ y o, o,'— n f ^ y J 


where a{x, y ) is unity if the lattice site (x, y) belongs to the crystal and zero 
otherwise. 

The result is plotted in Fig. 9.8. For T = 0, as represented in Fig. 9.7a, 
the maximum is located at about 27 in units of the inverse overall Length scale 
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Fig. 9.8. Structure function S (n) in the direction parallel to the growth front averaged 
over the lattice for the both cases of Fig. 9.7 


L y . Associating this value with the dominating length scale £ of the patterns 
in y-direction we obtain a value of £ ~ 22 lattice units which fits well to the 
average period obtained directly from visual inspection of the picture. Note that 
this maximum is not shifted by temperature. Increasing the temperature only 
pronounces this characteristic length scale, see Fig. 9.7b. For po = 0.2, most 
of the fractal-like details which are visible for T = 0 are lost. This indicates 
that the two length scales behave quite differently with temperature. While the 
correlation length £ does not show a significant temperature dependence the 
width of the fingers W increases rapidly with temperature. 

To conclude this section we have shown that the order parameter M controls 
the overall morphology of the growth patterns. The higher the surface density 
jump is, the larger is the correlation length For small M, matching of the 
strongly temperature depended lower scale W (width of fingers) with the cor¬ 
relation length £ is obtained leading to multiply connected morphologies. Both 
trends have been observed in experiments. 


9.4 Self-organized Crystal Thickness and Growth Velocity 

After having considered the appearance of growth morphologies and their prop¬ 
erties as a function of the area density jump m, we now turn to the full problem 
by considering a finite entropic penalty. Now, the average lamellar thickness 
< m > can be much smaller than M and therefore also prone to further reor¬ 
ganization phenomena. We start by fixing the entropic penalty to an arbitrary 
value of ps = 0.6, representing a finite effort for individual chains to increase 
their internal degree of order. Later, we will study the influence of different val¬ 
ues for ps- The maximum order parameter is taken as M = 10. A systematic 
variation for po mimics temperature variation. The value of M is chosen in order 
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to allow us to study both, the regime where the chains are not fully stretched as 
well as the influence of a maximum order parameter on reasonable time scales. 
It should be noted that, because of the interplay between the binding energy for 
chains in the crystal and the penalty for increasing the local chain order, the 
resulting effect is always due to combination of both contributions. One has to 
distinguish carefully between the nature of the competing forces and the mixed 
nature of the resulting effect [11], 


a be 



Fig. 9.9. Growth patterns obtained with an entropic penalty of ps = 0.6 for different 
temperatures. Lattice size is 600 X 600 a) T = 0.0, b) T = 0.72 and c) T = 0.95. 


Typical results of the growth morphologies are presented in Fig. 9.9 for T = 
0.0, 0.72 and 0.95. The effect of a self-adjusting averaged order parameter < m > 
can been seen already for the locally irreversible case T = 0 in Fig. 9.9a. Note 
that < m > corresponds to thickness L (average stem length) in the crystal 
as used in the empirical (9.3). A distribution of stem lengths creates a fine 
structure of the patterns (roughness of the folding surface) indicated by different 
gray levels. The increase of temperature changes the morphology of the growth 
animals as well as the surface roughness and the average stem length. 

Let us first consider the distribution of stem lengths and their dependence on 
temperature. The data were obtained after 30 TMS for lattice of size 200 x 200. 
In Fig. 9.10a the average stem length < m > is plotted versus temperature T. As 
expected, the average stem length (thickness of crystalline lamellae) is an increas¬ 
ing function of temperature until the melting point is reached. In Fig. 9.10b the 
distribution of stem length is displayed for different temperatures. We can qual¬ 
itatively distinguish three regions: For low temperatures fully stretched chains 
are highly suppressed (71/ is irrelevant). The increase of the stem length with 
temperature shows a convex behavior. Above T ~ 1 the fully stretched chains 
dominate the ensemble, which results also in the imprisoning of Lion-stretched 
chains (for details, see the next section). In this region, the thickness of the 
lamellae still increases with temperature but now in a concave, i.e. gradually 
saturating manner. Eventually, for T > 2 the crystallites which were formed at 
the preset nucleus are rapidly disassembling which produces dynamic, cloud-like 
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a 



Temperature (reduced units) 


b 



Fig. 9.10. a) The average stem length < m > is plotted versus the temperature T 
taken in reduced units according to (9.9). Three regions of qualitative different behavior 
are marked with different symbols: Q - un-stretched chains, □ - stretched chains are 
dominating and o - no persisting growth structure, b) The distribution of stem lengths 
for different temperatures are displayed. 


patterns. In this region, we do not have a persisting crystalline phase. These 
three regions are marked by using different symbols in Fig. 9.10a. 

To test the empirical linearity of the crystallization line, see Fig. 9.2 the 
corresponding HL-representation is applied in Fig. 9.11. Here, the temperature 
is plotted against the inverse average stem length. Indeed, a linear fit can be 
obtained, using the region of un-stretched chains only. 

A second parameter which has been investigated extensively is the crystal 
growth rate G. The following equation has been empirically tested and can be 
obtained from different models of the crystallization kinetics: 

G = Go exp(—A/Z\) . (9.11) 

Combining this with the empirical equation for the crystallization line (9.1) one 
obtains 

G = G'o exp(—L/L 0 ) , (9.12) 

with L 0 = a/A. 
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Fig. 9.11. Temperature vs. inverse stem length (HL-diagram). The vertical line sepa¬ 
rates the extended chain crystal phase from the non-extended chain crystal phase. The 
extrapolated melting temperature T m is obtained as T m = 1.51 from the data, of the 
region of non-extended chains. 


In Fig. 9.12a the growth rate G is plotted versus the averaged stem length in 
a semi-logarithmic representation. Here we have used the inverse time the system 
needed to display a maximum in the occupied area of the crystalline phase, see 
Fig. 9.12b. Because of relaxational processes, the crystal area decreases again 
after the density of not crystallized chains has decreased sufficiently, see the 
next section. Hence, the maximum of the occupied area serves as a measure 
for the time where relaxation starts to dominate crystallization. This yields the 
same behavior of G as taking the gradient of the crystal mass versus time for 
small times. The maximum method is easier to apply and can be extended to 
the region where stretched chains dominated, where a gradient region is difficult 
to obtain. Again, the relation can be well applied to our data. 

To conclude this section, we have shown that a simple lattice model provides 
a self-organized lamellar thickness which follows the empirical relation in the 
temperature interval where the chains are not stretched (the maximum order 
parameter is not involved). Also the growth rate coincides with the empirical 
observation, i.e. an exponential decay with < m > is obtained. This shows that 
these relations are very general for a growth process with internal reorganization 
and are therefore not sufficient to discriminate the particlar features of polymer 
crystallization processes. 


9.5 Reorganization of the Polymer Crystal 

As has been emphasized in the introduction, polymer lamellae containing un¬ 
stretched chains are usually not in thermal equilibrium. In contrast to previ¬ 
ous models [2,3] chains in the crystalline state are still mobile and can change 
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a 



b 



Fig. 9.12. To obtain a measure for the growth rate the maximum of the area, occupied 
by the crystal phase has been used, a) Growth rate (inverse time for reaching the area, 
maximum) is plotted versus the average stem length < m >. The dotted vertical line 
indicates the cross-over from non-extended to extended chain crystal growth. Within 
the region of non-extended chain crystals a, simple exponential fit is applied, b) Area, 
occupied by the growing crystal versus time for several temperatures. 


their position as well as their internal degree of order. Therefore, relaxations 
towards thermodynamical equilibrium will take place. However, there is a hier¬ 
archy of metastable states which show relative persistence on increasingly long 
time scales so that true equilibrium is practically not reached. On the other 
hand, these metastable structures can be identified in experiments. It is just one 
of the intriguing features of quasi two-dimensional him crystallization to display 
several stages of meta-stability within the observable time window. Because the 
appearance of these structures is the consequence of the interplay of growth and 
relaxation processes controlled by the microscopic crystallization and diffusion 
events, agreement between the different phases in the simulation and in the 
experiment is a highly non-trivial feature. 

First, we show the importance of the crystalline rim at the edge of the crys¬ 
talline domains with respect to such reorganization processes. Let us consider 
that at the growth front typically three nearest neighbors (NN) are present (at 
edges or dislocations there are only two NN, new crystal units on a growth front 
have only one NN), while in the interior there are four NN. Using for simplicity 
an averaged order parameter < m >, the ratio of internal reorganization events 
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pi to reorganization events at a flat growth front pp is given by 

Pi/PF = Po m> • (9.13) 

In the case of < m >= 6 and for a value of po = 0.35 (corresponding to about 
0.95 kT per bond of ordered units) this ratio is 0.0018, i.e. on average 540 events 
at the growth front will take place while one reorganization event In the interior 
of the crystal is performed. For edges this factor is about 300.000, while for new 
sites on top of the front the factor is already 160, 000,000. Hence, the dynamics 
at the front of the crystal will dominate the behavior. 



Fig. 9.13. Three dimensional representation of a growth animal for M = 10, ps = 0.6 
and po = 0.35. The right part shows a height profile taken from an individual finger. 


When the reservoir of free chains gets exhausted, therefore, relaxation pro¬ 
cesses at the crystal border will dominate the dynamics. This can be clearly seen 
from Fig. 9.13, where part of the growth pattern for T = 0.95 is displayed in 
a topographical representation. It can be clearly seen, that the stems near the 
crystal edges are higher compared to the enclosed inner regions. This effect is 
easily understood by considering our numerical example above. The outermost 
chains are in a kinetically favored position because of the lower number of nearest 
neighbor bonds. As a consequence, relaxation towards a higher ordered state of 
the chains takes place first at the edge of the crystal. This, in turn, restricts the 
mobility of the enclosed chains further. The resulting islands enclosed by rims 
of more extended polymers are therefore more stable compared to the situation 
directly after their formation by the growth mode. Hence, such patterns should 
be observable in experiments too and represent a second morphological phase 
after the formation of single polymer crystals. Indeed, the appearance of higher 
rims at the edges of the fingers is clearly shown in experiments, see Fig. 8.7c and 
d in Chap. 8. 

The special role of crystal edges for the relaxational processes becomes even 
more pronounced if we switch to smaller ps (high ordering penalty). In the ex¬ 
perimental system this would correspond to stronger adsorption. In Fig. 9.14 we 
show a system for M = 4, ps = 0.1 and po = 0.2 at different times. Here, we can 
observe the formation of holes within the growth animals. After 100 TMS only 
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c 



Fig. 9.14. Structures formed for ps =0.1 and po = 0.2 at different times, a) 5 TMS, 
b) 30 TMS and c) 100 TMS. 


the rims remain which are, however, in a locally highly ordered state. Further 
relaxation takes place on a very long time scale, since the binding energy in the 
self-assembled rim-structure is high. This morphology has also been observed 
experimentally, see Fig. 8.6B) in Chap. 8. 

At this point one has to note that for crystallization from strongly adsorbed 
thin films the parameter ps also depends on temperature since desorption of 
chains occurs. Therefore, a shift in both ps and po towards smaller values should 
correspond to a decrease of temperature in the real system. One would expect 
a next step in the relaxation of the crystalline phase where now the rims form 
again more compact objects driven by the line tension of the patterns. This, 
however, requires extremely long time scales — or an increase of temperature. 

9.6 Annealing and Morphogenesis — 

The “Crystalline Liquid State” 

We expect that the relaxation effects under isothermal conditions are even more 
pronounced if temperature is increased. In contrast to crystals in equilibrium, a 
temperature increase (annealing) not only causes melting but also faster access 
to better ordered states due to higher mobility. To investigate this behavior we 
applied a temperature jump after the initial growth process [12] 

In Fig. 9.15a, the growth of a system with M = 10, ps = 0.6 and T = 0.95 
is shown for three different times, see also Figs. 9.9 and 9.13. After 100 TMS 
a temperature jump is applied, as shown in Fig. 9.15c. The evolution of the 
crystal morphology (morphogenesis) is shown for different times in Fig. 9.15b. 
In Fig. 9.15d we display the internal energy (negative number of interacting 
units per lattice place) as a function of time after the temperature jump has 
been applied. 

Immediately after the temperature jump, a strong increase of internal energy 
U is observed in Fig. 9.15d which corresponds to detachment of chains at the 
edge of the crystal. However, after a rather short period, U displays a maximum 
(Max I) and than turns to decrease. The second picture in Fig. 9.15b at t = 0.7 
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a) 






Fig. 9.15. a,) Three stages during isothermal growth for M = 10, ps = 0.6 and T = 0.95 
( po = 0.35). This corresponds to the parameters used for Fig. 9.13. b) Morphogene¬ 
sis for different times after the temperature jump displayed in c). d) Internal energy 
(negative number of interacting units per lattice place) as a function of time after the 
annealing step. The arrows indicate the times where the morphology snap-shots of b) 
have been taken. Two characteristic stages of morphogenesis are magnified. 


TMS shows the reason for this behavior: the temperature jump also accelerated 
processes in the interior of the finger structures, which locally improved the 
internal order (local increase of the height of the lamella) leading, in turn, to the 
formation of holes. The edges of the crystal which were already in a state of higher 
order prove to be more stable and act as niideation sites for the reorganization 
of molecules in the inferior of the finger structures. 

After about 3.6 TMS the process of improving chain order can no longer 
compensate for the increased chain detachment at the periphery of the crystal 
and the internal energy starts to increase again. The third picture in Fig. 9.15b 
displays the state of the morphogenesis where the internal energy shows a mini¬ 
mum (Min I). At later times, the fingers are broken up and the structure starts 
to decompose as shown by the fourth picture at 9 TMS after annealing. At even 
longer times (note the logarithmic time scale in Fig. 9.15d), a third process sets 
in which stops the structural decay again. Now, parts of the remaining crystal 
structure take the advantage of the locally higher concentration of chains, a con¬ 
sequence of the transformation of the original morphology, and start to grow in 
size by forming compacted patches, thereby decreasing the total length of the 
perimeter of crystalline structures (energetically unfavorable sites). The transi¬ 
tion to more compact structures is reflected by a second maximum (Max II) in 
the internal energy after about 160 TMS, fifth picture in Fig. 9.15b. Several dy¬ 
namical features characterize this transition to more compact patches (droplets) 
and are responsible for a renewed decrease of the internal energy: Incorporation 
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of additional free chains, diffusion via shape fluctuations and, coalescence. Note 
that our initial nuclei (first row at the bottom and at the top of the simulation 
box) now also favor growth of compact line-shaped crystals. 

The droplets in Fig. 9.15b resemble a liquid-like structure on large scales. 
However, on small scales high crystalline order is realized. Almost all molecules 
in the droplet phase are fully stretched out. Because of the common history (same 
nucleation site) the droplets are also in crystal registry, i.e. display long-range 
crystalline order even beyond their own size. Can we apply terms established by 
equilibrium thermodynamics such as solid and liquid in polymer crystallization? 
The structures observed should be rather denoted as a “Crystalline Liquid 

9.7 Heating with a Constant Rate 
and the Role of Morphogenesis 

The capability of non-equilibrium crystals to obtain different morphological 
stages during annealing leads to a distortion of thermodynamic response func¬ 
tions such as the heat transfer under heating with a constant rate as used in DSC 
(Differential Scanning Calorimetry). DSC is a standard method for investigation 
of polymer crystallization. More details can be found in Chap. 14 and 16. 

To investigate the behavior at constant heating rates, we used the same sys¬ 
tem as in the previous section, see Fig. 9.15b after 100 TMS. Then, we applied 
tiny temperature jumps of 0.01, repeated after a period of At. The values used 
for At are 0.1, 0.5 and 5.0 TMS respectively. This results in heating rates of 
0.1, 0.02 and 0.002 e/£;/TMS) respectively. Most remarkably is the initial de¬ 
crease of the internal energy which is most pronounced for slow heating rates 
(.At = 5 TMS). This corresponds to an extended period of relaxation of the 
non-equilibrium structure per step in temperature and can be associated with 
the minimum in the isothermal relaxation as shown in Fig. 9.15d. For the lowest 
heating rate also the appearance and subsequent destruction of a transient inter¬ 
mediate morphology (first maximum in Fig. 9.15d) is observable as an additional 
peak of Cv (indicated by the arrow in Fig. 9.16). Without consideration of the 
morphogenesis as shown in the previous section the first peak in the DSC curve 
may erroneously be taken as a sign of “melting-recrystallization”. Increasing the 
heating rate reduces the possibility for relaxations. Thus, the minimum of U 
becomes shallower and is shifted to higher temperatures. Note that in experi¬ 
ments the heat capacity is not negative because it is superposed by many other 
contributions which are not directly related to the internal energy of the crystal. 

Independent of the heating rate, the internal energy must reach a common 
value at high temperatures when all polymers are in the liquid phase. Con¬ 
vergence is well achieved for the two slower heating rates. However, complete 
destruction of the crystalline phase, which leads to a zero-slope of the internal 
energy, is only reached at longer times outside the time frame of the simula¬ 
tion displayed here. Of course, the heating rates and relaxation times are still 
much faster compared to experiments. Assuming a diffusion constant of about 
10 _lo m 2 /s for the chains the elementary time step in our simulation corresponds 
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Fig. 9.16. Internal energy as a function of annealing temperature for heating at a 
constant rate. The starting conditions after 100 TMS are exactly the same as for the one 
step annealing shown in Fig. 9.15. At the beginning of each time interval consisting of 
At TMS the temperature is increased by 0.01 units. The internal energy is taken at the 
end of At and plotted vs. the total difference to the temperature at which the structure 
has been grown initially. The inset shows the formally derived heat capacity (\- which 
takes negative values at the beginning as a consequence of relaxation processes. For 
the lowest heating rate an additional maximum occurs as indicated by the arrow. 


to one [is. The relaxation phenomena take than place on a time scale of ms. To 
observe such phenomena under high heating rates in experiments a similar time 
resolution would be necessary. In addition, the magnitude of the first peak as¬ 
sociated with reorganization increases with decreasing heating rates but may be 
difficult to observe at, high heating rates. 

One of the main conclusion of this section can be obtained in the following 
way: Let us suppose for a moment that in an experiment integration of U is 
performed only over the area under the second maximum, which disregards the 
relaxation processes leading to the negative contribution of the heat capacity. 
Then, the apparent heat absorption during melting would be too high by an 
amount proportional to the neglected exothermic region. In addition, an appar¬ 
ent shift in melting temperature may be deduced. Most importantly, relating 
such an apparent melting temperature to the state of the structure immedi¬ 
ately after growth is clearly a mistake and physical interpretation of a relation 
between crystallization and melting temperature can be completely wrong. In 
simple words: The crystalline structure which melts is not identical with the 
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originally grown crystal but represents the last stage of the morphogenetic path¬ 
way. 

9.8 Conclusions 

Describing the features of non-equilibrium crystals requires a simple and numer¬ 
ically tractable model which allows us to relate the macroscopic observations 
to microscopic phenomena in order to predict the behavior of various experi¬ 
mental situations. This seems to be possible for the crystallization of quasi-two 
dimensional adsorbed monolayers. The main assumption here is to consider the 
polymer crystal as made of units (chains) having various degrees of internal 
order. During the growth process at a given under-cooling a temporary stable 
lamella is formed which represents the optimal degree of internal chain order 
which is possible under the condition of steady growth. At the same time a 
growth morphology is selected which can be characterized by two length scales: 
the thickness of compact parts (fingers) and the correlation length between these 
fingers. 

Our model allows a simple understanding of morphological changes which 
take place spontaneously in time or are forced by annealing processes. Because 
of the higher mobility of the molecules there, the borders of the lamellae play 
an important role. Relaxation effects yield higher order in this boundary region 
which self-confines the lamellae and gives rise to the formation of holes within 
the enclosed regions at later times or at elevated temperatures. Also other mor¬ 
phological phases can be explained on the basis diffusion, relaxation and growth 
processes. An example is the formation of droplet phases which contains highly 
ordered molecules but shows liquid-like features on larger length scales. 

Despite of the fact that our model is restricted to polymer monolayers, several 
general remarks can be made: 

• How can we define a unique state of polymer crystal without considering the 
history and morphological features of the system? These properties might not 
be easy observable in crystallizing melts, but, can be nevertheless as important 
as in thin films. Thus the classical HL-represention of the state of polymer 
crystal is insufficient and must be extended. 

• What is the generalization of phases and phase transformation known from 
ETD to system far from equilibrium? We have seen that annealing can yield 
an increase of order and melting proceeds via a morphogenesis. The originally 
grown lamellae will not melt but only their descendants. This calls in serious 
question not only the classical one-step crystallization models but also the 
interpretation of the melting line. 

The model which we have outlined in this chapter together with the experi¬ 
mental observations presented in several other chapters of this book 4 makes clear 
that a new and complete theory of polymer crystallization must involve many 

4 See for instance Chaps. 8, 6, 7. 
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general aspects of non-equilibrium processes. It also shows how computer simu¬ 
lations, i.e. simple algorithms, are useful in particular for a basic understanding 
of complex phenomena. 
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Abstract. This chapter describes molecular dynamics (MD) simulations with a coarse¬ 
grained (CG) model. Starting from the disordered melt, the formation of ordered struc¬ 
tures is observed which reproduce essential features of polymer crystallization. Short 
chains form extended chain crystals. As a function of chain length, homogeneous crys¬ 
tallization and melting temperatures show a good agreement with droplet experiments 
on alkanes. For longer chains, chain-folded lamellar-like structures are formed. For 
isothermal relaxation runs, well defined crystallization and melting lines as a function 
of inverse stem length are recovered. The model consists of excluded volume inter¬ 
actions, connectivity and an angle bending potential reflecting the torsional states of 
the underlying atomistic backbone. The simulations demonstrate that chain stiffness 
alone without an attractive inter-particle potential is a sufficient driving force for the 
formation of chain-folded structures. The growth front of these structures extends over 
several chain diameters and hairpins appear to contribute by an easy growth mode in 
this model. 


10.1 Introduction 

In this chapter, structure formation in dense melts is discussed by doing com¬ 
puter experiments with a realistic coarse-grained polymer model [1,2]. Studying 
polymer crystallization from the melt by chemically realistic computer simula¬ 
tions is a difficult task since large systems need to be simulated over a long time. 
Consequently, early MD simulation studies used e.g. an isolated chain to analyze 
chain folding during the collapse into a crystalline globule [3,4,5], the proper¬ 
ties of crystals were examined using predefined clusters [6], or chain-folding was 
examined under specific boundary conditions like a predefined growth front [7]. 
More recently, the structure formation from a disordered state has also been 
studied by MD for a melt of short chains [8] and for ensembles of chains in 
solution [9,10]. 

One possibility to access larger length and time scales is to use so-called 
coarse-grained (CG) models and Monte-Carlo schemes to accelerate the simula¬ 
tion by nonphysical moves [11,12]. The present simulation study is motivated by 
the debate concerning the early stage in polymer crystallization and the possi¬ 
bility of intermediate phases [13]. We are interested in the dynamics of structure 
formation from the amorphous melt and in conformational details of each chain. 


G. Reiter, J.-U. Sommer (Eds.): LNP 606, pp. 177-195, 2003. 
(c) Springer-Verlag Berlin Heidelberg 2003 
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Distance (o = 0.52 nm) Angle (deg) 

Fig. 10.1. Illustration of the mapping of the atomistic chain of poly (vinyl alcohol) 
onto the coarse-grained (CG) model. One monomer is represented by one sphere. The 
spheres are connected by harmonic springs and an angle-bending potential. On the 
bottom from left to right: the bond potential, the excluded volume interaction, and 
the angle bending potential between successive CG beads. A CG-angle corresponds 
to two successive torsions of the atomistic backbone; “gg”, “gt”, and K ‘tt,” stand for 
gauche-gauche, gauche-trans, and trans-trans. 


So we use classical molecular dynamics simulations with a realistic coarse-grained 
model. Such a model was recently introduced which makes it possible to access 
large systems of chains long enough to examine the formation of chain-folded 
lamellar-like structures. The approximations of the model give also hints which 
parameters are essential for explaining these structures. The properties of this 
model are reviewed in the following. 

10.1.1 The Model CG-PVA: Excluded Volume, Connectivity 
and Rotational Isomeric States 

The model used in this chapter is a bead—spring model with an additional an¬ 
gle bending potential [1,2]. Many simulation studies using chemically realistic 
polymer models already use the “united-atom" approximation: hydrogen atoms 
are absorbed with their neighboring carbon into one so-called united atom. We 
go one step further and map a whole monomer onto one bead as shown in 
Fig. 10.1. The interaction parameters have initially been determined by a system¬ 
atic coarse-graining procedure based on all-atom simulation data of poly(vinyl 
alcohol) (PVA) [14]. However, approximations make it a rather generic physical 
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model which fits also very well to polyethylene (PE). The effective ex eluded- 
volume interaction and the bond length have been determined such that the 
radial distribution function of the monomers in the CG model coincides with the 
corresponding distribution of the atomistic simulation data. The angle bending 
potential was determined by a Boltzmann inversion of the angle distribution in 
the atomistic melt. Since one CG monomer contains two carbon atoms of the 
backbone, one CG angle corresponds to two successive torsions on the atomistic 
level, see Fig. 10.1. Due to this approximation, one looses the zig-zag structure 
of PE or PVA chains. However, conformations are considered at the level of the 
rotational isomeric states. 

10.1.2 Simulation Details 

Classical molecular dynamics simulations are combined with a Langevin ther¬ 
mostat to maintain constant temperature [15]. Constant pressure is maintained 
by Berendsen’s manostat [16]. In this chapter simulation units are used: length 
scales are given in a = 0.52 nm, time is reported in r (lr = 200 integration 
steps). The mapping onto the coarse-grained model gives a precise length scale 
(through bond length and density). The time scale, however, is approximate 
since the elimination of degrees of freedom and the stochastic thermostat re¬ 
move local metastable states and thus accelerate the dynamics. A comparison 
with the diffusion constant for alkanes gives the estimate that r is of the order 
of picoseconds. Note that the nonbonded potential obtained after the CG pro¬ 
cedure is softer than a “standard” Lennard-Jones 6-12 potential. This and the 
overlap of the monomers make that the units a and r (and thus the density 
<y~ 3 ) are not directly comparable with standard bead-spring model simulations 
[17], though they are in the same order of magnitude. Temperatures are given in 
dimensionless units with respect to the melt state where the model was parame¬ 
terized. T = 1.0 corresponds to 550 K for poly (vinyl alcohol). When comparing 
with poly (ethylene), T = 1.0 should be rescaled to 440 K (see Fig. 10.10 in 
Sect. 10.3). 

Start configurations are generated by random walks according to the angular 
distribution in the melt. The amorphous structure is equilibrated at T = 1.0. 
The end-to-end-vector time-autocorrelation function was calculated to determine 
a typical relaxation time of the chains. This time is quite short for the shorter 
chains (260 r for N = 20), it starts to matter for chains of length N = 100 (10000 
r). With the Langevin thermostat, temperature relaxes almost immediately (< 
2r) to a new average value. 


10.2 Structure Formation in a Melt of Short Chains 

We start by describing a short chain system to introduce a typical simulation 
protocol and different quantities measurable in computer simulations. The short 
chains of N = 10 monomers behave nicely in the sense that they form extended 
chain crystals. The first thing we want to know is the crystallization and melting 
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Fig. 10.2. Crystallization of 960 chains of length A = 10: The simulation is started 
with an amorphous melt at temperature 7 1.0. It is cooled down at different rates, 

slowing down at T = 0.8 and again at T = 0.7. Left: temperature protocol, right: 
volume per monomer as a function of simulation time (instantaneous values sampled 
every 50 r). 
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Fig. 10.3. Crystallization of 960 chains of length N = 10: Volume per monomer as a 
function of temperature at different cooling and heating rates. 


temperature. They are most easily determined by continuous cooling and heating 
experiments. Since the crystal phase has higher density, the volume is a good 
indicator of crystallization [18]. Figure 10.2 shows the temperature protocol and 
the volume per monomer as a function of time. One observes a slow decrease 
of volume with temperature. At the onset of crystallization, the volume drops 
drastically. Figure 10.3 shows the volume as a function of temperature in these 
cooling and heating cycles. They exhibit a huge hysteresis (see next paragraph). 
Figure 10.4 shows snapshots of the initial melt and the filial crystal obtained 
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Fig. 10.4. Crystallization of 960 chains of length N = 10. (a) top left: initial configu¬ 
ration of the melt at T = 0.9, (b) top right: the first nucleus at 7 = 0.67 during cooling 
at the rate ICF 6 ? --1 , (c) bottom left: final configuration at T = 0.65 which consists 
of several ordered domains, (d) bottom right: perfect crystal set up at. T = 0.60 with 
three layers of 16x18 chains (periodic boundary conditions apply for all Fig.s). 

at the slowest cooling rate 10 _c r _1 . Note that by continuous cooling from the 
melt, we usually get polycrystalline samples. The higher the cooling rate, the 
smaller are the different crystal domains. For well defined growth, one must work 
at higher T with heterogeneous nuclei. The perfect configuration in Fig. 10.4d 
was set up by hand. 

10.2.1 Homogeneous Nucleation 

Suppose 7 ", being the temperature at which disordered and ordered phases are 
in equilibrium. When cooling the disordered melt below 7 ® the ordered phase 
would have a lower free energy. To initiate the phase transformation, interfaces 
must be introduced and this costs energy. Balancing the gain in volume energy 
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of the new phase and the cost of the interface one gets an effective barrier which 
must be overcome to nucleate the new phase. This is the qualitative picture 
why a hysteresis is observed in first order phase transformations. The barrier to 
nucleation decreases with increasing supercooling [19] making nucleation more 
probable at lower temperatures. For ever slower cooling and heating rates, the 
hysteresis should become smaller and smaller. However, the connectivity may 
give rise to another systematic increase of the hysteresis because the crystal 
phase may remain highly metastable with respect to the melt during heating. 

In practice, there are often many impurities which serve as heterogeneous 
nuclei so that little supercooling is needed in condensation or crystallization ex¬ 
periments. However, under careful experimental conditions, samples with large 
supercooling can be prepared. Droplet techniques for example were used to mea¬ 
sure well defined transition temperatures in alkanes and poly(ethylene) [20] (see 
also Sect. 10.3). The hysteresis has thus a systematic physical origin. In the sim¬ 
ulation, it is enlarged because of the quite fast cooling and heating rates as well 
as due to the boundary conditions: There are no free surfaces where nucleation 
of the new phase can be easily initiated. 

10.2.2 Positional, Orientational and Conformational Order 

A crystal is associated with long-range positional ordering which can be achieved 
with hard sphere-like entities such as metal atoms or small molecules. For aniso¬ 
tropic molecules, partial order may be achieved by ordering the relative ori¬ 
entation of the molecules. Orientational order gives rise to the rich phase be¬ 
havior of liquid crystals. In polymers, however, the connectivity introduces in¬ 
ternal degrees of freedom. The chain molecule is not rigid as a liquid crystal 
molecule, but the connectivity introduces fixed neighbor relationships between 
certain monomers. To fit into some (partially) crystalline structure, each chain 
has to undergo a conformational ordering prior to or during the crystallization 
process. In the following, we quantify these kinds of order for the four configu¬ 
rations shown in Fig. 10.4. 

The positional order is characterized in real space by the radial distribution 
function g(r) and in reciprocal space by the static structure factor 

S (v) = \^£ ex P 

' 3 = 1 ' \q\ =q±dq 

as shown in Fig.s 10.5 and 10.6. In the melt, the typical liquid structure is 
obtained. g(r) shows a peak of the second neighbor shell, and uniform den¬ 
sity beyond. For the crystal, marked structuring is seen on g(r). The structure 
factor reveals the peaks corresponding to a hexagonal lattice. These peaks are 
quite sharp for the perfect crystal and broadened for the polycrystalline sample 
(Fig. 10.4c). At small q, the structure factor of the perfect crystal shows peaks 
according to the smectic layering. 


( 10 . 1 ) 
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Fig. 10.5. Characterization of positional order: radial distribution function </(r). The 
peak at r = 0.5 corresponds to the nearest, neighbors along each chain. In the melt, 
no structure is observed beyond the second neighbor shell (r > 2er). At T = 0.67 
(Fig. 10.4b), where a small ordered nucleus is formed, g{f) is still almost unchanged 
from the liquid structure. In the crystal at T = 0.65, long-range oscillations occur 
which are still more pronounced for the perfect crystal. 




q (2tt/g) 

Fig. 10.6. Characterization of positional order in reciprocal space: the structure factor 
S(q) of the crystal exhibits Bragg peaks of the hexagonal lattice. For the perfect crystal, 
the peaks are sharper and one obtains also peaks at small q corresponding to the layer- 
distance. (The box length corresponds to qL = 27r/i = 0.39.) 
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Fig. 10.7. Characterization of orientational order: Average 2nd Legendre polynomial 
of bond vectors at distance R. Intra-chain correlations are excluded in this figure. 


The orientational order is described by the following orientational distribu¬ 
tion function 

P 2 {R) = <1.5 (U, ■ Ujf - 0.5} fl= | jR; _ J R 3 | (10.2) 

The average is taken over all pairs of bond vectors U\ and Uj whose distance 
Hi — Rj is in the interval | /»', R + Z\r | (the position vector R; is the midpoint 
of the bond vector this leads to a pronounced modulation of P%[R)). This 
2nd Legendre polynomial takes the value +1 for parallel orientation and —0.5 
for orthogonal orientation. It is zero if there is no correlation between the bond 
vectors in the given distance. Figure 10.7 illustrates this function for the systems 
of Fig. 10.4. The orientational order in the melt is very restricted, there is no 
signature beyond the second neighbor distance. For the perfect crystal, the bond 
orientation correlation is almost 1. For the poly crystalline sample, this high value 
is only reached at: the first neighbor distance, it then decays quite fast. 

The conformational order is reflected by the distribution of bond angles. 
At T = 1.0, one recovers the distribution which served to construct the angle 
bending potential, all three states are populated. In the crystal, most angles 
are completely stretched. To follow the evolution with time or temperature, we 
trace in Fig. 10.8 the fraction of stretched angles, a > 150°, denominated tt 
in Fig. 10.1. The short chains are almost completely stretched in the ordered 
state and almost no difference would be seen between the angle distributions of 
the poly crystalline and the perfect crystal configuration. A few defects persist 
in the ordered state which are mainly localized at the chain ends. This will be 
completely different for long chains which are folded in the ordered state. 
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Fig. 10.8. Characterization of conformational order: fraction of stretched angles (tt- 
state, a > 150°, compare Fig, 10.1) as a function of temperature. The behavior is 
analogous to the volume shown in Fig. 10.3. 


10.3 Chain-Length Dependence of Crystallization 
and Melting Temperatures 

In Sect. 10.2.1 the origin of a hysteresis between (homogeneous) crystallization 
temperature T x and melting temperature T m has already been discussed. We 
are now interested in the variation of this hysteresis with chain length. For short 
chains, the crystallization and melting temperatures vary considerably. This is 
well known from alkanes and for 7 m a quantitative description was already given 
in the early days of polymer theory [21}, For longer chains, the values saturate 
and converge to some value characteristic of high molecular weight polymers. 
This behavior is well reproduced by the present model. 

Figure 10.9 shows the volume per monomer as a function of temperature for 
different chain lengths. One sees the hysteresis which is shifted to higher tem¬ 
peratures with increasing chain length. 11 N > 20, the effect is less pronounced 
and the drop in volume is much smaller. This indicates that crystallization is 
incomplete. As a matter of fact, all cycles shown in Fig. 10.9 were obtained 
with the same cooling rate (—5 x 10" 6 r x ) and a faster heating rate (10" 5 r 1 ). 
Longer chains need more time to crystallize and the ordering is thus less com¬ 
plete. But the order is also qualitatively different: longer chains crystallize in 
folded conformations. 

In Fig. 10.10, the dependence of T x and T m as a function of chain length is 
shown [22]. The simulations discussed here are performed with periodic boundary 
conditions. There is no perturbation for initiating nucleation different than the 
decrease of temperature. We thus reproduce the situation of homogeneous nucle- 
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Fig. 10.9. Cooling and heating cycles for different chain lengths (from left, to right: 
X 0. 10, 20, 50). For N = 50, little difference is seen compared to N = 20. At this 
chain length, folding sets in. 
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Fig. 10.10. Chain-length dependence of melting temperature T m and homogeneous nu- 
cleation temperatures T x . Simulation data, are plotted with filled symbols, simulation 
units on the right scale. Open symbols and the left scale correspond to experimental 
values of droplet crystallization with alkanes taken from Kraak et, ah [20]. The tem¬ 
perature axis is scaled to T = 1.0 = 440 K; the lines are just a guide to the eye. The 
simulation shows a larger difference between T m and T x which can be explained by 
finite size effects and large cooling and heating rates. However, the slope as well as 
the widening of the hysteresis as a function of chain length are in good qualitative 
agreement with the experimental data. 
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Fig. 10.11. N = 100: Evolution of the volume per monomer and of the gyration radius. 
A melt system is cooled rapidly from T = 1.0 at the rate —2 X 10 r 1 . From 7 = 0.80 
the system is quenched to T c = 0.78 and T c = 0.70 from where isothermal relaxation 
is started. At the deeper quench to T c = 0.70, structure formation starts immediately, 
the volume and R g then saturate rapidly. At 7 r = 0.78, there is first an induction 
time before the volume goes down. The final melting at rate 2 X 10 _5 r _1 is also shown 
(starting at t = 90000 for T c = 0.70 and t = 170000 for T c = 0.78). 


ation which can be measured experimentally in droplet experiments. Figure 10.10 
also contains data from such droplet experiments with alkanes taken from [20]. 
The simulation results agree very well with the experimental findings on alkanes. 
The only adjustable parameter in the figure is the prefactor in the temperature 
scale. This fixes the temperature scale of the simulation to 440 ± 10K. 

10.4 Chain-Folding in Isothermal Relaxation 
of Long Chains 

In this section, the behavior of longer chains forming chain-folded structures is 
now discussed. We also consider a different type of temperature protocol: the 
preceding sections discussed structure formation during continuous cooling at a 
constant rate. The results in this section are obtained by isothermal relaxation 
after a sudden quench from the melt. A detailed discussion of the case N = 100 
was recently given in [2]. In the first subsection, the most important results are 
illustrated by data on a larger system of 1000 chains of length N = 100 which 
confirm the results previously obtained on a smaller system. Then some results 
of ongoing work on highly entangled chains of length N = 400 are discussed. 

10.4.1 Slightly Entangled Chains (N = 100) 

Figure 10.11 shows the evolution of the volume per monomer and of the gyration 
radius at two different relaxation temperatures. At the higher temperature, first 
an induction period is observed. It takes some time until a nucleus is formed 
which then grows further. When the volume starts to drop, R g starts to in¬ 
crease considerably. At the lower temperature, the structure formation starts 
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Fig. 10.12. Snapshots after isothermal relaxation of chains A = 100: T c = 0.70 (left) 
and T c — 0.78 (right); cut through the simulation box of 1000 chains, periodic boundary 
conditions apply laterally. Al the lower temperature, the stems are shorter and the 
crystal domains are smaller. 


immediately. However, the volume as well as R g saturate rapidly. The values 
in Fig. 10.11 are not completely saturated, yet. Further relaxation, however, 
would lead to little improvement. The structure will mainly relax locally and 
thus improve the order in the interfaces between the domains. 

Snapshots of the final configurations after these isothermal relaxation runs 
are shown in Fig. 10.12. One sees that at T c = 0.70 the stems are much shorter 
than at T c = 0.78. The difference in R g reflects this difference in the average 
conformation of each chain. Also laterally, the ordered domains are much larger 
at the higher relaxation temperature. This can be seen on the structure factor 
in Fig. 10.13 where the peaks at the higher temperature are sharper than at 
T c = 0.70. Figure 10.14 shows the time evolution of some peaks of the structure 
factor by plotting the average value obtained over corresponding q intervals. The 
small-g region corresponds to SAXS experiments, the two Bragg peaks would be 
measured in WAXS experiments. Actually, measurement of the onset of the 
scattering intensity for the different regions triggered the present debate on the 
polymer crystallization process. In some cases, the SAXS intensity is seen to 
appear before the WAXS intensity [23]. This indicates that some large scale 
structure appears before the local crystal structure. However, the delay may 
also be due to experimental difficulties in resolving very low crystallinities [24]. 

Comparing the two temperatures in Fig. 10.14, a behavior similar to the 
volume or R g is seen. The intensity grows immediately at T c = 0.70 and only 
after some induction time at T c = 0.78. On the linear scale, no significant delay 
of the onset of the small angle and the wide angle signal can be observed as 
stated also in [2], For the higher temperature, however, a delay of the Bragg- 
peak signal can be seen on the logarithmic scale on the bottom part of Fig. 10.14. 
However, at small q, the statistics is intrinsically poor because of the limitation 
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Fig. 10.13. N = 100: Structure factor S(q) of the initial melt (7 = 1.0) and of the 
final configurations after isothermal relaxation at T c = 0.70 and T c = 0.78 shown in 
Fig. 10.12. The peaks of the hexagonal lattice are labeled. They are sharper at the 
higher crystallization temperature. 


of the box size (the smallest possible scattering vector is q l fa 0.18). Further 
studies are thus needed to clarify a possible delay and its origin. Nevertheless, 
it is clear that the small —q peak grows much faster in the beginning than the 
Bragg peaks. This evolution of the structure factor suggests the presence of two 
regimes: the formation of a larger structure preceeds the ordering on a. local scale 
and the long-range ordering of the local structure evolves only slowly. Once the 
large-scale structure is formed (the small -<7 peak saturates) further densification 
is observed and the Bragg peaks still increase. 

In [2], an average stem length was determined for a. range of relaxation tem¬ 
peratures. This yields a crystallization line which is reproduced in Fig. 10.15. 
Bach configuration is then heated to determine its melting point. This gives the 
melting line. A fast heating rate was chosen such that no further thickening 
occurred [18]. 

The melting line in Fig. 10.15 is an upper limit of the melting temperatures of 
the given stem length. This and the high heating rate may explain that the lines 
do not cross, ft may surprise that we obtain such well defined lines with small 
systems of still quite short chains. The chains of length N 100 are only weakly 
entangled. We mentioned above that- the relaxation is not completely finished, 
the configurations obtained may thus be interpreted as the result of the primary 
crystallization. On the other hand, because of the small system size, the crystal 
domains rapidly grow into other domains or even into its periodic image. This 
rather corresponds to the relaxation of secondary crystallization. Thus, further 
work is necessary to make this clearer. 
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Fig. 10.14. N = 100: Evolution of different regions of the structure factor S(q) during 
isothermal relaxation at T c = 0.70 (dashed) and T c = 0.78 (solid). The top figure has 
a linear scale, the bottom figure shows only the data, of T c = 0.78 normalized by the 
value at t = 0 on a logarithmic scale (small-q on the left, Bragg-peaks on the right 
scale). The interval q = [0.3, 0.9] corresponds to the small angle scattering peak, the 
interval q = [7.2, 7.8] corresponds to the first Bragg peak and q = [12.7,13.4] to the 
second Bragg peak (see also Fig. 10.13). [The data, of the small-q and the second Bragg 
peak was shown in Fig. 5 of [2[. However, the curves of the high q-interval of the big 
system published in [2] were calculated with insufficient statistics and are very noisy. 
Here, the corrected data, is used which is much smoother.] 
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Fig. 10.15. A = 100: Crystallization and melting line obtained from isothermal re¬ 
laxation runs. After relaxation at a given temperature, the average stem length of the 
final structure is determined. Then, this structure is heated continously to determine 
its melting point. 



Fig. 10.16. Snapshot of a system with 500 chains of length N = 400. Left: cut through 
the simulation box (side length 45 er), 12 chains in the crystal domain are shown 
completely. The zoom on the right shows these chains from the side where the lamellar 
structure is seen. The growth front extends over several chain diameters and has conical 
shape indicated by the light gray lines. 


10.4.2 Entangled Chains (N = 400) 

To approach the situation of highly entangled chains, simulations were started 
with chains of N = 400 monomers. Figure 10.16 shows a first result where the 
growth of an isolated lamella can be observed. The simulation was started by a 
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self-seeding procedure: The melt was cooled rapidly from T = 1.0 to T = 0.78 
where crystallization starts soon. After 20000 r at T c = 0.78, the temperature 
was raised to T c = 0.82. By this procedure, the small nuclei melt and only the 
largest domain remains and continues to grow. In the time evolution, it is inter¬ 
esting to note that in the beginning, the lamella grows very fast by thickening 
(this was also recognized for the system N = 100 in [1]). Soon, the thickness 
saturates and more stems are aligned on the lateral growth front. Here, the sys¬ 
tem is big enough to have the growing lamella in contact with a large amount 
of disordered melt. We see that new stems join the ordered domain before the 
previous stems are completely aligned with the thickness of the already existing 
lamella. This yields a growth front which actually extends over several chain 
diameters and has a conical shape as indicated in Fig. 10.16. The chains in the 
ordered domain have still some mobility along their contour. 

The stem lengths in the ordered domain range from 40 to 45 monomers. Thus, 
each chain can have up to 10 stems. The average radius of gyration is about 9 
a in the melt. It increases to about 11 a during the crystallization shown in 
Fig. 10.16. The chain diameter is thus of the same order of magnitude as the 
lamella formed. It is rather rare that chains traverse the lamella with a single 
stem. Parts of a chain rather extend locally often forming hairpins which then 
reel in on the growth front (see also discussion of Fig. 10.17 below). 

10.5 Discussion and Conclusions 

This chapter described the structure formation in supercooled melts of a bead¬ 
spring model including an angle bending potential which reflects the stereochem¬ 
istry of poly (vinyl alcohol) or poly (ethylene). Two parameters, chain length and 
temperature, were varied. The simulation results agree very well with experi¬ 
mental findings: Short chains form extended chain crystals, they order and melt 
at lower temperatures than longer chains. Only the hysteresis between homoge¬ 
neous nucleation and melting temperatures is quite large which can be under¬ 
stood by the fast heating and cooling rates and the absence of heterogeneous 
nuclei in the simulations. One most easily observes the regime where structure 
formation sets in spontaneously. However, the growth of single nuclei can also 
be observed after careful examination of the phase diagram. For exploring the 
slow growth at smaller supercooling, heterogeneous nuclei can be introduced. 
The present systems are still quite small and the chains rather short to test the 
regime of highly entangled melts which is addressed by the contribution of Strobl 
[13]. However, several interesting observations can be made. 

An important point is that the present model allows to observe the formation 
of chain-folded structures in a bulk system starting from the amorphous melt. 
For the present model, chain folding sets in at around N = 50 monomers. The 
case N = 100 was most systematically examined. First calculations are reported 
showing that bulk systems with N = 400 are also accessible. It is very interesting 
that already with the system of N = 100 one obtains well defined crystallization 
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Fig. 10.17. Schematic representation of a lamella growing into the melt. The simula¬ 
tions suggest that deposition of a hairpin is an easy growth mode because it acts as a 
wedge which is driving between the lamella and the melt. 


and melting lines in the representation of temperature versus the inverse of the 
average stem length. 

In the ease N = 100, the gyration radius R g is nearly doubled at the higher 
T c , but the chain diameter 2 R g is still significantly smaller than the lamella. 
For these still short chains, their “global” conformation is completely changed 
during the crystallization. In the case N = 400, R g of the melt is twice as large 
as for the chains N = 100. It increases slightly during the crystallization. The 
chain diameter is now in the order of the lamellar domain. This means that most 
chains participate mainly in one single domain. We are not yet in the limit of high 
polymers where it was shown that R g remains unchanged [25]. This lead to the 
so-called solidification model (“Erstarrungsmodell”) saying that the structure 
formation affects each chain only locally. We agree with this qualitative picture. 
Comparing the chains N = 100 with N = 400, the ordering kinetics at the same 
temperature is almost the same. This means that the slowing down of chain 
dynamics due to entanglements does not affect the ordering. It seems even that 
the average monomer dynamics is accellerated in the region of crystallization 
with respect to the melt. 

Even though the global extension of a long chain changes little, locally, on 
the scale of the lamella, there is a significant reordering. II is frequent that 
chains reenter the crystal by a. tight baekfold. We often observed that two stems 
connected by a hairpin fold move together. Figure 10.17 shows schematically 
this possible growth mode for a single chain near the lamellar edge suggesting 
the following mechanical picture. The hairpin may drive like a wedge between 
the melt and the lamellar edge for opening free volume where the new stems can 
be deposited. 
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In the present model, the final crystal structure is a hexagonal lattice of 
the stems; the real crystal structure of e.g. poly(ethylene) is suppressed by the 
representation of one chemical monomer by a soft sphere. In this respect, one 
could interpret the present simulations as a modeling of the mesomorphic phase. 
It would now be interesting to reintroduce the atomistic details at different 
moments of the simulation to observe the evolution to a final crystal structure. 
Such a local evolution with atomistic details should be possible with the present 
system size contrary to a simulation from the very beginning of the amorphous 
melt, which would probably still be too expensive in computer ressources. 

It was pointed out that different kinds of ordering can be identified in poly¬ 
mer systems and this distinction may be useful for further theoretical descrip¬ 
tions. Due to the approximations of our model, the structure formation here is 
mainly driven by the orientational ordering typical of liquid crystalline systems. 
([26] discusses the possibility of combining density and orientational degrees of 
freedom as order parameters. The present model is perhaps an implementation 
of the hidden liquid-crystalline-like phase because the real crystal structure is 
suppressed.) This is mainly an entropic reason: at lower temperature, where 
the melt becomes denser (and thermal motion reduced), the ordered state pro¬ 
vides more vibrational states than the disordered one and this overcomes the 
loss in conformational entropy. However, the ordering is triggered by an ener¬ 
getic component: since the stretched bond angle has a lower potential energy, 
the folded states will be less populated at lower temperatures, this leads to a 
stiffening of the chains and an increase in the persistence length. The energy 
gain of the stretched chains is quite large so that the crystal is also energetically 
more favorable. But note that the model contains no explicit attraction between 
monomers. Since many theoretical considerations argue with the attraction of a 
chain to the crystal front, it is interesting that the chain-folded structures may 
also be obtained without it in dense systems. 

In the homogeneous nucleation regime, the system is so far supercooled that 
the local stiffening leads to small nuclei which then rapidly grow. We found in 
the simulation that these initial nuclei are always intra-chain nuclei of two or 
three stems connected by hairpin folds. Above the limit of homogeneous nucle¬ 
ation, larger multi-stem nuclei which usually involve several chains are necessary 
to induce growth. These nuclei can be produced by self-seeding or “dust par¬ 
ticles” serving as heterogeneous nuclei. Above the homogeneous crystallization 
temperature, a surface (crystal front) is necessary to “catalyze” the ordering of 
the chains. 
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Abstract. Semicrystalline poly(ethylene oxide-fe-butadiene) diblock copolymers in 
uniform lamellar films are discussed as a model system for confined crystallisation. At 
low supercooling, crystallization of the PEO block leads to an increase in the lamellar 
thickness of both blocks, which is accompanied by a contraction in the lateral direc¬ 
tion resulting in cracking of the films. A tentative model is discussed with an integer 
or half-integer number of folds in the vertically oriented crystalline stems. However, 
emphasis is also on aspects still not understood. 


11.1 Introduction 

In a diblock copolymer the interaction between the chemically distinct blocks 
leads below the order-disorder transition (ODT) to microphase separation [1], 
If one of the blocks is semicrystalline, a specific situation occurs of confined 
crystallisation within the microphase-separated morphology. Studies of such ma¬ 
terials have the potential to shed light on some of the fundamental aspects of 
polymer crystallisation. In particular, confinement provides an example of an 
external ‘held’ as a means to influence and possibly control the pathways to nu- 
cleation and chain folding. Interestingly, in a block copolymer system equilibrium 
chain folding can be achieved [2,3,4], contrary to the situation for homopolymers. 
This is due to the competition between the enthalpic drive to minimize the fold 
surface energy in the crystallisable block and the entropic penalty of the at¬ 
tendant stretching of chains in the amorphous one. As a result a structure of 
alternating amorphous and crystalline layers has been predicted, the latter with 
regular folding of the chain stems perpendicular to the interface. However, this 
does not necessarily imply that the equilibrium situation can easily be reached; 
kinetic effects still may play an important role. In this chapter we want to dis¬ 
cuss critically the use of uniformly aligned lamellar films of ethylene oxide-fe- 
butadiene (PEO-fe-PB) to confine the crystallisation process of the PEO-blocks. 
Several papers have recently been published on this system [5,6,7,8], but rather 
than only emphasizing what has been accomplished, we will also discuss the still 
outstanding questions. 

Bulk investigations of diblock copolymer systems with one crystallisable 
block are numerous and have been reviewed [1], In the present context especially 
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work involving PEO is of interest. Small-angle x-ray scattering (SAXS) investi¬ 
gations of PEO crystallisation in PEO-PB systems have been reported by Hong 
et al. [9] and Li et al. [10]. Crystallisation in a series of PEO-6-PBO (polybuty¬ 
lene oxide) and PEO-6-PPO (polypropylene oxide) was studied by Ryan and 
co-workers [11,12,13,14]- Early work on the PEO-6-PS (polystyrene) system was 
done by Lotz and Kovacs [15], while more recently Cheng and co-workers [16,17] 
investigated the effects of changing the ODT. The confined surroundings have 
a profound influence on the crystallisation properties. The relation between the 
ODT, the crystallisation temperature T cr of PEO, and the glass transition tem¬ 
perature T g of the noncrystallisable block is of decisive importance. In the case 
of PEO-6-PS, PEO crystallisation from a microphase-separated melt can take 
place between hard glassy PS boundaries (depending on the effective T g of PS). 
Alternatively, if T cr > T g confined crystallisation develops between ‘rubbery’ 
boundaries. If on the temperature scale the ODT and T cr are close, further com¬ 
plications occur. Depending on the morphology, crystallisation can lead to a 
‘breaking out’ of the crystalline structure from the original morphology, which 
is destroyed. In all these cases the choice of the molecular mass of the crystallis- 
able block is another factor of importance. Confinement will not be effective if 
the crystalline lamellar thickness is appreciably smaller than the domain spacing 
associated with the block phase separation. 

Despite the extensive bulk work, far less is known about confined crystalli¬ 
sation in thin hlms. Of special interest is the situation of about equal volume 
fractions of the blocks, which gives below the ODT rise to a lamellar structure. 
These randomly oriented lamellar microdomains become macroscopic under the 
influence of the surfaces. Hence in the lamellar morphology thin block copoly¬ 
mer hlms provide a precise control of the boundary conditions over macroscopic 
areas. The approximately symmetric PEO-6-PB diblock copolymers to be dis¬ 
cussed correspond to the limit of strong segregation with a low T g amorphous 
block. The confinement of the crystallisation of the PEO blocks arises rather 
from the large enthalpy penalty of segmental interactions between the blocks 
than from the immobility of the amorphous block (‘rubbery’ confinement). Rel¬ 
atively small molecular masses have been used. The hlms have been investigated 
by optical and atomic-force microscopy (AFM) and by x-ray rehectivity (XR). 
While the hrst techniques provide surface information, the latter allows a quan¬ 
titative determination of the changes in the various (sub)layers throughout the 
him upon crystallisation. In addition some in-plane information is available from 
electron diffraction. 

11.2 Experimental Situation 

Most of the results to be discussed are related to a PEO-6-PBh block copolymer 
with a block mass of 4.3 and 3.7 kg/mol, respectively (sample I). This leads 
to 98 PEO monomers (volume fraction 0.46) and to 66 (hydrogenated) PBh 
monomers [5,8]. Other results are for molecular masses of 5.0 and 5.5 kg/mol 
PEO and PB, respectively (sample II) [6,7]. Reiter et al. [5,18] also considered 
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variations on sample I with the same PBh block but a PEO one of 2.9, 3.6 and 
5.0 kg/mol, respectively. The latter two cases give essentially the same results as 
sample I and II. However, the more asymmetric case of a PEO block of 2.9 kg/mol 
behaves rather differently [5,18]. Recent SAXS results indicate that this probably 
can be attributed to a cylindrical morphology in the melt. Crystallisation then 
leads to a ‘breaking out’ arid subsequent destruction of the original morphology. 
Hence we will not include this case in the further discussion. 



Fig. 11.1. Optical microscopy of isothermal crystallisation of sample I at 45°C. (A) 
Crystallisation front moving in from the right while at the left well-ordered lamellar 
terraces can be seen. (B) The same area L min later: the crystallisation front has almost 
crossed the full window (after Opitz et al. [8]). 


For both samples I and II the typical microscopic picture of the dynamics 
during crystallisation at the surface of a him is as shown in Fig. 11.1. Two 
different regions corresponding to the molten and the crystallized structure can 
easily be distinguished. In the melt (here at T = 15°C) at the left and middle 
part of Fig. 11.1A, the typical terrace structure of a lamellar block copolymer him 
is visible [1]. Different gray scales indicate distinct levels, which differ in height 
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by a full lamellar period. After a nucleus has been formed, the crystallization 
front moves laterally over the film. During this process the different height levels 
are preserved [5,6,7,8]. The crystallisation front is characterized by a depletion 
zone at its front and leaves a cracked film surface behind. An increase of the 
total film thickness upon crystallisation can be inferred from the lighter color 
of the terraces. Hence, material is pulled out locally arid rearranged vertically 
during the process of crystal formation. In some cases distinct growth fronts 
with equal growth rates have been seen, indicating that the growth of the PEO 
crystals proceeds independently in each layer [6]. There are slight differences in 
the times at which the fronts reach a given position in the film [7]. 
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Fig. 11.2. AFM picture of the film of Fig. 1 in the crystallised state. (A) Height picture 
with terrace structure and deep holes formed during crystallisation. (B) Height profiles 
along the two lines indicated in A (after Opitz et al. [8]). 


The depth of the cracks after crystallisation has been investigated by AFM 
[5,8]. Fig. 11.2A shows a 20 x 20 Jtm 2 detail of the surface of the same film 
as in Fig. 11.1; height profiles along the two lines are displayed in Fig. 11.2B. 
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The terrace structure with distinct steps is very clear, while also holes due to 
the cracking of the him can be quantified. Some of the cracks extend deep and 
occasionally go through the whole him down to the substrate. The terrace height, 
which coincides with the lamellar period L, is after crystallisation about 20 nm, 
while the total him thickness D amounts to approximately 110 nm (asymmetric 
morphology with 5.5 periods). In the depth prohles of the cracks multiples of 
L can clearly be distinguished; however, interestingly in some cases also values 
around L/2 appear. 

X-ray rehectivity is well suited to obtain a more complete quantihcation of 
the structural properties of block copolymer hlms [19,20]. Data were taken for 
sample I in dependence of the annealing temperature and different crystallisation 
temperatures. As an example, Fig. 11.3A shows a full series of XR curves with 
their respective httings. The upper curve depicts the measurement of a 6.5 layer 
him at T = T ann = 90°C in the molten phase-separated state. Besides the so- 
called Kiessig fringes, which indicate the total him thickness, several orders of 
Bragg peaks are visible of which the third one is most pronounced. Hence, we 
can conclude to a rather perfect lamellar ordering of alternating PEO and PBh 
layers oriented parallel to the substrate. Precise results are obtained by htting 
the experimental curves to the model sketched in the inset. The lamellar period 
is given by L = 18.7 ± 0.1 nm and the total him thickness by D = 122.9 ± 0.1 
nm, which is close to 6.5 layers. Lowering the temperature to 45°C does not 
immediately result in crystallisation of the sample: until a nucleus is formed 
the system stays in the molten state. Further stretching of the polymer chains 
occurs [21,22], see the middle curve of Fig. 11.3A. The thickness of both the PEO 
and the PBh layers have increased, leading to L = 20.3 nm. In addition changes 
are observed in the top layers; the increase of L results in a reorganisation of 
material in the sense that some of the upper islands disappear and new holes 
are created. 

After formation of a nucleus crystallisation occurs. Once this process is fin¬ 
ished and the sample remains stable over a prolonged period, the lower curve 
of Fig. 11. 3A results. Now the general features have changed drastically. First 
the Bragg positions have shifted to lower values, indicating another increase in 
the lamellar thickness. Furthermore, the amplitude of the Kiessig fringes has de¬ 
creased and the decay of the whole reflectivity curve has become stronger, due 
to an increased roughness both at the surfaces and at the internal interfaces. 
From the htting we obtain at T cr = 45°C a lamellar period of 24.1 ±0.1 nm. At 
the substrate a PEO layer is situated with a thickness of 5.5 nm, which coincides 
with a four times folded chain consisting of five vertical stems. In the stack of 
layers the htting results in a PEO sublayer thickness dpEo = 10.1 nm, slightly 
less than twice the value of the layer at the substrate. The (sub)layer spacings 
at various temperatures are displayed in Fig. 11.3B. The value of dpEo can 
be compared with the extended chain length of 27.4 nm. The ratio 27.4/dpEO 
shows discontinuous changes from 2.6 at 45°C to around 3.0 at both 40 and 
35°C down to 3.5 — 3.3 at 30 and 25°C. While these thin-hlm results indicate 
stepwise changes of dpEco SAXS investigations of bulk samples rather show a 
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Fig. 11.3. X-ray reflectivity of a 6.5 layer film of sample I. (A) Reflectivity curves: melt 
at 90°C (open circles), melt at 45°C (filled dots), crystallised at 45°C (open squares). 
Curves have been shifted for clarity. Full lines are best fits to the model in the insert. 
(B) Lamellar period L and sublayer thicknesses at various temperatures as determined 
by fitting the x-ray reflectivity (after Opitz et al. [8]). 


continuous variation with temperature [9,10]. [n bulk samples the size of the 
microphase-separated ‘grains’ in the melt is of the order of 5 — 20 Jim, which can 
be compared with typical crystallites originating from a single nucleus of the or¬ 
der of 500 pm [9]. This difference is very unlike the situation upon crystallisation 
in the large block-copolymer domain of a uniform lamellar film. 
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Fig. 11.4. Electron diffraction image of sample II passing through multiple layers. 
Only a four-point pattern is observed (after Hong et al. [6]). 


Finally Fig. 11.4 shows an electron diffraction image of a multilayer film of 
sample II. Only four spots are seen corresponding to the (120) reflection. This 
indicates that the PEO unit cell and chain axis are oriented normal to the layers. 
More importantly, as this observation is independent of the number of layers, the 
PEO crystals in adjacent layers are in orientational registry even though they 
are separated by amorphous PB blocks. 

11.3 Discussion and Modelling 

From the x-ray results of Fig. 11.3 the present FIX) -b PB samples evidently 
have an asymmetric lamellar stacking with a thickness quantified as D = (n + 
1/2 )L, confirming the AFM picture. The PEO block with the larger electron 
density is situated at the Si-substrate on top of the SiO x layer, while a low- 
density PB layer forms at the interface to air. These outermost sublayers have 
about half the thickness of the corresponding interior layers. The asymmetric 
layer stacking contradicts some microscopic studies [5,6,7], in which the authors 
conclude to a symmetric configuration with PB at both outer interfaces. These 
latter results are anyhow somewhat counterintuitive, as PEO is expected to 
be more compatible to a SiO x layer than the nonpolar PB, If the initial film 
thickness is somewhat larger than the closest quantized value, islands form at the 
surface; for a film somewhat short of material holes appear. The associated height 
c.q. depth is equal to the full period L and can be seen as different uniform gray 
levels in the microscopic pictures (Fig. 11.1). In fact, the situation is somewhat 
more complicated as for unclear reasons three or more levels were observed. This 
would in principle also be possible for a precisely quantized thickness. 

For both sample I and sample II SAXS in the bulk [9,10] indicates a strong 
temperature dependence of the lamellar period. In the melt of sample I an in¬ 
crease is observed from L = 15.3 nm at 250°C to L = 18.5 run at 9Q°C. As it is 
not possible to reach the ODT (which is well above 300°C), no reference value at 
the phase transition is available. Compared to a Gaussian coil, the molecules in 



11 Lamellar Ethylene Oxide-Butadiene Block Copolymer Films 


203 


the lamellae are before crystallisation already stretched by about a factor two. 
Upon crystallisation, the lamellar period increases further despite the decreas¬ 
ing volume (increasing density) of PEO. This expansion allows adjusting the 
thickness of the PEO sublayer to an integer (or half-integer) number of stems. 
Density conservation forces the PB block to follow this stretching. Evidently, the 
loss of entropy associated with the PB stretching is more than compensated for 
by the favourable packing of the PEO stems. As a consequence, a lateral con¬ 
traction results through the whole him, resulting in macroscopic pits and cracks. 
Implicit in this interpretation is that the folded PEO chains are perpendicular 
to the layers. In addition to the direct observation of perpendicular chains by 
electron diffraction (Fig. 11.4), this is also supported by additional circumstan¬ 
tial evidence. First, the block segregation implies that the chains are oriented 
perpendicular to the interfaces in order to minimize the contact area. Second, 
if the stems were tilted with respect to the interface normal, a simple variation 
in the tilt angle could accommodate the increased length without PB stretching 
and lateral shrinkage. 



Fig. 11.5. Model for the development of the layer structure and the polymer folds 
during crystallisation (after Opitz et al. [8]). 


Modern ideas about the early stages of crystallisation assume local ‘embryos’ 
of ordered stems. From this point of view the present situation of considerable 
uniform stretching of the chains provides a perfect preconditioning to crystalli¬ 
sation. Hence, we anticipate in the uniform hlms a somewhat larger degree of 
crystallisation than the about 85% calculated for the bulk [5]. To determine the 
number of stems at the various temperatures we can take the extended chain 
length of PEO, divide it by the number n = 2,3,... and compare with the PEO 
sublayer thickness. For the PEO layer at the substrate this leads with decreas¬ 
ing temperature to n = 5,6 and 7 stems. Taking for the interior PEO layers 
in the him the same number of folds as for the bottom layer would lead to 
crystalline double layers (see Fig. 11.5). Alternatively, we could assume a ‘zip¬ 
per’ model in which stems originating from opposite interface pass along each 
other (co-crystallisation). This would double the stem length leading to 2.5, 3 
and 3.5 stems. Whatever be the case, the number of folds increases when the 
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crystallisation temperature is lowered. This indicates that for fast crystallisation 
kinetic (non-equilibrium) effects dominate. Conversely, one may assume that at 
the highest temperatures probably equilibrium chain-folding has been reached. 

Though the two different folding models of Fig. 11.5 should lead to different 
melting points, in thin hlms it is difficult to discriminate experimentally between 
these situations. In the absence of conclusive evidence, various arguments can 
be given, (i) In the zipper-model some stems with a length of half a sublayer 
thickness are accompanied by stems originating from the other side. Though this 
seems to be a difficult process in terms of reaching optimum packing, it might be 
facilitated by hydrogen bonds between the hydroxy-terminated end groups, (ii) 
The zipper model gains a kink energy at the expense of a loose end. This point 
is not expected to be decisive, as both can be estimated to be of the order of 
~ kT In 3/chain. (iii) Upon cooling from 45 to 40°C the original situation remains 
perfectly stable for at least over weeks. This is what one would expect for 5 stems 
that do not change into 6, but perhaps less so for 2.5 stems that could change 
into an integer number 3. (iv) For crystalline double layers the individual layers 
would decouple at the PEO-PEO interfaces [5]. This process could account for 
the observation of steps in the various cracks and craters corresponding to L/2 
(c.f. the AFM picture of Fig. 11.2). 

It is instructive to compare with the crystallisation of PEO homopolymers. 
These have been extensively studied [23,24,25], though the role of confinement or 
even thin hlms has been hardly addressed. Crystallites with an integral number 
of folds were found to be more stable than other ones, and variation in super¬ 
cooling resulted in stepwise changes from one integrally folded state to another. 
In [24] double lamellae were reported for odd-number fold PEO molecules in 
contrast to the usual situation of single lamellae for even-number folds. This was 
attributed to hydrogen bonding between the hydroxy end groups [26]. In the 
case of an odd number of folds an uneven distribution of hydrogen bonds on the 
fold surfaces arises, which can be avoided for double lamellae. For the present 
block copolymers only at one side of a crystalline PEO stem is an hydroxy group 
present. Assuming that isolated end groups near block interfaces are again to 
be avoided, the double layer structure of Fig. 11.5 would be favourable for an 
even number of folds 2 n. For a double layer with an odd number of folds, 2n+ 1 
non-hydrogen bonded hydroxy groups at the block interfaces can be avoided 
by choosing instead a (2 n + l)/2 folded single layer (as pictured at the upper 
right part of Fig. 11.5). Such a reasoning holds only for hydroxy-terminated end 
groups, and becomes irrelevant in the case of methylation. 

The crystallographic registry between adjacent crystalline layers is a remark¬ 
able observation, somewhat unexpected because the crystals are separated by 
an intervening layer of amorphous PB. Hence, some form of connectivity be¬ 
tween the layers must exist, that allows a single nucleus as common origin. Hong 
et al [6,7] postulated a defect-controlled mechanism for the spreading of crys¬ 
tallinity between the layers. A simple edge dislocation occurring at the boundary 
of a hole or an island can connect crystallinity in adjacent top layers. However, 
a screw dislocation (see Fig. 11.6) is needed to provide a spiral that can connect 
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Fig. 11.6. Schematic representation of a screw dislocation in a diblock copolymer. 
Note that the structure is actually a double helix, one of which is indicated in bold 
(after Gido et al. [27]). 


several layers. Transmission electron microscope pictures of such dislocations can 
be found at many places; they have been discussed explicitly by Gido et al. [27]. 
A screw dislocation can be described by analogy to the spiralling of a multilevel 
parking garage, with different spirals going up and down. Such an interface sep¬ 
arates the PEO and PB domains in the grain boundary region, while minimizing 
the sum of interface and chain stretching energy as much as possible. When a 
growing crystallite encounters such a screw, its growth will carry it up or down 
and allow it to spread outward in many adjacent layers. The practical spatial 
limits of such an effect still remain to be explored. 

11.4 Conclusions and Open Questions 

Summarizing we come to the following tentative model for confined crystallisa¬ 
tion of lamellar PEO-6-PB block copolymer films. Cooling down from the melt 
to the ODT (out of reach for the present compounds) into the phase-separated 
melt, one would theoretically expect to start with polymers in a Gaussian coil 
conformation. Upon decreasing the temperature the scaling behavior of block 
copolymers L ~ where x is the Flory-Huggins interaction parameter [1], 

leads to stretching of the coils and thus to a parallel preorientation. Subsequently 
crystallisation starts and - depending on the crystallisation temperature - the 
polymer chains continue to stretch in order to accommodate an integer or half¬ 
integer number of perpendicular stems upon folding, leading to a further increase 
of the PEO sublayer thickness. In combination with the decreasing volume, this 
causes a strong lateral shrinkage of the PEO layers. Because of the linkage be¬ 
tween the PEO and PB blocks, the latter must also stretch and cracks are formed 
through the whole thickness of the film. The results do not allow a final decision 
between an integer and a half-integer number of stems. Arguments based on hy¬ 
drogen bonding suggest an alternation between these situations for even-number 
and odd-number fold stems. Crystal growth at screw dislocations can account 
for the observed crystallographic registry between layers at different levels. 

Various open questions can be formulated. Regarding PEO-6-PB in the 
amorphous state the following points remain to be explored. 


206 


Wim H. de Jeu 


• The temperature dependence of the lamellar spacing should be further inves¬ 
tigated in relation to the ODT (x parameter). 

• It is not clear why multiple domain levels occur in films. This contrasts with 
many other block copolymer systems in which only two levels are observed as 
predicted theoretically. 

Regarding the PEO crystallisation in PEO-6-PB several aspects need clari¬ 
fication. 

• A careful comparison is needed between films that indicate a stepwise variation 
of the crystal thickness with crystallisation temperature, and SAXS results on 
bulk samples that indicate a continuous thickening. Do different kinetics play 
a role in relation to the different size of the ‘grains’ in the two situations? 
Contrary to the situation in thin films, in the bulk a single crystallite will 
encounter many grain boundaries during its growth process. 

• In the absence of the possibility of thermal analysis in thin films, can we 
differentiate between the two possibilities of Fig. 11.5: integer and half-integer 
folds? Or do both situations occur at the same time? Is the observation of 
steps of L/2 in ‘craters’ after crystallisation proof of the double-layer structure 
(integer folds)? 

• Can experimental evidence be found for a difference between the situations of 
odd and even integer folds (influence of the hydrogen bonds associated with 
the OH-termination)? In that case also a comparison should be made with 
methyl-terminated systems that should differ in this respect. 

Further studies are needed of the in-plane order upon crystallisation of PEO 
in lamellar PEO-6-PB films. 

• Grazing-incidence x-ray diffraction would give an average over a much larger 
area that would nicely complement the electron diffraction results. 

• Though the explanation of the crystallographic registry of the various lay¬ 
ers via screw disclinations is appealing, it remains to be explained how this 
situation can be combined with the boundary conditions of the two blocks. 

We conclude that though important progress has been made, the process of 
confined crystallisation still contains a considerable number of subtleties that 
are not well understood. 
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Abstract. Crystallization in polymer blends can proceed along a large number of so¬ 
lidification paths which results in a huge variety of supermolecular structures. These 
features are interesting from the underlying thermodynamics, from the rheology which 
governs the crystallization kinetics, as well as from their impact on the material prop¬ 
erties. What happens in a particular case will decidingly depend on the miscibility of 
the components, i.e., whether they are miscible in the whole accessible composition 
and temperature range, whether they exhibit a miscibility gap, or whether they form 
separated phases. In this chapter, at first a survey is given on the several effects which 
can be observed and which are unknown from low molecular weight materials. Some 
of these features are then discussed in more detail. Particular attention is payed to 
the change of the nucleation conditions in phase separated blends and to the inho¬ 
mogeneous composition changes which may be induced by the crystallization of one 
component in an initially homogeneous melt. A suitable analysis of these phenomena 
yields deeper insight into the nucleating efficiency of heterogeneities in the material, 
on the probability of homogeneous nucleation, on chain mobilities and diffusion coeffi¬ 
cients, and on the competition between crystallization and vitrification. 


12.1 Introduction 

It is well known that the crystalline solidification of polymers is a complicated 
phase transition process with many faces. Although subject of intense research 
since decades, it is far from being understood. The complications base on the 
particular importance of the transformation kinetics, which competes with the 
equilibrium thermodynamics. This in its turn bases on the low mobility of the 
macromolecular chains and on the topological constraints, which are due to the 
chain character. This, at the one hand, inhibits complete volume filling crys¬ 
tallinity - yielding partial or semi-crystallinity - and, at the other hand, results 
in a large variety of crystalline and supermolecular non-equilibrium structures. 

If this is true for one-component polymer systems, it must be the more for 
polymer blends where a number of additional kinetic and thermodynamic degrees 
of freedom are at disposal. This is indeed a fact. What happens in a particu¬ 
lar system, among others, will mainly depend on the miscibility of the blend 
components, i.e., whether they are miscible in the whole accessible temperature 
and composition range, whether they exhibit a miscibility gap, or whether they 
demix at all conditions in the pure components. It is, consequently, of particular 
importance how the actual phase separation structure looks like. It is to mention, 
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however, that, from a practical point of view, miscibility as defined by equilib¬ 
rium thermodynamics is less important for the solidification than compatibility, 
i.e., the ability to mix the blend components by technical means down to the 
molecular level. Kinetic features are such considered, too. 

A list of particular effects, which may be observed in blends, is given in Ta¬ 
ble 12.1. This list is clearly by far not complete. There are moreover a number of 
effects, which are well known from low molecular weight materials and which are 
not considered in that table. Most of those peculiarities, which are typical for 
polymers base on the comparably slow crystallization or phase separation kinet¬ 
ics of these substances, on the fact that the melting point depression of polymer 
mixtures is usually very small, or on the importance of the nucleation step. Some 


Table 12.1. Survey on the most important structural or kinetic features of crystal¬ 
lizing polymer blends. The distribution of the several effects into the three groups of 
blend systems is arbitrary in some respect. All features listed for absolutely miscible 
blends can also take place in systems with miscibility gap in the coexisting phases, 
if existent. Dependent on the phase connectivity, at the other hand, also fractionated 
crystallization may be observed in such systems. T c °, T g : equilibrium crystallization and 
glass transition temperatures, respectively. 




Blend system 




absolutely immiscible 

with miscibility gap 

absolutely miscible 

Fea¬ 

tures 

Fractionated 

crystallization 

Crystallization 
induced demixing 

Melting point depression 


Interface induced 
crystallization 

Demixing induced 
crystallization 

Kinetic eutecticity 



Crystallization 
crossing an interface 

Drastic change of the 
crystallization kinetics by 
change of the crystallization 
temperature window 

T° - T g 



Interface induced 
polymorphism 

Composition dependent 
variation of crystal and 
supermolecular 
morphologies, respectively 




Kinetic competition 
between crystallization and 
mixing or demixing, 
resulting in 




self¬ 
retardation of 
crystallization 
kinetics 

development 
of crystalliza¬ 
tion induced 
composition 
inhomo¬ 
geneities 
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of these effects are well documented and understood; others are subject of cur¬ 
rent research whereas on some is still speculated. It is the purpose of this article 
to refer some of these features which are typical for polymers - particularly those 
which the author is working on -, to describe their thermodynamic or kinetic 
background, the resulting crystalline and supermolecular structures, and, their 
academic or technical importance where applicable. 


12.2 Immiscible Blends: Fractionated Crystallization 

Upon suitable mixing, the components exist in immiscible blends as pure poly¬ 
mers side by side as individual phases, building a particular phase separated 
structure. At a first glance it was to expect that these phases crystallize like the 
pure components and that the overall crystallization and melting behavior is just 
a superposition of the contributions of the pure components weighted by their 
blend content. There are however several structural features existent in the melt 
which may alter the crystallization behavior drastically. At first, the interface 
between the phases or the second component itself may act as new nucleating 
means. If it is more efficient as the other heterogeneities in the blend component 
under consideration which usually induce crystallization - or as homogeneous 
nucleation if such impurities are not present -, it can induce crystallization at 
a higher temperature or faster, such enhancing the crystallization ability. An¬ 
other yet more important feature, however, is the phase separation structure as 
a whole, particularly the dispersion of one component in the other. It is then 
occasionally observed that the crystallization of the disperse phase is distributed 
over two or - with decreasing size of the dispersed droplets - even more distinctly 
separated steps on the temperature scale upon cooling although it proceeds in 
the pure material in one step at a defined temperature range. This phenomenon 
is called “fractionated crystallization” [1,2,3]. 

Figure 12.1 gives some examples of that feature [3,4,5]. The upper figure 
illustrates that the crystallization of polyoxymethylene (POM) if being the minor 
component in a blend with polyethylene (PE) decomposes in several distinct 
steps where the number of these steps increases with finer dispersion. The lower 
left figure shows a similar phenomenon in a blend of polyamide-6 (PA-6) and poly 
(vinylidene fluoride) (PVDF). In the sample where the PA-6 is finer dispersed 
(extrusion cycle number Z = 4), the initial crystallization peak of the PA-6 
at 190 °C disappears. A quantitative inspection of the observation reveals that 
the PA-6 crystallizes now together with the main part of the PVDF at 140 °C. 
Crystalline PVDF acts obviously as a nucleating agent for that component. The 
crystallization of the PVDF, in contrast splits at Z = 1 into two peaks since a 
new one arises at about 115 °C. The phase structure of that PVDF/PA-6 blend 
is displayed in Fig. 12.2. The low temperature peak is the only one if PVDF is 
the minor phase (Fig. 12.1 below right). 
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Temperature Temperature 


Fig. 12.1. Fractionated crystallization in some immiscible polymer blends [3,4,5]. 
(Above) extruded PE/POM = 85/15 vol-% blend after one (b) and four (c) extrusion 
cycles Z. Increasing Z yields a finer dispersion of the POM in the PE. (a) Pure POM. 
The finer the dispersion, the more crystallization peaks arise. (Below left) PVDF/PA-6 
= 75/25 vol-% blends after one and four extrusion cycles. (Below right) PVDF/PA-6 
blends of different compositions after four extrusion cycles. The experimental curves 
are redrawn subtracting the baseline. 
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Fig. 12.2. PVDF/PA-6 = 75/25 vol-%; black phase is PVDF [3,4,5]. (Left) extruded 
one time; (right) extruded four times. Remark that the disperse phase PA-6 contains 
in its interna] smaller droplets of the major phase PVDF. This finely dispersed PVDF 
gives rise to the second PVDF crystallization peak around 115 °C in Fig. 12.1 below 
left, Z = 1. Scale bar (left) 5 |lm and (right) 2 |lm. 


The explanation is straightforward. Most polymers crystallize heterogeneous¬ 
ly nucleated. The nucleating efficiency of a heterogeneous substrate may be char¬ 
acterized by the quantity Aa s , 

Acr s = <r(m. c) — <r(s. m) + <r(s. c) (12-1) 

(<r: interfacial energy, s: substrate, m,c: polymer melt and crystal, respectively). 
The critical work of nucleation F* is 

F* ~ Acr s /(AT) 2 , (12.2) 

where 

AT = T c ° - T c (12.3) 

is the undercooling (T c : crystallization temperature). The number N of primary 
nuclei is moreover 

N ~ eiqp(—F*/kT c ). (12.4) 

The crystallization starts effectively if N exceeds a critical value N cr ,N > 
N cr . Then it is also F* = F* r at T = T c , and we have for the substrates A. B. 
C- . .: 

Aa A : Ao b : Aa c : .. ,=T^ a) [AT^ a) ] 2 : T^ B) [AT^ B) } 2 : T C (C) [Z\T C (C) ] 2 : ... 

(12.5) 

The highest possible undercooling is that of the own melt, Z\Th om , i.e. homo¬ 
geneous nucleation. Normalizing all values to those of homogeneous nucleation 
for which Z\<7hom = 2<r(m, c) = 2<ro, Fig. 12.3 results. 
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Fig. 12.3. Crystallization temperature in dependence on interfacial energy normalized 
to the homogeneous nucleation at Thom with zichom = 2ero, cf. 12.5. All heterogeneities, 
which may act as heterogeneous nuclei, are located on a straight line as distinct points. 
In this figure, the heterogeneity associated to the squared dot has the lowest under¬ 
cooling and is the effective one. 


Only that heterogeneity (say: “A”) with the lowest associated undercooling 
is effective if there are several ones present. If once nucleated, crystallization 
proceeds fast through the whole volume, and the other heterogeneities don’t 
have a chance to act. But all heterogeneities are in their turn dispersed particles. 
The Poisson distribution 

/a(z) = exp(-CAt’) (12.6) 

describes the fraction of those droplets of the dispersed blend component with 
volume v, which contain z particles of the heterogeneity A (average concentration 
of A: ca). The fraction /a(z > 0) of droplets, which contain at least one particle 
A, is then 

/a (z > 0) = 1 - exp(-CAi’)- (12.7) 

Nucleation by A is inhibited if 

« « 1/ca, (12-8) 

which may be achieved by sufficient dispersion. Then possibly other hetero¬ 
geneities for which the same considerations hold may become effective at their 
typical undercooling. Finally, homogeneous nucleation may occur which con¬ 
cludes that fractionation of crystallization. The phenomenon allows consequently 
the determination of the number density of the heterogeneous nuclei of any kind 
and — for known a o — that of the interfacial parameter Act. The number densities 
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of the nucleating heterogeneities in the PVDF blended with PA-6 (cf. Fig. 12.1 
and Fig. 12.2) as determined that way were, e.g., found to be ca < 30jJ,m~ 3 
and eg ~ 0, 2|lm 3 , and the corresponding interfacial energy parameters are 
Ata = 3,8mJ/m 2 and Z\ob = llmJ/m 2 . 

The basic phenomenon may exhibit several complications. It is usually re¬ 
stricted to a crystallizable disperse phase, i.e. the minor phase. Sometimes, the 
continuous phase can however form droplets, too, if included in droplets of the 
other component. Then, the major component may also exhibit fractionated 
crystallization (cf. Fig. 12.1 below left, Z = 1). If the droplet surface acts as 
nucleating heterogeneity, Aa will depend on the radius of the droplet’s curva¬ 
ture and, consequently, on the droplet’s size, i.e., its associated point in Fig. 12.4 
extends to a line, which reflects the size distribution. That point may jump to 
another position after crystallization of the second component. 

The phenomenon has been observed in a number of blend systems at different 
conditions [1,2,3,5,6]. Addition of a compatibilizer may cause finer dispersion and 
such enhance or induce fractionated crystallization [7,8,9,10,11]. The efficiency of 
a compatibilizer may such be judged. Upon injection molding, the crystallization 
may be fractionated depending on the screw configuration [12]. The feature may 
be exploited for the erasable/rewritable storage of information in artificial papers 

[13]- 

12.3 Blends with Miscibility Gap: 

Interface Crossing Crystallization 

In phase-separated blends of systems with miscibility gap, the two phases have 
different contents of the crystallizing component under consideration (Fig. 12.4a). 
Since the critical work of nucleation and, consequently, the number density of 
nuclei depend on the composition, the phase with the higher content of the crys¬ 
tallizing component will start to crystallize before the second one (Fig. 12.4b), 
and the crystallization may spread over the whole phase before the crystallization 
in the second phase starts (Fig. 12.4c). Upon reaching the interface, however, 
crystallization in the second phase is induced by secondary nucleation, i.e. by the 
own crystals, and the crystallization spreads now into the other phase. There, 
however, the supermolecular structures develop which are typical for the re¬ 
spective composition (Fig. 12.4d), and the two crystalline phases will look quite 
different. These differences will be discussed in more detail in paragraph 8. The 
second phase (here: the continuous phase) will later occasionally be bulk nu¬ 
cleated, too, and develop their own spherulites (Fig. 12.4e, upper right corner). 
Figure 12.4f shows finally the growth of a spherulites branch through a narrow 
connection between two adjacent dispersed droplets. 

This interface crossing crystallization may consequently lead to a number 
of interesting and strange supermolecular structures. It causes moreover a good 
adhesion between the two phases and may such be of particular importance for 
the mechanical strength of the material. 
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(e) final state, same scale bar as (d) 




(d) t c =476 min 


(f) different sample 


Fig. 12.4. Interface crossing crystallization of PVDF in a blend with poly (ethyl acry¬ 
late), PEA [14]. (JpvDF = 30 wt-%), T c = 150 °C. The system has a lower critical 
solution temperature of 154 ’C at a composition of <^>pvdf = 65 wt-% (Fig. 12.26) 
[15]. The initial melt temperature has been T m = 225 °C, and the two phases have 
compositions of 0 pvdf = 15 wt-%) (continuous phase) and 0 pvdf = 90 wt.-%) (disperse 
phase). The last figure below right shows the crystallization in a different sample with 
a lower PVDF content in the disperse phase. 


12.4 Miscible Crystallizing Blends: 

Pseudoeutectic Behaviour 

The crystallization of blends of two crystallizable components within a homoge¬ 
neous melt is of particular importance. For steric (i.e., basically, thermodynamic) 
reasons, mixed crystallization of polymers is a seldom exception. With low molec- 
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Fig. 12.5. (a) Eutectic phase diagram of two materials (l) and (2). Since the (equilib¬ 
rium) melting point depression of polymers is usually rather small, their phase diagram 
degenerates (b). 


ular weight materials, eutectic crystallization may result (Fig. 12.5a). Then, the 
melting point depression curves of the blend components meet at an intermediate 
composition and both components crystallize simultaneously (first characteristic 
feature of eutectic crystallization). This yields a finely dispersed structure of the 
crystals of the both blend components (second characteristic feature of eutectic 
crystallization). Such a crystallization path can however be realized in polymers 
only rarely since the melting point depression AT® ps T® — T® m of alloys of two 
polymers (1) and (2) [16], 

_J_ 1 _ = ]1 *12 p,2 ^°(1) 

r c°(l) 12 AH®( 1) ^ [T°(l)]2’ 

is very small due to the small mixing enthalpy as — in principal - expressed by \. 
The symbols have the following meaning: T c °(l), T c ° m (l): melting points of the 
crystallizing component (1) as pure material and in the blend, respectively, V: 
to molar volume, AH®( 1): crystallization enthalpy of the pure component (1), y: 
Flory-Huggins-Staverman interaction parameter. R: gas constant]. The respec¬ 
tive phase lines do then not meet at an intermediate composition unless the 
equilibrium melting temperatures are almost equal (Fig. 12.5b). Following equi¬ 
librium thermodynamics, the blend partners would then crystallize successively. 
In reality, however, the crystallization of the blended polymers is kinetically hin¬ 
dered distinctly with increasing content of the other component. This, in its turn 
causes distinctly inclined “kinetic melting point depression lines”. fn contrast to 
the equilibrium lines, these lines may intersect at an intermediate composition 
and simultaneous crystallization may such be kinetically enforced (“kinetically 
pseudoeutectic” crystallization, pseudoeutectic of type I). These kinetic phase 
diagrams are however not unique as those of the thermodynamic equilibrium; si¬ 
multaneous crystallization may be brought about by different thermal paths. The 
resulting structure must then not necessarily consist of finely dispersed crystals 
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of the components, e.g., mixed lamellar stacks of the components. That type of 
pseudoeutecticity fulfils therefore only the first feature of eutectic crystallization. 
Beside it, there is therefore a second one that gives the finely dispersed crystal 
structure of mixed lamellae or mixed lamellar stacks (“structural pseudoeutec¬ 
tic” crystallization, pseudoeutectic of type II). Then, however, the crystallization 
of the components may proceed successively. 

There are only few polymer blend systems of two individually crystallizable 
components, which fulfill the presupposition of a homogeneously mixed melt in 
the whole composition range and at all accessible temperatures. Examples are the 
systems poly (vinylidene fluoride)/polyhydroxybutyrate (PVDF/PHB), polycar¬ 
bonate of biphenyl A/poly-e-caprolactone (PC/PCL), poly (ethylene terephtha- 
late)/poly (butylene terephthalate) (PET/PBT) und PHB/poly (ethylene oxide) 
(PHB/PEO). 

Figure 12.6 gives the equilibrium phase diagram of the blend PC/PCL [17]. 
Such phase diagrams can however not immediately be observed. They are ex¬ 
trapolated from isothermal crystallization experiments by suitable means [18]. 
The melting point depression of the PC is very small, and the PCL crystallizes 
from its own melt and shows therefore no depression. It should be noted that 
PC usually crystallizes only to a small extent due to the small gap between 
T c °(PC) = 248 °C and T g (PC) = 146 °C. Addition of PCL broadens this gap 
since T g of PCL is very low, and PC can crystallize to degrees of up to 30% de¬ 
spite the dilution. This causes a hardening of the blend although PCL is usually 
used as a plastiher (“antiplastihcation”). 



Fig. 12.6. Equilibrium phase diagram of a PC/PCL blend [17]. — t—t—t — : T g ; 
■ ■ ■ : Tc°(PC); : T c °(PCL). 


Figure 12.7 gives an example of a kinetic phase diagram. Simultaneous crys¬ 
tallization of the blend components is described in [19,20,21,22] for a blend of 
poly (butylene succinate) and poly (vinylidene chloride-co-vinyl chloride). That 
simultaneous crystallization yields the strange phenomenon of “interpenetrat- 
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C = 0.38K/min 


dash: PHB 
dot: PVDF 

* C = -2.5 r CAnin 
■ C=-5.0 f C/min 


Weight Fraction oF PVDF 


Fig. 12.7. Kinetic phase diagrams of a PHB/PVDF blend upon anisothermal crys¬ 
tallization by different cooling rates. A pseudoeutectic of type 1 may result for an 
extrapolated cooling rate of 0.4 K/min and a PVDF content of 20 wt-%. 



Fig. 12.8. Spherulitic structures in PVDF/PHB blends. PVDF/PHB = 20/80 wt-%; 
2-stage isothermal crystallizations at 120 °C and 90 °C, both until completion. After the 
crystallization step at 120 ° C, the volume is filled with small irregular PVDF spherulites 
(average diameter: about 40 pm). At 90 °C develop then large PHB spherulites (size 
here: about 200 |im), which at later stages fill also the whole volume but have incor¬ 
porated all former small PVDF spherulites (pseudoeutectic of type 11). 


ing spherulites”: whereas it is well known that spherulites of the same polymer 
stop to grow when they meet, spherulites of different polymers interpenetrate 
and grow into each other. The resulting structure is however dominated by the 
habit of the spherulites of one component. Such spherulite interpenetration can 
however result after a two-step crystallization, too. The spherulites of the two 
components grow then successively. Those of the first crystallizing component 
may even fill the whole volume but those of the second one incorporate them 
then nevertheless completely. This is demonstrated in Fig. 12.8 for the system 
PVDF/PHB and reported in [23] for a blend of PHB and cellulose ester. These 
structural features are detected by light and electron microscopy. Small angle 
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X-ray scattering, on the contrary, can unveil the fine structure on the lamellar 
level. Depending on the thermal history and on the mobility of the involved 
macromolecular chains, stacks of mixed lamellae of the two components as well 
as individual adjacent lamellar stacks of the blend partners can be detected. 
Corresponding observations were reported for PC/PCL blends [24], PHB/PEO 
blends [25], PVDF/PHB blends [26,27], and PVDF/poly (1,4-butylene adipate) 
blends [28], 

12.5 Miscible Blends: Crystallization Induced 
Composition Inhomogeneities 

The crystallization of one component in a homogeneous polymer blend causes, 
and bases on, far reaching diffusive displacements of the involved macromolecuies. 
The non-crystallizing component “A” must be removed from the crystallization 
front and diffuse away into the remaining melt, whereas the molecules of the 
crystallizing component “C” must migrate to that location (Fig. 12.9). Clearly, 
it must be distinguished between the diffusion ability of the crystallizable units 
(which determines the local crystallization conditions) and that of the whole 
chains (which determines the overall crystallization kinetics). The appearance of 
a spherulite depends on both. 



crystallization front, 
spherulite surface, 


moving by crystallization 

rate v to the right 

c 


Fig. 12.9. Chain diffusion in the vicinity of a crystal growth front. 


This particular condition results in a large variety of supermolecular struc¬ 
tures. The actual morphology depends decidingly on the rates ratio between that 
diffusive displacement of chains (v^) and growth of the crystalline entities (v c ). 
This ratio, in turn, can be controlled by suitable choice of the crystallization 
temperature T c . The diffusive displacement rate v ( \, 

» d = ^ [< ? ’ 2 )(r c ,i)] 1/2 = [6z?(ir c )7] 1/2 = = 1/2 , (12.10) 
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with 


D(T C ) « D° exp [ Cl (T c - 50 - T g )/(c 2 + T c - 50 - T g )] 


= T>° exp 


- AG d (T g ,T c ) 
RT C 


( 12 . 11 ) 


(D: whole chain diffusion constant, (r 2 ): mean squared displacement of a chain), 
can sufficiently well be described by a Vogel-Fulcher-Tamman law (which became 
known as Williams-Landel-Ferry equation [30]). v d increases consequently evenly 
with temperature [29]. The spherulite growth rate v c , in contrast [31,32], 


v c {T c ) 


v°4> c exp 


~k c 

Tc(T° m -T c )f 


ca^mln^c 

(T° m ~ T c ) 


exp 


~AG d 

RT C 


( 12 . 12 ) 


{(pc'- volume fraction of the crystallizing component, k c , /, cy constants) exhibits 
a maximum anywhere between the glass transition temperature T g and the equi¬ 
librium melting temperature T c °, and is zero outside this temperature range 
(Fig. 12.10). Consequently, three different regimes can be defined [33]: 


I: If iq << v c which is usually observed at rather low T c , the excess part of 
“A” which is released upon crystallization of “C” will completely be caught 
and included in the growing spherulites and trapped in their interlamellar 
regions or between the lamellar stacks. The composition (f> {(p designates in 
this paragraph the content of “A”) of the melt will stay spatially homogeneous 
and equal to that of the initial melt (< p °) during the whole crystallization time. 
The inclusion of a surplus amount of the non-crystallizing component causes 
the composition of the amorphous phase within the spherulites to be different 
from that of the initial melt (increased (p), and the internal structure of the 
spherulites will be comparably irregular (Fig. 12.11a). 

IT In that regime, usually at an intermediate range of crystallization temper¬ 
atures, diffusive displacement rate and spherulite growth rate are balanced. 
The non-crystallizable component “A” will then be partially rejected from the 
spherulite growth front back into the melt without the ability to distribute 
evenly. This is equivalent to the crystallization induced impoverishment of 
“C” at the spherulite growth front and its necessary migration to that lo¬ 
cation. This gives rise to a gradual change of the composition (p{r = 0 ,t) 
at the spherulite surface (r: distance from the spherulite surface) and to the 
creation of composition profiles (ppr, t ) around the spherulites with maximal 
“A”-content at their surfaces (Fig. 12.11b). These profiles may reach more or 
less wide into the melt. Again, it must be distinguished between very local 
compositional changes, which determine the fibrillar internal structure of a 
spherulite, and overall ones, which rule the growth of a spherulite as a whole. 
D/v c yields an estimate for the width r d of the composition profile. It turns 
out that ro may amount up to 100 pm. 

Ill: Here we have v d » v c which is usually observed at high T c , and all material 
of “A” which is released during the crystallization of “C” can diffuse far, and 
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I cm pc nature | f Temperature f 

V ft 5 c 


(d) (c) 

Fig. 12.10. Dependence of diffusive chain displacement rate and of spherulite growth 
rate on temperature (schematically). In a very general situation, three regimes 1 to 111 
can be observed depending on the actual crystallization temperature T c (a). In some 
cases, we have ua » v c in the whole T c range, and only regime III is observed (b) 
or it is r,i >> v c for all T c , and only regime I occurs (d). The crystallization time 
is a parameter in these drawings as is evident from (12.11) and (12.12): ua depends 
explicitely on time, and v c implicitly since <f>c may change with time. The ratio between 
ua and v c may consequently change with proceeding crystallization which may cause a 
shift between the several regimes. 


Regime I Regime II 



Fig. 12.11. Composition profiles at the various regimes. 
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spread evenly, into the remaining melt. This gives rise to a spatially homo¬ 
geneous overall melt composition (f>^ similarly to case “I” but, in contrast to 
that regime, (jf° will gradually increase with progressive crystallization and 
differ from <jp (Fig. 12.11c). 

The described local and global changes in 0, by virtue of 12.12, will cause 
likewise changes in v c . Whereas v c will be constant during whole crystallization 
in regime I, it will change drastically in regime II with time until crystallization 
rate and diffusive chain displacement rate balance and the composition profiles 
become stationary (as long as crystallinity is not to large; then, the same as in 
regime III will happen). In regime III, finally, v c will change gradually until crys¬ 
tallization has completed or v c approaches zero if the melt content of crystallizing 
component becomes to low. The situation becomes more complicated since the 
described changes in v c feed back the temporal development of the composition 
change. The observed effects will crucially depend on the relative contributions 
of the explicit composition dependence of v c as such and on the composition 
dependencies of T g (particularly whether T g of the crystallizing component is 
higher or lower than that of the other component) and of T c ° m . Occasionally, the 
crystallization process will finally be stopped by vitrification if the glass transi¬ 
tion temperature of the melt approaches the crystallization temperature. This 
can happen in later stages of regime II and III. The change of composition and 
the associated change of the v c (T c ) dependence may sometimes cause a shift 
from one regime to another. 

The detection and quantitative characterization of these composition inho¬ 
mogeneities is possible by a variety of means. The composition change at the 
spherulites surface may be determined by evaluation of the spherulite growth 
rate, and the composition profiles around the spherulites by evaluation of the 
number density of athermal nuclei or by IR microscopy. The latter allows also 
the measurement of the composition changes within the spherulites. If the blend 
system exhibits a miscibility gap, the composition inhomogeneities are unveiled 
by the spatial distribution of demixing zones if being sufficiently strong (cf. 
paragraph 7). 

In Fig. 12.12, the composition changes at the surface of a growing spherulite 
as concluded from the temporal change of the spherulite growth rate is displayed 
for a PVDF/PEA blend with <^pea = 0.7 wt-ct upon isothermal crystallization 
at 155 °C [34]. The increase of the composition to more than 0.95 wt-ct is as¬ 
tonishingly high. 

The next Fig. 12.13 shows the composition change in and around a PVDF 
spherulite in a blend with PMMA as determined by IR microscopy [35]. The 
composition at the spherulite surface changes again remarkably from i)p MMA = 
0.4 wt-ct in the initial blend to <^pmma ~ 0.6 wt-ct after 12 h of crystallization. 
The profile extends over about 50 pm. 

A mathematical description of the described composition profiles by solving 
the diffusion equation must take into account the unusual boundary conditions: 
the boundary (the growing spherulite surface) moves by v c and is simultaneously 
a source e of the diffusing substance (the component “A” as released by crys- 
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Ch 


Fig. 12.12. Composition change at the surface of a growing spherulite [34]. Homoge¬ 
neous PVDF/PEA blend, <^>p EA = 70 wt-%, T c = 155 °C. 



left spherulite right 

spherulite center spherulite 

border border 


Fig. 12.13. Composition profile around and in a PVDF spherulite in a homogeneously 
mixed blend with poly(methyl methacrylate) (PMMA) as determined by IR microscopy 
[35]. The evaluation made use of the composition dependence of the absorption ratio 
between the IR bands at v = 880cm _1 (PVDF) and v = 765cm~ 1 (PMMA). Initial 
composition dpMMA = 0.4 wt-ct. T c = 161 °C, t c = 12 h. 


taUization of “C”). From a physical point of view, the problem is the same as 
that of the migration of a phase transition front where latent heat of conversion 
is produced which has to be dissipated by heat conduction (“Stefan’s problem” 
[36,37]). However, the present situation becomes more complicated since v c and 
f (i.e. essentially the degree of crystallization inside the spheruiites) depend on 
each other and on the actual value (f>R of the composition at the boundary, which 
in turn changes with time. So far, the diffusion equation has not been solved un¬ 
der such complicated boundary conditions. D may be assumed to be independent 
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on the composition since the D values of the components are roughly equal. If 
at first e is assumed to be constant, too, and v c ~ t^ 1 / 2 , a numerical modeling 
is possible which bases on the particular solution of the diffusion equation in 
spherical coordinates as given 1950 by Frank [38]. After suitable evaluation, this 
allows calculation of the effective diffusion coefficient D , of the internal composi¬ 
tion of the spherulites, their degree of crystallinity, and the average composition 
of the remaining melt, which rises with progressive crystallization. The deter¬ 
mination of D this way is of particular importance. It is rather difficult and 
laborious to get experimental information on this quantity by other means like 
inelastic neutron or forced Rayleigh scattering, respectively. The simulations al¬ 
low moreover the prediction and evaluation of the temporal development of the 
thickness of the phase-separated layer around a growing spherulite in systems 
with miscibility gap. 

In the approach of Frank [38], the diffusion equation 
dd) o 

-± = DV 2 <p (12.13) 


is solved by using the dimensionless variable s, 


Vm’ 


(12.14) 


where r’ is the distance from the spherulite center and t is the time. The solution 
is 


4 


c 


exp(—s 2 /4) 
s 


Y [! - erf (s/2)] | + </ D 


(12.15) 


X 



— oo 


(12.16) 


is the error function, (p^ is the content of the noncrystallizable component far 
in the melt, and c is given by 


c 



(12.17) 


where q is that portion of “A” in units of (pR {(pR. the content of “A” immediately 
at the spherulite surface) which is expelled from the spherulite, and R = S\/DT. 
Since a part 1 — e of “A” is trapped within the spherulite, the expelled amount 
is given by q = ecpR, and (pR can be expressed by 


<t>R = <t>{s = S) 


4* oo 

1-^(1 —^£[ 1 - erf ( f )]} 


(12.18) 


The overall composition (pi inside the spherulite is (pi = (1 — e)(pR. (pi must 
always be smaller than (p^ from mass conservation considerations. The composi¬ 
tion (pi of the amorphous phase within the spherulites, however, should exceed 
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<j> oo. f is therefore restricted to 

^ a.‘c(l 0oo) 

1 ^c&oo 


(12.19) 


where .r c is the degree of crystallinity within the spherulites. 

In numerical treatments of this solution, the temporal change of v c with tem¬ 
poral change of 4>r can formally be considered, this yielding a good adaptation 
to the real situation. 

Figure 12.14 shows the result of such a calculation for a PVDF/PEA blend 
[39]. A best fit yields D = 300 jj,m 2 /li. This value compares well with that of 120 
)J,m 2 /h as determined in PVDF/PMMA sandwich arrays at 190 °C by evaluation 
of the interdiffusion profile [40]. 



Fig. 12.14. Composition profile around a spherulite as determined by evaluation of 
the spatial number density of athermal primary nuclei after suitable quench from the 
crystallization temperature [34]. PVDF/PEA blend with <^>p EA = 70 wt,-%; T c =155 ° C, 
t c = 21 h. 

The full line is got by least square numerical modeling and the dotted line 
indicates the change of the overall composition to <j> oo,pea = 84 wt-% with 
proceeding crystallization. 

12.6 Miscible Blends: Competition Between 
Crystallization and Vitrification 

As already pointed out, the crystallization induced changes in composition of 
the remaining melt cause by virtue of 12.12 a likewise change of the spherulite 
growth rate which in its turn results in a self-deceleration of crystallization; 
v c decreases with time [39,41,42,46]. Figure 12.12 bases on the evaluation of 
this dependency. Such non-linear growth of spherulites has also been reported 
in some polymer/oligomer mixtures, and has there been explained in terms of 
diffusion-controlled growth of spherulites [47]. 
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Several factors contribute to the composition and temperature dependence, 
respectively, of v c : 


v c {T c ) 


-AG d (T g ,T c ) 
RT C 


o , ~k c , c 3T° m lri<t> c 

Wc ^ ceXP [Tc(T c ^ - T c )f + (T° m - T c ) 
F P (T, <j>) ■ F n (T, <j>) ■ F e (T, <j>) ■ F V (T, <j>) 

Cl (T c - 50 - T g )/(c2 +T C - 50 - T g ). 


exp 


~AG d 

RT C 


( 12 . 20 ) 


The factors F p , F n , F e , F v are a prefactor as well as the nucleation, entropic, 
i.e. dilution, and vitrification contributions to v c . v c depends not only explicitly 
but also implicitly on composition since both T g and T c ° m depend on composition, 
too. It may of particular interest whether that deceleration - if occurring at all 
- is caused by the development of composition profiles in regime II or by the 
gradual increase of composition in regime III. Another question to be answered 
is which of the four factors in 12.12 dominates the deceleration of the spherulite 
growth and particularly whether the deceleration - in either case - is immediately 
due to the changes in composition (dilution effect) or by the associated change 
in T g (vitrification). That coupling of the kinetics of a phase transition phase 
transition - either mixing/demixing or crystallization - with vitrification has 
been basically discussed in [48]. 

A corresponding analysis has been performed [49] in the unconditionally 
miscible blend of polyhydroxyether of biphenyl A (PHE) and poly (ethylene 
oxide) (PEO) where PEO is a crystallizable and PHE an always-amorphous 
component (Fig. 12.15). In Fig. 12.16, the phase diagram of the blend is given. 
The development of crystallinity upon annealing causes a change of the average 
composition of the remaining melt, which in its turn causes a change of its T g 
and its T<? m (Fig. 12.17). Figure 12.18 left shows that v c behaves non-linear for a 
very narrow temperature range with width of less than 2K around a temperature 
T c „. This indicates regime II. The temperature T c „ depends on composition. 
T c „ shifts to higher temperature with increasing PEO content. This reflects 
both the increasing chain mobility with temperature and the increase of crystal 
growth rate with decreasing dilution. For still higher T c , another slight deviation 
from the linear growth is found at longer times (Fig. 12.18 right). This indicates 
transition to regime III. 

Since the non-linearity of Fig. 12.18 left is indicative for regime II, and the 
corresponding temperature range is rather small, Fig. 12.10a is applicable. In 
Fig. 12.19, all determined (initial) growth rates are collected, and the tempera¬ 
tures T cn (</°) are indicated. Using the T g ’s of Fig. 12.16, the diffusive displace¬ 
ment rates can be adjusted by means of 12.11 with c\ = 20.4 and C 2 = 101.6 
K [30] to meet the schematic Fig. 12.10a. Introducing the T g ’s and T<? m ’s of 
Fig. 12.17 into 12.12, it turns out that the several contributions relate approxi¬ 
mately as 


F P (T C ) ■ F n (T c ) • F e (T c ) ■ F V (T C ) = 1 : 1 : 3 : 15 
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CH, 



CH„ OH 

Fig. 12.15. Chemistry of PHE (left) and PEO (right). 



Fig. 12.16. Phase diagram of the PHE/PEO blend [49]. 
- -* : T g ; —a—a—a— : T° m (PEO). 


0 10 20 3D 1C 50 



Fig. 12.17. Temporal change in glass transition temperature and equilibrium melting 
temperature with proceeding crystallization at T c = 48 °C [49]. Initial composition 
<^>PEO 1 ^0 wt-%. 
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Fig. 12.18. Growth of spherulite radii R in the PHE/PEO blend with initial com¬ 
position <^peo = 80 wt-% upon isothermal crystallization at different crystallization 
temperatures T c [49]. Left: Non-linear growth due to regime II at T c = 51 °C. Right: 
Non-linear growth due to regime III at T c = 52 °C. 



JJ V, 


Fig. 12.19. Temporal Experimental spherulite growth rates and calculated diffusive 
chain displacement rates to model regime II in the schematic Fig. 12.10a [49]. The 
figure shows the surroundings of the crossing lines at regime II in Fig. 12.10a for the 
several blends. The measuring points at T CjI1 which indicate that crossing are drawn 
enlarged. 


The deceleration is therefore mainly caused by slowing down of the chain 
motion by approaching the glass temperature, i.e. by vitrification (F v ) and only 
to a small extent to dilution (F e ). 
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Fig. 12.20. Solidification paths in crystallizing polymer blends with miscibility gap. (i): 
Quench induced crystallization, (ii): Crystallization induced demixing, (iii): Demixing 
induced crystallization (iv): Immediate competition between crystallization and demix¬ 
ing. -: binodal,-: spinodal,-: melting point depression curve, .: glass 

transition temperature. 


12.7 Blends with Miscibility Gap: Competition 

Between Crystallization and Mixing/Demixing 

Interesting phenomena can be observed in systems with miscibility gap. Both 
crystallization and mixing or demixing are governed by their own kinetics, which 
may proceed on different time scales. The competition between these two kinet¬ 
ics may cause a number of particular features, which for the case of a blend 
system with upper critical solution temperature (UCST) are sketched schemat¬ 
ically in Fig. 12.20 [33,41,42]. Of particular interest are the cases (ii) to (iv), 
i.e. crystallization induced demixing (ii), demixing induced crystallization (iii), 
and immediate competition between crystallization and demixing (iv). Case (i) 
relates in principal to a homogeneous blend and is discussed in detail in the 
foregoing section of this article. The following discussion as well as Fig. 12.20 
relates to systems with t T CST but corresponding observations may be made with 
blends with lower critical solution temperature. For the sake of simplicity, the 
consideration is restricted to systems with one crystallizable component; if both 
components are crystallizable, additional considerations are necessary which are 
treated in Sect. 12.4. 

In path (ii), the homogeneous melt of suitable composition outside the mis¬ 
cibility gap will be crystallized by quench to a temperature where the system 
is in the homogeneous region. Due to the crystallization of the one component, 
the remaining melt will enrich in the other until the miscibility gap is reached 
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jfe s / wt-% 

Fig. 12.21. Phase diagram of a PCL/OS blend [43]. M w (PCL) = 15 000, M w (PS) 
= 840. —•—•—•— : Equilibrium melting temperature, — a—a—a— : glass transition 
temperature, — t—t — t — : binodal, —■—■—■— : spinodal 


and the melt decomposes in two liquid phases (“crystallization induced demix¬ 
ing” ). Depending on the rates ratio between diffusive displacement of the chains 
and spherulites growth as discussed in more detail in Sect. 5, composition pro¬ 
files may develop, and the mentioned enrichment of the melt may be restricted 
to the immediate vicinity of the spherulite surface (Fig. 12.22a). That demix¬ 
ing will consequently be observed first at that location. This is indeed the case 
(Fig. 12.23a) as illustrated here by corresponding observations in a blend of PCL 
and oligostyrene (OS; Fig. 12.21) [33,43,44]. This blend exhibits a phase diagram 
similar to that of Fig. 12.20. That demixing at the surface of the spherulites, 
moreover, starts in the gap between two nearly adjacent spherulites since the 
mentioned composition profiles superimpose there (Fig. 12.23b). This leads to a 
still more distinct composition change between the two spherulites (Fig. 12.22b). 
Finally, the volume between the several spherulites is filled with the second 
phase, which possibly crystallizes its own way dependent on its composition 
(Fig. 12.23c,d). 

The mentioned composition profiles develop only in regime II, i.e. at inter¬ 
mediate crystallization temperatures. At lower T c , crystallization will proceed 
according to regime I, and the surplus non-crystallizing component - here: the 
OS - will completely or at least partially be included in the developing spherulites 
(Fig. 12.24 left). If the binodal is passed inside the spherulites, demixed droplets 
my develop there. It has, however, been show that that demixing can occasion¬ 
ally be suppressed for kinetic reasons, and the amorphous phase has an non- 
equilibrium composition [45]. In any case, the spherulites will have an irregular 
shape and low crystallinity. 

Figure 12.24 right shows finally an example for immediate kinetic competi¬ 
tion between demixing and crystallization. The demixing proceeds faster that 
crystallization at the chosen T c . The structure shows a disperse phase with low 
PCL content around which spherulites grow which finally engulf and include the 
dispersed droplets. 




(c) t c = 240h (d) final state 

Fig. 12.23. Crystallization induced phase separation [43,44]. PCL/OS blend. <^>pcl = 
60 wt-%, T c = 51 °C. (a) to (c): light micrographs, scale bar: (a,,b) 25 |tm, (c) 125 |tm. 
(d): electron micrograph, scale bar 100 |tm. 


12.8 Picture Gallery 


It has been proved in the foregoing paragraphs by a number of examples (Fig. 12.5, 
Fig. 12.8, Fig. 12.23, Fig. 12.24) that the spherulitic morphology in polymer 







232 Bernd-J. Jungnickel 



Fig. 12.24. (Left) same sample as in Fig. 12.23 but crystallization at 44 °C; scale bar: 
50 pm. (Right) immediate competition between crystallization and demixing; PCL/OS 
= 40/60 wt-%; T c = 46 ° C, f c = 27 h, scale bar: 100 pm. 


blends can have a lot of different and interesting faces. It should be recalled 
that the habit of a spherulite, which develops in a blend at given composition 
and thermal conditions, depends mainly on the ratio D/v c [50]. That ratio with 
respect to the crystallizing chain segments ( D s ) determines the habit of the 
spherulites interior whereas that ratio as applied to the whole chain (/),.) is 
linked with the progress of the spherulite development as a whole. The habit in 
its turn may be characterized essentially by the branching probability of the ra¬ 
dial lamellae, on their twist period, and on the surface curvature. Since r, bases 
basically on the nucleation conditions, the named thermal and compositional 
conditions may also determine the type of the developing crystal lattice in poly¬ 
morphous polymers, which are able to exhibit different crystal modifications. 
These different crystal modifications in their turn can influence the character of 
a spherulite, too. 

This article shall be concluded with a selection of pictures by which that 
manifoldness of spherulite habits in polymer blends is underlined. They display 
PVDF spherulites as grown in blends with PEA or PMMA. The blend of PVDF 
and PEA exhibits a miscibility gap (Fig. 12.25) [15]. which, however, in many 
cases may be ineffective for crystallization. The blend PVDF/PMMA is miscible 
in the whole composition and temperature range. PVDF can crystallize in up 
to five crystal modifications, which causes additional particular features in the 
developing spherulites. 

The pictures of Fig. 12.26 are taken from crystallization experiments in a 
polarizing lighl microscope. Since there the observation of the crystallization 
process requires sample thicknesses below 50 pm, the diffusion ability of the 
macromolecules is restricted largely to two dimensions. This enhances the influ¬ 
ence of the chain displacement ability on the developing structure. The actual 
habit in a given sample at given thermal conditions will moreover depend on the 
actual sample thickness. The pictures of Fig. 12.26 are therefore not necessarily 
representative for the given thermal and compositional conditions. 

Pictures (a) to (d) yield examples for the sudden change of the crystal mod¬ 
ification or the lamellar branching probability at a certain instant. At low con- 
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Fig. 12.25. Phase diagram of a PVDF/PEA blend [14,15]. —y—y—y— : T° m of 
PVDF, —■—■—■- - : binodal, — a—a—a — : spinodal. 


centrations of tlie amorphous component (i.e. dilution of the PVDF), nucleation 
or growth (or both) of the crystalline cc-modification of the PVDF are favored 
whereas the 7 -modification grows predominantly at higher concentration. This 
sudden change of modification is then most probably due to passing a corre¬ 
sponding limiting composition at the spherulite growth front due to the devel¬ 
opment of composition profiles. The o-spliemliles are characterized by a longer 
lamellar twist period and (in most instances) a more dendritic growth with re¬ 
spect to the 7 -spherulites. The former is unveiled by the ringed structure of a 
picture, and the ring separation is equal to the twist period. The latter is linked 
with the lamellar branching probability, and a low branching probability results 
in an open and more dendritic habit. It is moreover seen that, in any case, the 
impoverishment of PVDF at the spheruiites growth front and the corresponding 
increase of the migration paths of the macromolecules to or from that location 
brings about a more dendritic habit of the spheruiites. 



Fig. 12.26. (Cont.) 
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Fig. 12.26. (Cont.) 


In Fig. 12.26e and Fig. 12.26f it is demonstrated that the lamellar twist period 
in this particular blend system decreases with decreasing content of the crystal- 
lizable component at the spherulite growth front: the rings become closer and 
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00 ( 1 ) 

Fig. 12.26. Selection of spherulite habits, which are found in polymer blends. Here, 
blends of crystallizable PVDF and amorphous PEA or PMMA are shown. 

(a) PVDF/PEA = 30/70 wt-%, T c = 160 ’C, f c = 8 d. (b) PVDF/PEA = 20/80 wt- 
%,, r c = 153 C. (c) as (b) but other image contrast and other sample location, (d) 
PVDF/PMMA = 50/50 wt-%, T c = 164 C f c = 6 d. (e) PVDF/PEA = 30/70 wt-%,, 
T c = 162 °C, t c = 60 d. (f) as (e), but other image contrast, (g) PVDF/PEA = 30/70 
wt-%, first demixed at 240 °C, T c = 147 °C, picture taken from the continuous phase, 
cf. Fig. 12.5e. (h) PVDF/PEA = 30/70 wt-%,, first demixed at 230 °C, T c = 147 C, f c 
= 2 d. (i) PVDF /PMMA = 50/50 wt-%,, T c = 160 °C, t c = 118 h. (j) PVDF/PMMA 
= 50/50 wt-%,, T c = 160 °C, t c = 118 h. (k) PVDF/PEA = 30/70 wt-%,, T c = 160 °C. 
(1) PVDF/PEA = 30/70 wt-%,, T c = 160 C, t c = completion, sample thickness 5 |tm. 
For more details cf. text. Figs, (d), (i), (j) cf. [52]. 


closer with the impoverishment of PVDF in the remaining melt (here: through 
regime III. cf. Fig. 12.11c). In a final state, they are unable to bp resolved and 
the spherulite border becomes finally a frayed appearance. It can moreover seen 
that this border has a waved course. This may be explained by the enhancement 
of particular frequencies in the surface growth fluctuation spectrum [51]. 

Figure 12.26g and Fig. 12.26h give two interesting examples of interface cross¬ 
ing crystallization and are such a continuation of Fig. 12.5. The droplets from 
which the crystallization of the displayed continuous phase starts are at the upper 
rim of the picture (g) or in the upper left corner (h). It is obvious from the fore- 
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going considerations that the droplet internal crystallizes in the 7 -modihcation 
whereas the continuous phase exhibits cr-crystals. 

Figure 12.26i and Fig. 12.26j stem from PVDF/PMMA blends of different 
thickness. The dendritic spherulites of Fig. 12.26i did not grow circularly and 
are separated by uncrystallized material. This is due to the composition change, 
which is most pronounced between the spherulites (cf. Fig. 12.22b) and finally 
impedes further crystallization. It can seen in Fig. 12.26j that at suitable con¬ 
ditions a-spherulites and 7 -spherulites may grow side by side. The growth of 
the 7 -spherulites is however favored, and the a-spherulites turn occasionally to 
grow 7 -like. The said depletion zone between adjacent spherulites is particularly 
pronounced in Fig. 12.261 where the final structure of a very thin PVDF/PEA 
sample is shown (cf. also Fig. 12.23d). To conclude, Fig. 12.26k yields another 
sample of a pronounced dendritic structure. 

12.9 Concluding Remarks 

It has been the purpose of the present article to give an impression of the diversity 
of supermolecular structures, which may develop in polymer blends. They are 
not only of aesthetical allurement. They are a convenient mean to get deeper 
information on, and insight into, the rules, which govern the kinetics and the 
thermodynamics of crystal growth not only in blends or mixtures but in one- 
component polymer systems, too. The particular features of that solidification 
may be of practical importance both for the processing of these materials and 
for their use. Polymer blends and mixtures can therefore serve as suitable model 
systems in theoretical research, and their treatment is moreover of considerable 
practical importance. 
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Abstract. Microstructured films are formed on micropatterned substrates. Film for¬ 
mation on hydrophilic micrometer-sized isles allows to prepare amorphous films of 
polyethylene oxide (PEO) which are metastable with respect to crystallisation. Het¬ 
erogeneous nucleation can be initiated by contact with an AFM tip. The controlled 
nucleation in metastable micropatterned films enables us to study the propagation 
of crystallisation fronts within confined areas. The crystallisation process within the 
ultrathin micropatterned film segments favours branched lamellae structures typical 
for diffusion limited aggregation (DLA) processes. We observed a strong influence of 
confined geometries on the morphological features of branched PEO lamellae. 


13.1 Introduction 

During the last decades the crystallisation of thermoplastic polymers into lamel¬ 
lar crystals and their spherulitic superstructures has been of great interest in 
order to understand and to influence the bulk properties of engineering poly¬ 
mers such as fracture toughness, yield strength or optical transparency. While 
in most engineering applications of polymers structure-property relationships of 
the bulk state are in focus of attention new applications in micro- and nanotech¬ 
nology focus on morphology formation in thin films. 

Many previous studies of crystallisation in ultrathin films were related to epitax¬ 
ial growth processes on interfaces. Within this context a number of TEM studies 
focused on the investigation of epitaxial growth processes of ultrathin polymer 
films in contact with oriented polymers films, organic molecular crystal surfaces 
or inorganic crystals. Typical examples are the epitaxial growth of polyethy¬ 
lene on benzoic acid [1,2] or hydrogen-bonding polymers as polymamides and 
polyesters in contact with various surfaces [3]. Polymer/polymer epitaxy has 
been observed for it-polypropylene crystallizing in contact with PTFE [4] and 
has also been extensively studied during polyethylene crystallisation on oriented 
polypropylene needle crystals [5] or for the crystallisation of syn-PP in contact 
with HDPE (100) lattice planes [6]. Epitaxial studies focus on the understanding 
of specific molecular interactions of an ordered substrate with polymer chains 
organising in polymer crystals. Epitaxy can influence the molecular packing and 
the orientation of polymer crystals at the interface. 


G. Reiter, J.-U. Sommer (Eds.): LNP 606, pp. 238-251, 2003. 
(c) Springer-Verlag Berlin Heidelberg 2003 
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With the rapidly growing interest in nanotechnology thin and ultrathin poly¬ 
mer hlms become more and more important as interfacial layers for the control 
of surface directed growth processes as for example in biomineralisation [7,8]. 
Consequently questions related to the structure formation of thin polymer hlms 
in contact with surfaces and its influence on physicochemical behaviour are of 
growing importance. The interest in polymer structure formation at interfaces 
includes the adsorption of polymers at surfaces, the wetting and dewetting be¬ 
haviour and also the crystallisation behaviour. Recently it has been demon¬ 
strated that the crystallisation of flexible polymers such as polyethylenoxide 
(PEO) in ultrathin hlms results in highly branched lamellar crystals [9,10], which 
can be described theoretically by a model based on a diffusion limited aggrega¬ 
tion process (DLA) [11]. 

The concept of nanotechnology as formulated by Drexler [12] introduces na¬ 
nounits which are either single molecules or small aggregates of macromolecules, 
supramolecular structures of small molecules, single colloidal particles etc. which 
can assemble to larger nanosystems preferably with special functionality. Exam¬ 
ples of such nanosystems are protein assemblies which may form rigid tubular 
structures of microtubuli, small containment with nanosized reaction chambers 
for the synthesis of inorganic particles biological systems [13] or 2d-crystalline ar¬ 
rays of biofunctional layers (S-layers). The 2-dimensional ordered S-layers [14,15] 
as well as the one dimensional microtubullis [16] can be used as templates for 
metal cluster synthesis. An essential prerequisite for the design of new artihcial 
nanosystems is the detailed knowledge of the assembly processes in order to 
create defined 2- or 3-dimensional nanosystems. 

The scope of this contribution is to demonstrate major influences on the 
diffusion controlled growth of crystalline lamellae of several nm height within 
well defined lateral patterns (Fig. 13.1). The surface design that is realized in 
order to obtain this type of micropatterned PEO hlms is schemed in Fig. 13.2. 
With regard to basic ideas of nanotechnology the micropatterned lamellae should 
be addressed as nano-building blocks. The strategy that is applied to realise the 
lamellae nano-building blocks includes the following steps which will be discussed 
in detail: 

• creation of defined micrometersized patterns by chemical surface heterogeni- 
sation 

• preparation of ultrathin micropatterned amorphous polyethylene oxide (PEO) 
layers by controlled dewetting on heterogeneous surfaces 

• heterogeneous nucleation of the metastable PEO layers and diffusion con¬ 
trolled crystallisation within lateral defined areas 


13.2 Creation of Defined Micrometersized Patterns 
by Chemical Surface Heterogenisation 

The generation of microstructured polymer hlms by dip-coating from solution 
requires the heterogenisation of surfaces into geometrical dehned areas of dif¬ 
ferent wettability [17]. Variations in surface wettability are generally related to 
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Fig. 13.1. Characteristic growth patterns of PEO lamellae on micropatterned surface 
areas 


CH 3 - (O - CH 2 - CH 2 - ) x - OCH 3 (PEO) 

X ~ 225 t 


^vvettable D Nonwettabk: , 



Fig.13.2. Basic structure of the micropatterned substrate including the crystallisable 
polymer film 


differences in the surface chemical composition [18]. Surface chemical properties 
can be designed by self-assembled monolayers of appropriate chemical structures. 
In case of gold 11-mercaptoundecanoic acid (11-MUA) is a suitable compound 
to create a hydrophilic surface that favours wetting by PEO (Fig. 13.2). Local 
defined micrometersized areas of hydrophilic 11-MU A domains surrounded by 
hydrophobic areas can be prepared either by micro-contact printing [19] of 11- 
MU A or by electron beam lithography [20] of 11-MUA layers. By micro-contact 
printing 11-ML T A molecules are transferred from a flexible polydimethylsiloxane 
(PDMS) stamp to a substrate surface (Au). Electron beam irradiation changes 
the hydrophilic property of a self-assembled 11-MUA layer into hydrophobic. 

13.3 Preparation of Ultrathin Micropatterned 

Amorphous Polyethylene Oxide (PEO) Layers 
by Controlled Dewetting on Heterogeneous Surfaces 

Ultrathin polymer hlms are commonly prepared by spin- or dip-coating. In our 
experiments we prepared PEO hlms by dip-coating from chloroformeous PEO 
solutions concentrations of 0.15 %(weight) PEO. The molecular weight M w of the 
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PEO is about 10000 which is identical to a degree of polymerisation P n of 225. 
With a length of 0.2783 nm of a single extended PEO unit in the crystalline state 
and a lamellae height of 15 nm the number of stems of a single molecule that fold 
into a lamellae is equals to 4. Keeping all other parameters [lift-off velocity of the 
substrate (ca. 20 mm/min.), temperature] of the dip-coating process constant 
the thickness of the initial amorphous film is about 4 nm. 

During the dip-coating process the heterogeneous surface of the patterned 
substrate is lifted from the polymer solution with constant velocity. Initially the 
complete surface is covered by a thin liquid layer of polymer (PEO) solution. 
This layer is continuously thinning by solvent evaporation and it finally ruptures 
on a poor wettable surface. Dewetting of thin films on homogeneous substrates 
typically results either in a network of holes growing in time or in a bicontineous 
structure similar to that observed in spinodal decomposition processes [21,22,23]. 
On patterned surfaces thin film ruptures are initiated in relation to the geomet¬ 
rical features defined by wettable and nonwettable domains. In case of periodic 
stripes of wettable and nonwettable motifs a theoretical approach describes the 
conditions which allow that the surface wettability pattern is replicated into 
the film [24]. Following this theoretical approach the geometry of our motifs en¬ 
sure the replication of the lateral surface heterogenities into the corresponding 
dewetting film structures. The surface topography of the solution 

respectively the local thickness of the polymer film formed on the wettable 
areas is strongly dependent on following influences: 

• Ratio of wettable and non-wettable area within a motif 

• Shape of the wettable area 

Figure 13.3 demonstrates the different distribution of material within a motif 
in dependence of the ratio a of wettable and nonwettable areas. While a low 
ratio a of wettable to nonwettable areas results in a high amount of solution 
on the wettable areas due to the dewetting process and consequently in a high 
film thickness after drying (Area A), ultrathin films are formed at high a (Area 
B). As we will discuss later the difference in film thickness strongly controls 
the lamellar growth patterns. The influence of the shape of motifs on the 3d- 
topography of the liquid layer on the wettable structures is clearly seen in the 
light microscope Fig. 13.4. Within the edges of U-shaped channels or square 
like structures the hight of the liquid layer inside the U-shaped turn is larger 
than along the parallel channel structures. Consequently the thickness of the 
polymer film that are formed during the drying process reflects the topography 
of the preceeding liquid phase of the polymer solution. The topography of liquid 
phases on patterned surfaces and their stability is currently of great interest 
from the theoretical point of view [25,26]. 

The PEO films prepared by dip-coating are initially amorphous both on 
micrometer sized and large sized areas. On a large scale of several mm the prob¬ 
ability to find a nucleus to initiate heterogeneous crystallisation in the film is 
high. Because a single nucleus is sufficient to start the crystallisation process, the 
amorphous films crystallise a few minutes after film preparation. The propaga¬ 
tion of the crystallisation front can be followed by light microscopy. In contrast 
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Fig. 13.3. SEM micrograph: Local thickness variation of a dewetted polymer film 
resulting from different ratio of wettable and nonwettable areas within a motif (scalebar 
eq. 2|im). The SEM micrograph demonstrates qualitatively the different height of the 
polymer film on the patterned surfaces (darker areas represent higher film thickness) 



Fig. 13.4. Surface topography of a solution on micropatterned surface and of the 
crystallised polymer lamellae 


to large continuous areas film segments within isolated micrometer sized isles 
are stable with respect to crystallisation. Within these isolated areas which are 
separated from the macroscopic PEO him by hydrophobic pm-sized barriers the 
heterogeneous nucieation probability is relatively low. The amorphous him seg¬ 
ments can be kept in their metastable state for several days or even weeks and 
they can be nucleated within pre-selected areas by contact with an AFM tip 
upon request. This experimental conditions allow us to initiate diffusion con¬ 
trolled crystallisation processes and to follow crystalline growth patterns which 
are formed in lateral confined motifs. In contrast to other systems in which the 
wetting process and structure formation are simultaneous processes [27] dewet- 
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Fig. 13.5. SEM micrograph: a)Amorphous ultrathin PEO segments isolated through 
hydrophobic barriers b) Crystallized PEO layers. Heterogeneous nucleation was done 
by contact with an AFM tip inside the metastable amorphous isles 


ting and crystallisation are clearly separated processes in the PEO ultrathin 
films. 

13.4 Characteristic Growth Patterns of PEO Lamellae 
on Micropatterned Surface Areas 

13.4.1 Basic Ideas on Diffusion Controlled Crystallisation 

Highly branched morphologies similar to those described for the crystallisation 
of PEO in ultrathin layers correspond to a general type of pattern which is 
observed in a number of very different systems as for example 

• growth patterns of bacterial colonies [28] 

• neuron pattern of the nerve system [29] 

• aggregation patterns of colloidal particles [30] 

• electrocrystallisation [31] 

• atomic aggregates on surfaces [32] 

The characteristic length scales observed for structural elements may differ from 
the atomic scale to the macroscopic so from nm to mm. The highly branched 
structures that are observed in all previous examples result from diffusion con¬ 
trolled aggregation processes and the theoretical approach to simulate these 
features is know as the diffusion limited aggregation (DLA) theory originally 
described by Witten and Sander. Within the DLA model patterns are gener¬ 
ated by the following algorithm (Fig. 13.6): One particle (nucleus) is fixed in 
the center of a coordinate system. Another diffusing particle is launched as a 
random walker from a circular line of diameter D around the nucleus. If the ran¬ 
dom walker contacts the nucleus it sticks to it and the cluster growth while the 
next random walker is launched from the circular line. This simple algorithm 
generates the highly branched patterns typical for DLA processes mentioned 
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Fig. 13.6. Diffusion limited aggregation algorithm 


above. With respect to crystallisation processes the model does only include the 
diffusional process to the solid (crystalline) interface but it does not consider 
thermodynamic stability criteria relevant to the the solidification process. The 
irreversible attachement of particles to a growth front results in growth tips with 
thermodynamic unfavorable small radii of curvature (high local interfacial en¬ 
ergy). The interfacial energy can be reduced by local rearrangement processes 
increasing the tip radii and consequently decreasing the interfacial energy. In a 
modified DLA algorithm [33] the influence of tip curvature onto the growth pro¬ 
cess is taken into account by introducing a sticking probability less than 1 for the 
attachement of a random walker to an existing cluster. The sticking probability 
becomes dependent on the local curvature of the attachement site. A modified 
DLA model which describes the characteristic morphological features which can 
be observed in the crystallisation of polyethyieneoxide in ultrathin layers has 
been described by Sommer and Reiter 1 . In order to compare branching struc¬ 
tures developed under different growth conditions the following terms have been 
introduced [34] (Fig. 13.7): 

• average distance between central stems (correlation width) 

• average distance between side branches along a central stem as given by a 
correlation length 

• tip radius of branches 

With respect to the growth process of the branched structures the following 
correlations should be kept in mind: 

• High undercooling causes highly branched structures with small tip radii and 
large correlation lengths. The number of molecular attachements per time to 
the solidification front is large. 

• Low undercooling causes less branched and more compact structures with 
larger tip radii and small correlation lengths at low attachement rate. 


i 


see Chaps. 8 and 9. 
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Fig. 13.7. Morphological features for DLA 


13.4.2 Branching Structures of PEO Crystallised 
in Ultrathin Micro-patterned Films 

Crystallisation features in ultrathin micropatterend films were studied for geome¬ 
tries schemed in Fig. 13.8. The size of nonwettable structural elements (black) 
varied between 1 Jim and 3 Jim , the size of the wettable stripes in between 
ranged from 1 Urn to 10 Urn. 




I 


II 


Fig. 13.8. Different motifs for the study of crystallisation patterns under geometrical 
constraint as obtained by selective dewetting of hydrophilic PEO by hydrophobized 
surface areas 
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The typical lamellar growth patterns which appear on homogeneous non 
patterned films areas (A) Fig. 13.9 are similar to those investigated by Reiter 
and Sommer [9,11] in PEO films prepared by spin-coating and crystallized at 
ambient temperature. The side branches within DLA structures are always di¬ 
rected towards the growth front. Therefore the history of the growth process even 
within complicated artificial structures can be easily followed by the analysis of 
the branching direction. As shown in Fig. 13.9 crystallisation was nucleated as 
indicated by B. Initially the crystallisation front propagates radial around the 
nucleation site similar to the growth of spherulites. As the crystallisation front 
reaches the entrance of the channel system C further propagation is directed by 
the channel geometry. 



Fig. 13.9. SEM micrograph of cryst alline growth morphologies in ultrathin PEO layers. 
A non-patterned film, B nucleation center, C channel entrance 


During the dewetting process rims can appear at the boundary between wet- 
table and non-wettable surface domains depending e.g. on geometry or concen¬ 
tration of polymer. As demonstrated in Fig. 13.10 crystallisation propagates 
preferentially along the rim in which the him is thicker than in surrounding 
areas. As soon as the first branch of the spherical dendrite contacts the rim 
crystallisation proceeds along it. Nuclei initiated along the rim grow into ad¬ 
jacent non-crystalline PEO areas. The dependence of the crystallinity on the 
him thickness in homogeneous films has been demonstrated by Frank [35,36]. 
In agreement with his results we also found the preferential crystallisation in 
thicker him layers (rims). 

Peculiar growth features with respect to the diffusional growth in confined 
areas are observed for crystallisation within patterned films of motif II (13.8) are 
shown in Fig. 13.11a-c. The degree of undercooling decreases from Fig. 13.1 la 
to c. Figure 13.11a shows fine branched tree-like lamellae structures typical 
for non-equilibrium crystallisation at high undercooling. The thickness of the 










13 Dendritic Growth of Polyethylene Oxide on Patterned Surfaces 


247 



Fig. 13.10. SEM micrograph of crystalline grwoth morphologies in ultrathin PEO 
layers. Preferential growth along the rim 


crystalline lamellae grown inside the circular structure is almost constant and 
equals 8 ± 1 um. Morphological features typical for DLA structures (correla¬ 
tion length, tip radius) remain almost constant during crystallisation within the 
confinement at high undercooling. The motif is homogeneously covered by the 
branched lamellae. With decreasing undercooling the branches appear coarser 
(Fig. 13.11b,c). During the crystallisation process the growing lamellae are much 
thicker than the initial amorphous layer and consequently extended depletion 
zones are formed around the crystal growth front. Tip-radius, correlation length, 
correlation width and lamellae thickness are increased as expected from theory. 
Additionally these parameters are also influenced by the change of the diffusion 
gradient during the solidification process due to the limited material reservoir 
in closed areas connected with a further extension of the depletion zones. 

During the diffusion controlled growth process polymer molecules have to 
pass the depletion zone before they reach the growth front. For a given diffusion 
rate the number of molecuies/time which attach to the crystal growth front is 
related to the width of the depletion zone. An increase in the extension of the 
depletion zone slows down the growth velocity of the solidification front which 
finally influences the morphology of the branched structures. A lower velocity 
of the solidification front causes a larger tip radius of the growing branches. 
While for unlimited material reservoir attaching the growth front the diffusion 
gradient is constant this parameter decreases contineously during growth within 
a limited reservoir due to an increasing depletion zone resulting in a change of 
morphological features during the growth process as shown in Fig. 13.12. 

As the tip diameter approaches to the channel width the solidification front 
completely fills the channels and growth proceeds without branching. 

The growth process within confined channel systems is strongly dependent 
on the width of the channel in relation to the correlation width of the growing 
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Fig. 13.11. SEM micrographs of PEO films crystallised in confined geometries at de¬ 
creasing undercooling (a-c) 



Fig. 13.12. SEM micrograph of morphological changes in the branching structure as 
a consequence of variation in the concentration gradient at limited reservoir 
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branches. Two situations resulting in a different growth process with respect 
to the kinetics of the growth front and the resulting morphologies should be 
distinguished: 

• The correlation width of the growing branches is much smaller than the width 
of the channel. Under these conditions dendritic growth within a closed chan¬ 
nel proceeds homogeneous without a morphological change during the growth 
process. 

• The correlation width of branches is larger than the channels width. An ex¬ 
tended and increasing depletion zone in front of the solidifying branch de¬ 
creases the growth process. 


13.4.3 Crystallisation of PEO in Microdroplets Obtained 
by Dewetting on Heterogeneous Surfaces 

The polymer is not only metastable with respect to crystallisation within ul- 
trathin films but also within the confinement of small droplets which form on 
hydrophilic ares on a micropatterend surface. As can be seen from (Fig. 13.13 
a,b) the surface profile of an initially formed pm-sized PEO-dot can be fitted by a 
spherical cap function. The crystallisation inside the small droplet results in mul- 
tistacked lamellae. Sharp steps originating from each lamellae are formed inside 
the droplet. Depending on the initial amount of polymer amorphous droplets are 
transformed either into a branched lamellae (A Fig. 13.13b) or into a compact 
basal lamellae (B Fig. 13.13b) which may be decorated on top by additional 
branched lamellae structures (C Fig. 13.13b). The crystallisation within the lim¬ 
ited volume of the p-droplet appears as a step by step process. After the forma¬ 
tion of stacked lamellae the residual polymer on the upper lamellae crystallises. 



Fig. 13.13. PEO microdroplets a) in the initial state (the profile contour is defined by a 
spherical cap function which typically fits for the initial dewetting morphology) b) after 
crystallisation initiated by contact with an AFM tip;monolamellae (A), multilamellae 
(B) and branched lamellae (C) are observed. 
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The appearance of branched lamellae growth and the structural features of the 
branches are strongly dependent on 

• the initial thickness of the crystallising polymer layer 

• lateral patterns of the amorphous precursor him and 

• confinement of the him 

13.5 Summary 

The basic approach of our study aim at to realize experimental conditions in 
which dewetting, nucleation and non-equilibrium crystal growth processes are 
separable processes initiable in individual steps on request. These conditions al¬ 
low to initiate diffusion controlled crystallisation and to follow in-situ crystalline 
growth processes on lateral conhned motifs. Complex morphological features can 
be generated by appropriate surface design and control of process parameters. 
It is shown that the diffusional gradient in conhned areas is changed during 
the growth process due to the limited material reservoir causing a variation in 
morphological features. 
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Abstract. For semicrystalline polymers the observed relaxation strength at glass tran¬ 
sition is often significantly smaller than expected from the non-crystalline fraction. This 
observation leads to the introduction of a rigid amorphous fraction (RAF) which does 
not contribute to the heat of fusion or X-ray crystallinity nor to the relaxation strength 
at glass transition. The RAF is non-crystalline and in a glassy state at temperatures 
above the common glass transition. Complex heat capacity in the high frequency limit 
allows for the measurement of base-line heat capacity also at temperatures above the 
glass transition. From that the temperature and time dependence of the RAF can be 
obtained. For PC, PHB and sPP it is possible to study the creation and disappearance 
of the RAF in situ during isothermal crystallization and on stepwise melting. If crys¬ 
tallization is not limited by the stability (melting point) of the crystals to be formed 
the total RAF is created during the isothermal crystallization. Simultaneously with the 
melting of the smallest crystals the RAF disappears. Vitrification and devitrification of 
the non-crystalline material detected as the RAF at glass transition is structural (con¬ 
formational) and not temperature induced for these polymers. The formation of the 
last growing crystals, which melt first, are responsible for the vitrification of the amor¬ 
phous material around them and, consequently, by that they limit their own growth. 


14.1 Introduction 

The morphology of semicrystalline polymers is often described as a lamellae stack 
of crystalline and non-crystalline layers [1]. This so called “two-phase model” is 
successfully applied for the interpretation of X-ray diffraction as well as heat 
of fusion or density measurements [2]. On the other hand it is well known that 
several mechanical properties as well as the relaxation strength at glass transi¬ 
tion can not be described by such a two-phase approach as recently discussed 
by Gupta [3]. From standard DSC measurements [4], dielectric spectroscopy 
[5,6,7,8], shear spectroscopy [8], NMR [9] and other techniques probing molecu¬ 
lar dynamics at glass transition (a-relaxation) the measured relaxation strength 
is always smaller than expected from the fraction of the non-crystalline phase. 
The difference in mobility is caused by different conformations of the chains as 
detected by IR and Raman spectroscopy [10,11,12] or due to spatial confinement 
because of the neighboring lamellae. As an example the heat capacity at glass 
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Tin K 

Fig. 14.1. TMDSC scan measurement of semicrystalline PC at underlying heating 
rate 0.5 K min~ , temperature amplitude 0.5 K and period 100 s, curve a. Curve b 
and c correspond to heat capacities from ATHAS data, bank for crystalline and liquid 
PC, respectively. Curve d was estimated from a two-phase model, (14.1) and curve e 
from a three-phase model, (14.2) using Xsoiid(T g ). Curve f shows the measured heat 
capacity for the amorphous PC. 


transition of amorphous and semicrystalline Bisphenol-A Polycarbonate (PC) is 
shown in Fig. 14.1. 

According to the crystallinity of 0.23 one expects a reduction of the relaxation 
strength at glass transition (step height of c p in case of calorimetric measure¬ 
ments) for only 23 % compared to that of the totally amorphous sample. Line 
d represents the expected base-line heat capacity for the semicrystalline sample 
according to such a two-phase model and crystallinity Xcrf = 0.23 

Cp b(T, t ) = XCRf(T, t)c p crystal(T ) + (1 — XCRf(T, t))c p U qu id{T) (14-1) 

Obviously, the reduction is much larger. It is close to 50 %. To explain the 
disagreement between the expected values of relaxation strength as well as base¬ 
line heat capacity and the measured values Takayanagi et al. [5] and Wunderlich 
et al. [4] discussed not only crystalline and non-crystalline phases in semicrys- 
talline polymers. The non-crystalline phase has to be subdivided in one part 
contributing and a second one not contributing to the relaxation strength at 
glass transition. Furthermore Wunderlich et al. distinguished between a mobile 
and a rigid fraction of the polymer. The rigid fraction consists of the crystalline 
phase and that fraction of the non-crystalline phase not contributing to the 
glass transition. We end up with a model distinguishing between the crystalline 
(CRF), the rigid amorphous (RAF) and the mobile amorphous (MAF) fractions. 
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This model is often called a “three-phase model” 1 for semicrystalline polymers. 
Obtaining the necessary information from the glass transition, obviously, limits 
the analysis to the glass transition temperature (Tg). Curve / for the initially 
amorphous PEEK in Fig. 14.2, for example, yields at T g no rigid fraction. At 
T g the sample is amorphous but at higher temperatures cold crystallization can 
be observed resulting in a transformation of mobile amorphous material into 
crystalline and rigid amorphous. 



Tin K 

Fig. 14.2. DSC scan measurements of PEEK at heating rate 10 K min h Curve a 
after isothermal crystallization for 30 min at 513 K. Curve b and c correspond to heat 
capacities from ATHAS data, bank for crystalline and liquid PEEK, respectively. 
Curve d was estimated from a two-phase model, (14.1) and curve e from a three- 
phase model, (14.2) using Xsoiid(T g ). Curve f shows the measured heat capacity for 
the initially amorphous PEEK. 


For the semicrystalline PEEK, line a in Fig. 14.2, a rigid fraction of about 
0.55 is estimated at T g . This is approximately twice the crystalline fraction. With 
this value and (14.2) curve e was calculated. While for the semicrystalline PC 
in Fig. 14.1 heat capacity above the glass transition is well described by (14.2) 
the heat capacity for PEEK starts to deviate from curve e just above the glass 
transition. The deviation may be caused by latent heats due to melting or by a 
broad devitrification of the RAF or both processes may appear simultaneously. 
Unfortunately, it is not possible to distinguish these explanations from curves 
like in Fig. 14.2. It is still a matter of debate when the RAF disappears or when 

1 The two non-crystalline fractions (MAF, RAF) can not be considered as different 
phases in thermodynamics because there is no phase transition between them. Both 
belong to the non-crystalline phase and can be distinguished because of differences 
in molecular mobility (presence or absence of the degrees of freedom typical for a 
liquid compared to a glass or crystal). 
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it is formed because it is not possible from such curves to obtain information 
about the RAF except at T g . There may be a broad glass transition of the RAF 
at temperatures higher than the glass transition of the semicrystalline polymer 
[6,13]. Then vitrification of the amorphous material detected as the RAF at T g 
occurs during cooling from the crystallization temperature down to T g and de¬ 
vitrification occurs on heating in the same broad temperature interval. Cebe et 
al. [14] have performed annealing experiments showing that the disappearance 
of the RAF is somehow connected with the crystals responsible for the lowest 
melting endotherm in PPS. Then vitrification and devitrification of the RAF 
is directly coupled to crystallization and melting, respectively. In that case vit¬ 
rification of the RAF occurs during crystallization and one expects significant 
interactions between vitrification and the crystallization process itself. The aim 
of this paper is to answer these questions by following the development of the 
RAF as a function of time during isothermal crystallization and as a function of 
temperature on melting. Heat capacity spectroscopy will be used to reach this 
goal. 


14.2 Determination of the Rigid Amorphous Fraction 

Differences in the molecular mobility are used to distinguish the mobile and the 
rigid amorphous fraction of a semicrystalline polymer. According to Wunderlich’s 
definition [4] only two states are assumed. Namely, that fraction of the non¬ 
crystalline phase which contributes to the glass transition observed as a step 
change of heat capacity at temperatures slightly higher compared to the fully 
amorphous polymer. And a second fraction which does not contribute to the 
step change in heat capacity at the glass transition. This way a possibly very 
complex situation in respect to molecular mobility is described by only two parts. 
All gradients or gradual changes in molecular mobility between the crystal and 
the melt are neglected. Also the question if the polymer chains in the RAF 
have a conformation close to that of the crystal or close to that of the melt 
is neglected. Of course, these conformations are the reason for the differences 
in molecular mobility and consequently for their assignment to the RAF or to 
the MAF. Actually there is no generally accepted theory of glass transition and 
therefore, at the moment, it is not possible to make a close relationship between 
conformation or changes in conformation with the contribution of particular 
parts of the polymer to the glass transition. Assuming the molecular processes 
responsible for the increase in heat capacity of a liquid compared to that of a 
glass are cooperative with a correlation length of about 2 nm [15] we have not to 
discuss the behavior of single chains but we can distinguish between regions of 
nanometer size which do or do not contribute to the heat capacity step at glass 
transition. A very schematic sketch of such a situation is shown in Fig. 14.3. 

Accepting such a simplified picture, heat capacity of the semicrystalline poly¬ 
mer can be described as a superposition of the heat capacity of the mobile frac¬ 
tion ( Xmaf ) contributing and the solid fraction (xs olid) not contributing to the 
step change of heat capacity at glass transition. For polymers heat capacity of the 
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crystalline (CRF) 

rigid amorpous (RAF) 

mobile amorpous (MAF) 

rigid amorpous (RAF) 

crystalline (CRF) 


Fig.14.3. Schematic sketch of the arrangement of crystalline, rigid amorphous and 
mobile amorphous fractions (three-phase model) in a lamellae stack. 

glassy material often equals that of the crystalline and is considered as c p so ud 
[16]- 

c pb (T.t) = Xsoiid (T,t) c p so ud(T) + Xmaf ( T.t ) Cp u qu id{T) (14-2) 

where Xsoiid = 1 -Xmaf and c p b(T,t ) is base-line heat capacity. Base-line heat 
capacity corresponds to the heat necessary to increase the temperature of the 
sample without changing crystallinity. In other words, it is the heat capacity 
without any contribution from latent heats. The measured heat capacity (c p ) in 
general equals 

c p (T. t) = Cp b {T. t) + c p excess (T, t). (14.3) 

How to obtain c p b(T, t ) will be discussed below. At glass transition c p excess is 
often very small and can be neglected. Base Line heat capacity is then measured 
directly by DSC. The step change of heat capacity at glass transition for a fully 
amorphous sample equals 

■Aty a = c p liquidi.'-Tg') Cp soUdi^g) (14-4) 

and for a semicrystalline sample 

■Aty sc — ty b sc(^g) ty solid(Tg') 

— XsolidiTg^Cp solid (Tg) + XM AF(Tg)c p liquid(Tg ) ~ C p SO lid(Tg) (14.5) 
with Xsoiid = 1-XMAF one can write 

■Aty sc = XMAF(Tg) * (Cp Uquid^Tg) c p solidi.'-Tg')') = Xj\/.4F(^g) * -Aty a (14.6) 

and for the mobile fraction at glass transition 
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If crystallinity ( Xcrf(T 9 )) is known from independent measurements like 
X-ray diffraction, density or heat of fusion the two amorphous fractions of a 
semicrystalline polymer at T g can be quantified. 

Xraf(T 9 ) = Xsoiid(T g ) - Xcrf(T 9 ) = 1 - Xmaf{T 9 ) - Xcrf(T 9 ) (14-8) 

The analysis described above is limited to the glass transition temperature be¬ 
cause at other temperatures base-line heat capacity is not available from stan¬ 
dard DSC measurements. As shown in Fig. 14.2, curve a, large excess heat 
capacities may occur above glass transition because of cold crystallization, reor¬ 
ganization and melting. On the other hand information about the mobile fraction 
is also available from relaxation strength of other susceptibilities like dielectric 
function, shear modulus or NMR responses. Due to the wide frequency range 
available with these techniques it is possible to determine the mobile fraction in 
a broader temperature range by shifting the relaxation temperature by varying 
frequency [6,7,8]. Unfortunately, it is not easy to obtain quantitative results. For 
dielectric measurements, as an example, the temperature dependence of the re¬ 
laxation strength of the mobile fraction has to be known. By varying frequency 
the size of the probed volume will decrease with increasing frequency and other 
parts of the polymer may be detected as mobile. These problems are avoided by 
measuring heat capacity at constant frequency (heating rate). Consequently, it 
is an attractive task to measure base-line heat capacity in a broader temperature 
interval including cold-crystallization, reorganization, and the different steps of 
melting to study the formation and disappearance of the RAF. 

Let’s assume to be able to measure base-line heat capacity as function of 
temperature or time [17]. Base-line heat capacity is the superposition of the heat 
capacities of the different fractions as discussed above. For the three fractions, 
MAF, RAF, CRF, of a semicrystalline polymer we obtain 

Cp b (F, t) XMAf{T, t^JCrp Uquid(T ) 

T XRAF^T^t^Cp r igid amorph(T') V XC Rf(T, t^)Cp crystal^') (14.9) 


and with 

1 = XMAF + XRAF + XCRF 


(14.10) 


and 


Cp solid Cp rigid arriorph Cp glass 


(14.11) 


Xraf(T, t ) 


c p b(T, t ) + XCRf(T, t ) [c p H qu id (T) ~ Cp solid CO] - Cp solid (T) 

Cp solidiT') ~ Cp liquid(T') 


(14.12) 


For most polymers c p S oiid(T ) and c p u qu id(T ) are available from the ATHAS 
data bank [18] or can be measured. The temperature or time dependent crys- 
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tallinity XCRF(T,t ) can be obtained from the enthalpy changes during calori¬ 
metric measurements 


Xcrf(T, t ) 


huquidjT ) - h(T,t ) 


kliquidiT^) h C rystal(T^) 


(14.13) 


where hu qu id(T ) and h crysta i(T ) are the specific enthalpies of the liquid and 
crystalline phase, respectively, which are also available from ATHAS data bank. 
h(T, t ) is obtained from the measured enthalpy change due to crystallization 
or melting, for details see [19]. The remaining task for calculation of XRAF(T,t ) 
according to (14.12) is the experimental determination of base-line heat capacity 
c p b(T, t). How to obtain c p i ,(T, t ) for semicrystalline polymers by means of heat 
capacity spectroscopy will be shown next. 


14.3 Experimental 

Different techniques can be used to measure heat capacity as a function of tem¬ 
perature, time, or frequency. In the present study we used temperature modu¬ 
lated DSC (TMDSC) and an AC-calorimeter. For details of the AC-calorimeter 
used, see [20]. TMDSC, a technique introduced in 1971 by Gobrecht et al. [21], 
and the necessary data treatments are described elsewhere [21,22,23,24,25,26]. If 
one wants to perform measurements in a broad frequency range the results from 
high sensitive apparatuses with different time constants like AC-calorimeter, 
PerkinElmer Pyris 1 DSC and Setaram DSC 121 must be combined, for details 
see [27]. For measurements at a fixed frequency of 0.01 Hz a TA Instruments 
DSC 2920 was used. For the comparison of various experimental data sets, a 
careful temperature calibration of all instruments is necessary. The DSC’s are 
calibrated at zero heating rate according to the GEFTA recommendation [28]. 
The calibration was checked in TMDSC mode with the smectic A to nematic 
transition of 80CB [29,30]. 

The Polycaprolactone (PCL) is a commercial sample from Aldrich with a 
molecular weight average M^ = 55700 g mol -1 . More details about the sam¬ 
ple are reported in [31]. The Bisphenol-A Polycarbonate (PC) was obtained 
from General Electric (trade name LEXAN™) and was purified by dissolution 
in chloroform, filtering and precipitation in methanol [32,33]. The weight aver¬ 
age molar mass and polydispersity index for the Polycarbonate were obtained 
by Gel Permeation Chromatography in chloroform (M ffi = 28,400 g/mol and 
Miu/M n = 2.04). The Poly(3hydroxybutyrate) (PHB) was received from the 
University of Cairo, Prof. A. Mansour. The syndiotactic Polypropylene (sPP) 
(Mir = 150,000 g/mol) is a commercial product from Atofina and the PEEK 
Victrex 381G is from ICI. The heat capacity data for these polymers in the liquid 
and the crystalline state, except for PHB, are available from ATHAS data bank 
[18]. The heat capacities for PHB where measured outside the transition regions 
by TMDSC and interpolated for the liquid and extrapolated for the solid state 

[17]- 
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The measured heat capacity is the superposition of base-line and excess heat 
capacities. For measurements through phase transitions it is not possible to dis¬ 
tinguish them. In some cases base-line heat capacity can be obtained from model 
calculations. For low molecular mass compounds where base-line heat capacity 
can be measured outside the transition region the change in the transition region 
can be estimated from the progress of the phase transition (sigmoidal base-line 
for peak integration). But this is only possible for two-phase systems. As soon as 
a third fraction is present the information available from a single heat capacity 
curve is not enough to distinguish three fractions straight forward. Assuming a 
certain coupling between the RAF and the CRF allows to solve the problem in 
an iterative way [34]. But the validity of the assumption must be independently 
checked and the experimental data must be of high accuracy. Therefore a direct 
measurement of base-line heat capacity is favorable. 

To avoid latent heat contributions it would be nice to measure at constant 
temperature. But for the measurement of heat capacity changes in temperature 
are a prerequisite. On the other hand it is known that high molecular mass 
polymers need a super-cooling in the order of 10 K for crystallization. Therefore 
quasi-isothermal experiments with small temperature amplitudes should allow 
to measure base-line heat capacity if the isothermal period is long enough to 
finish all crystallization, reorganization or recrystallization in the crystallization 
or melting region of a polymer. 



f in s 


Fig. 14.4. Modulus of complex heat capacity at quasi-isothermal crystallization of 
PEEK at different temperatures. Temperature amplitude 1 K and period 200 s. 


It was shown by Wunderlich et al. [35] that also under quasi-isothermal con¬ 
ditions contributions due to latent heats appear in the measured heat capacity. 
The heat capacity values above the liquid heat capacity in Fig. 14.4 can not at all 
be explained without contributions from latent heat. But also at long times heat 
capacity is larger than base-line heat capacity from (14.1). Consequently, these 
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quasi-isothermal measurements do not allow to measure base-line heat capacity 
during the crystallization of PEEK. 

A more detailed study of the excess heat capacity under quasi-isothermal 
conditions yields a frequency dependence of the excess heat capacity [27, 36-38]. 
The origin of the excess heat capacity during quasi-isothermal measurements 
and its frequency dependence is not yet understood. Probably the molecular 
processes involved are related to the surface of the polymer crystallites and often 
the term reversing melting [35] is used. For polymers showing a sliding diffusion 
in the crystallites (a-relaxation in case of Polyethylene or Polyethylene oxide), 
large contributions to reversing melting are due to surface melting [38]. For other 
semicrystalline polymers processes at the lateral surfaces may be responsible for 
the process of reversing melting and the corresponding excess heat capacity 
[39,40], 

From glass transition, it is well known and generally accepted to describe 
heat capacity by complex numbers. The typical frequency dependence as known 
from other dynamic measurements is observed - a sigmoid step in real and a 
peak in imaginary part of heat capacity [21,41,42]. A similar frequency depen¬ 
dence of heat capacity of semicrystalline polymers was observed outside the glass 
transition range [27,36,38]. These observations are related to the occurrence of 
the excess heat capacity which is present in a rather wide temperature range be¬ 
tween glass transition and melting temperature. In order to obtain information 
about the characteristic time scale of the molecular process related to excess 
heat capacity we have studied the frequency dependence of complex heat ca¬ 
pacity during quasi-isothermal crystallization for PCL, sPP, PHB and PC, see 
Fig. 14.5. To extend the frequency range available with TMDSC (10~ 5 Hz - 
ICC 1 Hz) AC calorimetric measurements were performed at frequency 1 Hz [20]. 
For Polycaprolactone (PCL), a mean relaxation time in the order of a few sec¬ 
onds can be estimated for the process at 328 K. For sPP at 363 K it is in the 
order of 500 s. For PC and PHB we did not observe any frequency dependence 
after isothermal crystallization at 457 K and 296 K, respectively. For these poly¬ 
mers a frequency dependent excess heat capacity was only observed at higher 
temperatures in the melting range. 

The frequency range available is still not broad enough for a detailed dis¬ 
cussion of the curve shape, see Fig. 14.5. But from the curves one expects to 
measure base-line heat capacity without contributions due to reversing melting 
at high frequencies. For PCL high means higher than about 100 Hz which is out¬ 
side the accessible frequency range for our experimental techniques. But for sPP, 
PHB, and PC measurements at frequencies of about 0.01 Hz, which is inside the 
frequency range of TMDSC, allow for the measurement of the high frequency 
asymptotic value. 

In general, the frequency dependence of the excess heat capacity as shown 
in Fig. 14.5 always allows for the measurement of base-line heat capacity at 
sufficient high frequencies. Whether or not for a particular polymer the high 
frequency limit can be reached by the calorimeters available and whether or not 
the curve is shifted along the frequency axis with temperature has to be checked 
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fin Hz 

Fig. 14.5. Excess heat capacity during isothermal crystallization of PCL (A) after 
120,000 s at 328 K, of sPP (■) after 10,000 s at 363 K, of PC (v) after 900,000 s at 
457 K, and of PHB (A) after 100,000 s at 296 K as a function of modulation frequency. 


for each single experiment. It is still an open questions if a time-temperature- 
superposition is possible for the frequency dependent excess heat capacity. 

For polymers like sPP, PC, and PHB base-line heat capacity is experimen¬ 
tally accessible in the temperature range between conventional glass transition 
and melting. For these semicrystalline polymers it is therefore possible to study 
the formation and the disappearance of the rigid amorphous fraction (RAF) 
according to (14.12). 

14.4 Results 

In Fig. 14.6 the time evolution of heat capacity during quasi-isothermal crystal¬ 
lization of PC at 457 K is shown. To check whether or not base-line heat capacity 
is measured the frequency dependence was studied at the end of crystallization, 
see Fig. 14.5. No frequency dependence of measured heat capacity can be seen 
indicating the absence of reversing melting and that base-line heat capacity was 
obtained. 

To answer the question if the RAF was formed isothermally during the crys¬ 
tallization process or on cooling from the crystallization temperature to the glass 
transition the measured base-line heat capacity at the end of the measurement 
was first compared with the expected values according to a two-phase model, 
(14.1), curve d. Base-line heat capacity is assumed to be the superposition of 
the heat capacities of the crystalline and the non-crystalline fraction. If the 
non-crystalline material detected as the RAF at T g vitrifies on cooling and not 
during isothermal crystallization one expects an agreement between (14.1) and 
the measured base-line heat capacity during and at the end of the isothermal 
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Fig. 14.6. Time evolution of heat capacity during quasi-isothermal crystallization of 
PC at 457 K, temperature amplitude 0.5 K and period 100 s, curve a. Curve b and 
c correspond to crystalline and liquid heat capacities from ATHAS data, bank, respec¬ 
tively. Curve d was estimated from a two-phase model, (14.1) and curve e from a 
three-phase model, (14.2), using Xsoiid{T g ) from (14.7)). The squares represent mea¬ 
surements at modulation periods ranging from 30 s to 12,000 s. 


crystallization. As can be seen in Fig. 14.6 measured heat capacity becomes sig¬ 
nificantly smaller than curve d , - indicating the occurrence of a significant RAF 
at the end of the isothermal crystallization process. Next, we compare the mea¬ 
sured base-line heat capacity with the expected value according to a three-phase 
model, (14.2), curve e. Let us now assume vitrification of the non-crystalline 
material detected as the RAF at T g occurs during the isothermal crystallization 
and nothing happens on cooling from the crystallization temperature to the glass 
transition. Then we expect an agreement between the measured heat capacity 
and the heat capacity from (14.2) using the MAF determined at T g from the 
step height of heat capacity at the glass transition, (14.7). Line e in Fig. 14.6 
was accordingly estimated. The agreement is perfect within the accuracy of the 
measurement. For PC we conclude that the total RAF was established (vitrified) 
during the isothermal crystallization. No additional vitrification occurs on cool¬ 
ing from the crystallization temperature (457 K) down to the glass transition at 
420 K. 

For polymers crystallizing faster than PC it is difficult to follow isothermal 
crystallization by TMDSC at the temperature of maximum crystallization rate 
as we did for PC. We have either to choose temperatures closer to the melting 
or closer to the glass transition temperature to reduce crystallization rate to a 
reliable value. To choose crystallization temperatures close to the melting tem¬ 
perature is often not possible because of large excess heat capacities at typical 
TMDSC frequencies, see Fig. 14.4 for PEEK. Furthermore a comparison between 
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Fig. 14.r. Time evolution of heat capacity during quasi-isothermal crystallization of 
PHB at 296 K, temperature amplitude 0.4 K and period 100 s, curve a. Curve b and 
c correspond to solid and liquid heat capacities, respectively. Curve d was estimated 
from a two-phase model, (14.1) and curve e from a three-phase model, (14.2), using 
Xsoiid{T g ) from (14.3). The squares represent measurements at modulation periods 
ranging from 240 s to 1,200 s. Curve f shows the exothermal effect in the total heat 
flow and curves g and h the expected values from model calculations, see text. 


data obtained at such high temperatures with that obtained at T g is problematic 
because of possible changes in morphology on cooling. Choosing crystallization 
temperatures close to T g , on the other hand, requires polymers which can be 
quenched without crystallization on cooling from the melt. PHB and sPP are 
polymers where this can be easily done. The result from quasi-isothermal crys¬ 
tallization of PHB at 296 K, what is close to the glass transition, is shown in 
Fig. 14.7. 

Base-line heat capacity was measured as function of time and compared with 
the predictions of (14.1) and (14.2). As for PC the RAF in PHB was established 
during the quasi-isothermal crystallization as can be seen from the agreement 
of line e with the measured heat capacity at the end of the crystallization pro¬ 
cess. Because of the faster crystallization rate compared to PC we were able to 
measure the exothermic effect due to the crystallization process. The Pyris 1 
DSC allows for a quantitative measurement over 17 hours also the maximum of 
the heat flow rate was less than 40 gW. From the integral we obtain the en¬ 
thalpy change, hit), and with (14.13) the CRF as a function of time. The time 
dependence of base-line heat capacity can be determined from 

XCRFjt ) 

Xcrf(o o 


\Cp liquid Cp b(oo)) 


(14.14) 


Cp bij'J — Cp liquid 


The calculation can be performed for two cases, (i) the RAF is formed dur¬ 
ing the whole crystallization process or (ii) first the crystalline morphology is 
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build up during main crystallization and in a second step, e.g. during secondary 
crystallization at longer times, the RAF is formed. Then during main crystal¬ 
lization no or only a little RAF should be present. This situation (ii) should be 
described by (14.14) where c p b ( oo) equals the value from (14.1), line d , taking 
into account liquid and crystalline material only. Curve g in Fig. 14.7 shows the 
result. Also the behavior at longer times (>10,000 s) is not known the result 
during main crystallization is not in agreement with the measured curve. To cal¬ 
culate c pb (t ) according assumption (i) c p b(oo) equals the value from (14.2), line 
e. Here it is assumed that the RAF is formed during or just after the formation 
of the lamella. Curve h in Fig. 14.7 shows the result. The agreement is perfect 
within the scatter of the experimental points. 

For sPP quasi-isothermal crystallization was performed close to the glass 
transition at 280 K and closer to the melting temperature at 363 K. Figure 14.8 
shows the result for crystallization close to the glass transition. Despite the fact 
that the quality of the measurement is not as good as for PC and PHB the 
behavior is very similar. All or at least most of the RAF is formed during the 
isothermal crystallization. 



1000 10000 100000 
t in s 

Fig. 14.8. Time evolution of heat capacity during quasi-isothermal crystallization of 
sPP at 280 K, just above T g . Temperature amplitude 0.5 K and period 120 s, curve 
a. Curve b and c correspond to solid and liquid heat capacities, respectively. Curve d 
was estimated from a two-phase model, (14.1) and curve e from a three-phase model, 
(14.2), using Xsoiid(T g ) from (14.3). 


For crystallization at 363 K the situation changes. First of all it is not possible 
to follow crystallization with time because it is to fast. In Fig. 14.9 the frequency 
dependence of the heat capacity after isothermal crystallization at 363 K for 
3 hours is shown. For frequencies above 3 mHz no frequency dependence is 
observed. At these frequencies base-line heat capacity is measured. The value is 
again lower than expected from a two-phase model, (14.1) but it is significantly 
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above the value for the three-phase model, (14.2), taking into account the RAF 
detected at T g . 



fin Hz 

Fig. 14.9. Modulus of specific complex heat capacity of sPP after crystallization 
at 363 K for 3 hours as a function of frequency. Quasi-isothermal rectangular multi 
frequency temperature-time profile [43] with period 600 s, triangles, and 20,000 s, 
squares. Temperature amplitude 1 K. 


There must be further vitrification of amorphous material on cooling from 
363 K to the glass transition at 270 K. To find out what is the reason for 
vitrification we performed TMDSC scan measurements on cooling from 363 K 
to 230 K and successive heating to the melt at 420 K. The heat capacity data 
obtained on cooling and heating in the temperature range 363 K - 230 K - 363 K 
are the same within the thickness of the line in Fig. 14.10. 

In the temperature range between the crystallization temperature and 320 K 
significant deviations from line e are observed. Near the crystallization temper¬ 
ature heat capacity is close to the value expected from a two-phase model, line 
d. Devitrification and vitrification occur in a broad temperature range of about 
40 K. If this is due to a broad glass transition one would not expect latent heats 
in this temperature range. But also below 363 K the total heat capacity, dashed 
line / in Fig. 14.10, is significantly higher than the modulus of complex heat 
capacity, line a in Fig. 14.10. This indicates latent heats because of crystalliza¬ 
tion on cooling and melting on heating. For sPP part of the RAF devitrihes on 
heating below the crystallization temperature (363 K). Here devitrification and 
melting are superimposed over a broad temperature range. Possible explanations 
will be discussed below. 

For PC and PHB, where all RAF vitrifies at the crystallization temperature, 
the question arises at what temperature the RAF devitrihes on heating? Is de¬ 
vitrification smeared over a broad temperature interval? Does it occur before 



266 


Christoph Schick, Andreas Wurm, and Alaa Mohammed 



Tin K 

Fig. 14.10. TMDSC scan measurement of sPP after crystallization at 363 K for 3 
hours at underlying heating rate 1 K min -1 , temperature amplitude 0.4 K and period 
60 s, curve a (thick line). Curve b and c correspond to heat capacities for solid and 
liquid sPP and curves d and e to expected heat capacities from a two and a three-phase 
model, respectively. Curve /, dashed line, shows the total heat capacity. The vertical 
dotted line shows the crystallization temperature. 


the crystals melt? Or is devitrification of the RAF part of the main melting? 
To answer these questions heat capacity was measured on stepwise heating and 
compared with expected base-line heat capacities, see Figs. 14.11 and 14.12 for 
PC and PHB, respectively. To avoid contributions from irreversible melting to 
the measured complex heat capacity quasi-isothermal measurements at stepwise 
increasing temperatures were performed, see [44] for details. 

The heat capacity measured at stepwise heating in the melting region of PC, 
Fig. 14.11 curve a, shows deviations from base-line heat capacity, line e, in the 
temperature range above 460 K. At the lowest endotherm, between 460 K and 
485 K, a pronounced increase in heat capacity is observed. The heat capacity 
starts to deviate from the base-line heat capacity obtained from a three-phase 
model including RAF, (14.2) curve e, and around 480 K it is close to the base¬ 
line heat capacity obtained from a two-phase model, (14.1) curve d and g. In 
(14.1) only crystalline and liquid material is taken into account. The increase 
in heat capacity cannot be explained by the decrease of crystallinity due to the 
lowest melting endotherm between 465 K and 485 K. The expected increase due 
to the change in crystallinity at the lowest endotherm corresponds to the differ¬ 
ence between curve g , which was calculated, from (14.1) assuming temperature 
dependent crystallinity, and curve d assuming constant crystallinity. At 480 K 
the difference is 0.01 J g -1 K -1 only. The observed step in heat capacity is about 
5 times larger. At about 490 K heat capacity becomes larger than liquid heat 
capacity because of excess heat capacity, see discussion and Fig. 14.13. 
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7in K 

Fig. 14.11. Melting region of PC. Quasi-isothermal TMDSC measurements on step¬ 
wise increasing temperatures taken after 15 minutes (A) at t p = 100 s. Curve b and 
c correspond to heat capacities for solid and liquid PC, respectively. Curve d was 
estimated from a two-phase model, (14.1) and curves e and g from a three-phase 
model, (14.2), using data, from T g or temperature dependent crystallinity, respectively. 
Curve f shows the total heat capacity at underlying heating rate 0.5 K min -1 . 



Fig. 14.12. TMDSC scan measurement (lines) of semicrystalline PHB at underlying 
heating rate 1 K min -1 , temperature amplitude 0.4 K and period 60 s, curve a. Curve 
b and c correspond to heat capacities for solid and liquid PHB, respectively. Curve d 
was estimated from a two-phase model, (14.1) and curve e from a three-phase model, 
(14.2) using data, from T g . The triangles show the heat capacities from quasi-isothermal 
TMDSC measurements on step-wise increasing temperatures. The data, were taken after 
30 minutes. Curve f shows the total heat capacity. 


Basically the same behavior as for the PC is observed for PHB on heating. 
Again, at the lowest endotherm around 320 K a second step in heat capacity 
towards the expected value from the two-phase model is observed. Because PHB 
crystallizes fast, the isothermal crystallization was performed close to the glass 
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transition to be able to follow the crystallization process. Consequently, pre¬ 
melting is not well separated from glass transition in temperature. 

14.5 Discussion 

For sPP, PC, and PHB a significant rigid amorphous fraction can be determined 
from the step of heat capacity at the glass transition. Taking into account the 
crystalline, the rigid amorphous and the mobile amorphous material informa¬ 
tion about the fractions of different molecular mobility can be obtained. For PC 
after 11 days crystallization at 457 K crystallinity was 0.23, rigid amorphous 
fraction 0.26 and mobile amorphous fraction 0.51. For PHB after crystallization 
at 296 K for 28 h, the values were 0.64, 0.22, 0.12 and for sPP after crystallization 
at 280 K for 20 h 0.15, 0.37, 0.48, respectively. From the TMDSC scan measure¬ 
ments no reversible melting can be detected for these semicrystalline polymers at 
temperatures above glass transition and below the lowest endotherm. While PC 
crystallizes extremely slow, PHB crystallizes reasonable fast like PET, PEEK, 
PEN, and high degrees of crystallinity are reached. We do not know why these 
polymers do not show excess heat capacities under the given experimental con¬ 
ditions, indicating the absence of reversing melting, while other polymers like 
PCL, PET, PTT, and PEEK show large excess heat capacities [44,35,45]. 

The absence of excess heat capacities in a temperature range suitable for 
crystallization experiments allows us to study base-line heat capacity as a func¬ 
tion of time and to compare measured with expected values, see Figs. 14.6-14.8. 
For PC, PHB and sPP at low crystallization temperatures the measured heat ca¬ 
pacity becomes significantly smaller than base-line heat capacity expected from 
a two-phase model, (14.1). For these polymers a significant portion of the RAF 
is formed during the isothermal crystallization process. Furthermore, a perfect 
match between the measured heat capacity at the end of crystallization and 
the expected base-line heat capacity from a “three-phase model”, (14.2), can be 
seen. Because in Figs. 14.6-14.8 line e was obtained with the RAF determined 
from the heat capacity increment at T g , there are no indications for changes in 
the amount of the RAF on cooling from the crystallization temperature to the 
glass transition. In other words: the whole RAF, detected at T g , was established 
during the quasi-isothermal crystallization. From these observations we conclude 
that, at least for PC, there is no broad glass transition of the RAF somewhere 
in between crystallization temperature and T g . Consequently, vitrification of the 
RAF results from the crystallization process itself and prevent further crystal¬ 
lization. For PC and PHB, at the crystallization temperatures studied, the low 
degree of crystallinity seems to be caused by the formation of the RAF during 
crystallization. Vitrification of the RAF is the result of morphological changes 
and not due to cooling below a second glass transition temperature. This is in 
agreement with the observations of Lu and Cebe [14] for PPS but does not sup¬ 
port the view of Song and Hourston [13] and Huo and Cebe [6] considering a 
broad glass transition of the RAF for PET and PEEK, respectively. 
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For sPP at higher crystallization temperatures the situation is not as simple. 
As can be seen from Fig. 14.10 the low frequency asymptotic value of the specific 
heat capacity after isothermal crystallization at 363 K is only a little below the 
expected value from a two-phase model, line d , 14.1, and significantly larger than 
the expected value obtained from the heat capacity increment at glass transition, 
line e 14.2 and 14.8. For sPP a significant part of the RAF detected at the glass 
transition is still mobile at the end of the isothermal crystallization at 363 K and 
vitrifies on cooling. The same may be true for PEEK, see Fig. 14.2, and other 
polymers. There are significant changes in heat capacity between crystallization 
temperature and the conventional glass transition. But the latent heat observed 
in this temperature range indicates simultaneous changes in morphology. The 
sequence length distribution of the crystallizable sequences may be responsible 
for this behavior. For polymers where the crystallization is controlled by tacticity 
or distribution of non-crystallizable co-units along the chain the size of possible 
crystals may be defined by the length of the crystallizable sequences. Therefore, 
for crystallization temperatures above the melting temperature of the smallest 
crystals (shortest sequences) these crystals can not be formed. On cooling, as 
soon as temperature is below the corresponding crystallization temperature, the 
small crystals are formed. The formation of such small crystals results in the 
reduction of molecular mobility of the surrounding melt and consequently in 
the vitrification of the amorphous material which is detected as the RAF at T g . 
For sPP, contrary to PC and PHB, the RAF mainly vitrifies on cooling from 
the crystallization temperature (363 K) to the glass transition within ca. 40 K. 
Consequently, crystallization can not be limited by the vitrification of the melt 
surrounding the growing crystals. For sPP other reasons must be responsible 
for the very low degree of crystallinity finally reached. It may be the length 
distribution of crystallizable sequences of the necessary stereo regularity which 
limits crystallization of sPP. 

Because there is no generally accepted theory for polymer crystallization, we 
will discuss these findings in the light of Marand’s description of PC crystalliza¬ 
tion [33] and Strobl’s view on polymer crystallization [46]. 2 

Marrand and coworkers describe the crystallization of PC as a two-step 
process: First lamellae are formed which build up lamella stacks and finally 
spherulites. After completion of this step, small crystals are formed in between 
the existing lamellae. The fold surface of the existing lamellae provides the nec¬ 
essary large number of nuclei. This second step, the formation of small crystals 
with a large specific surface, seems to be the crucial step in respect to the forma¬ 
tion of the RAF. A prerequisite for the formation of these small crystals is some 
mobility of the melt surrounding the growing crystals. If the RAF is assumed to 
be a consequence of the formation of the primary lamellae, there would be no 
chance to form new crystals because the material is vitrified. Consequently, the 
RAF results from the vitrification of the amorphous material in the neighborhood 
of the small secondary crystals. The reason for the vitrification is primarily the 
increase in constrains for the amorphous material on a molecular level and/or a 

2 See also the contribution by M. Al-Hussein and G. Strobl on page 48 in this book 



270 


Christoph Schick, Andreas Wurm, and Alaa Mohammed 


decrease in the volume of the remaining amorphous domains below the necessary 
volume to establish a cooperatively rearranging region (confinement effects) [15]. 
The vitrification of the RAF further stops crystallization because vitrification 
of the amorphous material around the growing crystals prevent all large scale 
molecular motions which are necessary for the attachment of chain segments to 
the growth face. 

On heating, the constraints should disappear as soon as the small crystals 
melt. According to Marand this happens at the lowest endotherm [32, 33, 47, 48]. 
From Figs. 14.11 and 14.12 it can be seen that just in the temperature range of 
the lowest endotherm heat capacity shows a step-like increase and becomes very 
close to the value expected from a two-phase model. Consequently, also on heat¬ 
ing there is no temperature induced separate glass transition of the RAF. The 
devitrification of the RAF is, as vitrification, a direct consequence of morpho¬ 
logical and not temperature changes. For PC, as soon as the RAF is devitrified 
at the lowest endotherm and molecular mobility is high again, re-organization 
and re-crystallization is possible as it was observed by Marand [33]. Because 
small crystals are formed again the just devitrified material will vitrify and heat 
capacity will decrease. Such behavior was indeed found for PC after annealing 
for 10 hours, down triangles in Fig. 14.13. The heat capacity comes back to the 
expected value according to a three-phase model, line e. 



Fig. 14.13. Melting region of PC, curves as in Fig. 14.11. Quasi-isothermal TMDSC 
measurements on step-wise increasing temperatures. The data, from independent mea¬ 
surements were taken after 15 minutes (A) at t p = 100 s and after 10 hours at 
t p = 100 s (▼) and at t p = 1000 s (o). 


Up to 490 K no frequency dependence can be observed in the frequency 
range 0.01 Hz to 0.001 Hz. Above 490 K, in the main melting peak, also for the 
quasi-isothermal measurements at a time scale of 100 s an excess heat capacity 
(reversing melting) as well as a frequency dependence can be observed. Therefore 
no further conclusions can be drawn for the main melting process. 

Strobl’s model for the formation of crystal lamellae assumes a three-step 
processes [46]. At the first step, a layer with mesomorphic structure arises. This 
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phase consists out of incompletely stretched and refolded chains and corresponds 
in its thermodynamic properties rather to the isotropic melt as to the crystal. 
These layers should have a minimal thickness to be stable in the melt. The 
attachment of further partly stretched segments of appropriate length is assumed 
to result in the lateral growth. Due to the still high flexibility of the chains, 
cooperative rearrangements yield a thickening and perfection of the layers. The 
gaining of a critical thickness results in the rigidity of the layer and stops the 
thickening. In the second step of the model, granular crystalline layers (blocks) 
arise. This transition should appear spontaneous with no need for nucleation 
and is thought to be of second order. The third step characterizes the merging 
of the blocks to homogeneous crystal lamellae with the thickness of the original 
blocks. For the first two steps the growing structures are assumed to be in 
dynamic equilibrium with the surrounding melt and fluctuations of the structure 
may appear. Only the last step, the merging of the blocks, yield a more stable 
structure that melts at higher temperatures [49]. We relate our observations to 
the second and third step. In case the surrounding of the granular lamellae is 
vitrified, the vitrified material will prevent the blocks to merge because of a 
lack of mobility. Finally, the lack of mobility preserves the granular structures 
and they will melt at temperatures close to the crystallization temperature. As 
in Marand’s model the melting of these structures will release the constrains 
for the amorphous material and it devitrihes. It is assumed that this process 
occurs at the lowest endotherm. Because temperature is now approximately 20 K 
above the previous crystallization temperature re-organization sets in and some 
of the newly formed blocks may be able to merge and to increase the fraction 
of stabilized lamellae. Finally, a structure with a smaller number of non merged 
blocks appears which again vitrifies the amorphous material what prevent further 
block merging and stops stabilization again. 

In both models devitrification of the RAF occurs in conjunction with the 
melting of a small part of the crystalline fraction. The increase in the MAF in¬ 
creases the possibility of large scale molecular motions which are necessary for 
the formation of new crystals or for the further merging of blocks. The growth 
of this newly formed crystals will again vitrify the surrounding melt and finally 
prevent further crystallization. The quasi-isothermal measurements for 10 hours, 
Fig. 14.13, support this view. Only after devitrification of the RAF, seen at 470 K 
in the step in heat capacity in the measurements after 15 minutes, significant 
reorganization (decreasing heat capacity) can be observed. After 10 hours an¬ 
nealing the heat capacity reaches values which are close to that expected from 
(14.2) taking in to account the RAF. Only near the main melting peak the an¬ 
nealing time is not long enough to reach steady state. A significant excess heat 
capacity, showing frequency dependence, can be observed. 

14.6 Conclusion 


For PC, sPP and PHB the asymptotic value of heat capacity at high frequen¬ 
cies can be measured by TMDSC during crystallization. This allows to measure 
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base-line heat capacity and to study the formation of the rigid amorphous frac¬ 
tion (RAF). For PC, PHB and sPP the RAF is established during isothermal 
crystallization. Devitrification of the RAF occurs at the lowest endotherm. The 
immobilization of the amorphous material around less perfect crystals, which are 
formed during isothermal crystallization, results in the vitrification of the RAF 
during crystallization and in its devitrification during melting. For sPP, crystal¬ 
lized at 363 K, only a small fraction of the RAF detected at the glass transition 
is vitrified during isothermal crystallization. These differences regarding the vit¬ 
rification of the RAF indicate differences in the crystallization process. While for 
PC, PHB and sPP at 280 K crystallization is limited by the vitrification of the 
melt surrounding the growing crystals for sPP at 363 K other mechanisms must 
be responsible for the low degree of crystallinity reached. The length distribution 
of the crystallizable sequences must be considered. In any case vitrification of 
the RAF results from the crystallization process itself. Vitrification of the RAF 
is the result of morphological changes and not due to cooling below a sometimes 
assumed second glass transition temperature in the semicrystalline polymers. 

Our results can be explained by Marand’s [33] and Strobl’s [46] models of 
polymer crystallization. From our data it is not possible to favor one of these 
models. But, our results accentuates the interplay between molecular mobility 
of the melt and polymer crystallization. Hopefully, a more complex view, taking 
into account the structure and properties of the melt surrounding the growing 
crystals, will help to solve some of the still open questions of polymer crystal¬ 
lization [50,51,52]. 

Frequency dependent heat capacity, in the high frequency limit, yield quanti¬ 
tative information about fractions of different mobility during the crystallization 
process and how mobility of the melt is influenced by the crystallization process 
itself. From the step in heat capacity versus frequency information about the 
characteristic time scale of attachment and detachment processes of polymer 
segments at the crystal surface can be obtained. In order to perform such mea¬ 
surements the frequency range of heat capacity measurements has to be enlarged. 
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Abstract. The isothermal crystallization process of polymers from the glass can be 
studied in real time by dielectric spectroscopy and X-ray scattering experiments. The 
combination of these two techniques aims to reveal a complete picture of the crystalliza¬ 
tion processes as far as both, the amorphous and the crystalline phases are concerned. 
In this contribution we will show that by using this experimental approach, informa¬ 
tion can be obtained about three key aspects of the isothermal polymer crystallization 
process: i) polymer chain ordering, through Wide Angle X-ray Scattering; ii) lamel¬ 
lar crystals arrangement,through Small Angle X-ray Scattering; iii) amorphous phase 
evolution through dielectric spectroscopy. 


15.1 Introduction 

It is well known that polymer systems may develop a characteristic folded chain 
crystalline lamellar morphology at the nanometer level upon thermal treatment 
within the temperature range between the glass transition temperature, T ff , and 
the equilibrium melting temperature [1,2,3]. This typical lamellar arrangement, 
schematically shown in Fig. 15.1a, consists of stacks of laminar crystals and 
amorphous regions intercalated between them. In particular, this semicrystalline 
state can be obtained when a glassy polymer is heated above its glass transition 
temperature (T ff ) under the so called “cold crystallization” conditions. Above 
T g , segmental mobility can enhance a large number of conformations in poly¬ 
mer chain segments. In some cases this conformation accessibility may promote 
the formation of three dimensional ordered crystallites thermodynamically more 
stable than the amorphous state. 

X-ray scattering techniques may provide information about the structure of 
the ordered regions in polymers at different length scales [4,5]. Wide angle X-ray 
scattering (WAXS) offers the possibility to obtain information about molecular 
ordering in the scale of tenths of nanometers as illustrated in Fig. 15.1b. Thus, it 
is useful to estimate the fraction of material which possesses three dimensional 
ordering currently referred to as crystallinity X c . Small angle X-ray scattering 
(SAXS), on the other hand, allows one to analyse the structure developed over 
the length scale of tens of nanometers. Hence, SAXS is useful to characterize the 
lamellar stack arrangement as shown in Fig. 15.1c. Synchrotron radiation further 
offers the possibility to perform real time SAXS and WAXS experiments simulta¬ 
neously during crystallization [6] enhancing the understanding of the correlation 
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Fig. 15.1. Scheme showing the experimental approach to get access to both, crys¬ 
talline and amorphous phase in semicrystalline polymers. Micrograph showing a typi¬ 
cal spherulitic microstructure of a polymeric system. (a)Scheme of the idealized lamel¬ 
lar stacks (according to [3].). (b)Wide angle X-ray scattering (WAXS) provide infor¬ 
mation about molecular ordering in the crystalline lamellae, (c) Small angle X-ray 
scattering (SAXS) may provide information about lamellar stack arrangement, (d) Di¬ 
electric spectroscopy (DS) can offer information about the dynamics of the amorphous 
phase. Experimental results and micrograph correspond to a Poly(3-hydroxybutyrate)- 
co-Poly (3-hydroxyvalerate) (22/78)HV/HB, [13] 


between the nanostructure and crystal development [7]. By using simultaneously 
both techniques, the ordering of the macromolecules trough a very broad length 
scale can be examined. X-ray scattering techniques can also be used to extract 
structural information in amorphous materials [8]. However, in semicrystalline 
systems mainly information about the ordered regions is obtained due to the 
fact that the ordered regions provoke strong diffraction phenomena superim¬ 
posed over a relatively weak contribution of the amorphous phase. 

As far as the amorphous phase is concerned, dielectric spectroscopy ex¬ 
periments (DS) have shown that, upon crystallization, amorphous phase dy¬ 
namics is strongly affected by the progressive development of the crystalline 
phase [9,10,11,12]. Hence, if one would monitor the microstructure development, 
by X-ray scattering methods, and the dynamic changes occurring in the amor¬ 
phous phase, by dielectric relaxation methods, a more complete picture of the 
crystallization process can be obtained. 

The objective of this contribution is to show that an improved understand¬ 
ing of polymer crystallization can be obtained by monitoring changes of the 
dynamics in the amorphous phase during the development of lamellar structure. 
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A scheme of this experimental approach is shown in Fig. 15.1 and involve the 
combination of real time X-ray scattering and dielectric relaxation techniques 
experiments. 


15.2 Brief Description of Dielectric Spectroscopy 

When an electrical held is applied to a dielectric material, a displacement of 
the electric charge occurs which is characterized by the electric displacement 
vector D. Due to the fact that the response of the material to an externa] 
excitation is not instantaneous, there appears a phase shift between D and the 
exciting held E which can be accounted for introducing a complex constant of 
proportionality in the form D = e*e vac E, where e* <’ — ie" is the complex 
dielectric permittivity of the material and e vac is the permittivity of the vacuum. 
The real part of e*. e'. corresponds to the dielectric constant and is associated 
to the energy stored in the material through polarization. The imaginary part, 
e", is related to the energy dissipated in the medium and therefore is frequently 
referred to as dielectric loss [14,15,16]. 



Fig. 15.2. Schematic view of a typical dielectric spectroscopy experiment. (1) Elec¬ 
trodes of area A, (2) Sample film of thickness d, (3) Current Analyzer, (4) Voltage 
Analyzer, (5) Alternating Voltage generator. 


Dielectric spectroscopy is a technique developed to measure < * as a function 
of both, frequency of the exciting held and temperature [5,14,15,16]. A very 
schematic view about the principle of measurement is given in Fig. 15.2. When 
an alternating electric held V=V 0 e* wt of frequency F=w/(27t) is applied to the 
system, a current I = C'-^j is produced where C=e*Co is the complex capacity 
characterizing the sample. Co = < far~f is the capacity of the empty capacitor, 
d is the thickens of the sample and A is its surface area . By measuring the 
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impedance of the sample , Z = V // = it is possible to calculate e* as 
e* = -]sr [14,15]. When dielectric spectroscopy is used to study molecular mo¬ 
tion in polymeric materials then the frequency range of interest typically covers 
from 10~ 2 Hz to 10 9 Hz [17]. Unfortunately, this broad frequency range can not 
be covered by a single experimental set-up. Within the 1CU 2 <F/Hz< 10 6 range 
e* measurements can be performed by using impedance or frequency response 
analyzers (Solartron Schlumberger, Hewlet Packard 4192 A, Novocontrol, etc. ) 
and lock-in amplifiers (Standford, EG&G, etc). In this case thin films with circu¬ 
lar gold metallic electrodes in both free surfaces) typically 3 to 4 cm in diameter 
) are prepared and placed between two metallic electrodes building up a capac¬ 
itor. For frequencies between 10 6 Hz to 10 9 Hz the above described “sandwich 
geometry” is not valid and reflectometer techniques are required. Here, e* can 
be obtained by reflection coefficient measurements [17,18]. To obtain the tem¬ 
perature dependence of e* the dielectric cell including sample and electrodes is 
introduced in a cryostat operating under controlled temperature conditions [17]. 

A typical dielectric spectroscopy example is shown in Fig. 15.3a which depicts 
the variation of e" with temperature and frequency for amorphous poly(ethylene 
naphthalene-2,6 dicarboxylate)(PEN). PEN is semiflexible polyester with a = 
117° C which has found different applications for engineering purposes [19]. PEN 
exhibits three main dielectric relaxations, (3, (3* and a in order of increasing 
temperature [20,22]. The relaxation processes appear as maxima in e" moving 
towards higher temperatures when the frequency is increased. The a process is 
the most prominent one while both the (3 and the (3* are much less intense. The 
molecular origin of every relaxation, corroborated by a great variety of tech¬ 
niques [20,21,22,23], has been schematically described at the bottom of Fig. 15.3 
and corresponds to the local motion of ester groups (/?), a local motion of the 
naphthalene ring (/?*) and the a-relaxation caused by segmental motions ap¬ 
pearing at at T>T ff . 

15.3 Influence of Crystallinity 

on the Segmental Relaxation 

The molecular motions occurring in the amorphous phase of a semicrystaffine 
polymer present characteristic aspects which depend, in a first approximation, 
on the degree of crystallinity [10]. In semicrystalline polymers at temperatures 
higher than the glass transition temperature, T ff , the amorphous polymer chains 
are confined to move between the crystalline regions [9,10,24]. This restriction 
modifies the dielectric a relaxation which is detected in polymeric systems at 
temperatures above T ff . The existence of crystallinity in a polymer is reflected 
in the dynamics of the a relaxation, when compared with that of the pure amor¬ 
phous polymer, by three effects: a) a decrease of the intensity of the relaxation, 
b) a decrease of the frequency of maximum loss and c) a concurrent change in its 
shape. [9,10,11,25]. All these affect are illustrated in Fig. 15.3b which present 
a dielectric spectroscopy spectrum for a PEN sample with a crystallinity of 0.2 
% as estimated by WAXS measurements [26]. In the semicrystalline sample the 
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Fig, 15,3. e -values for two selected PEN samples with different crystallinity as a 
function of frequency and temperature. Scheme at the bottom shows an scheme of the 
monomer, and the origin of the observed dielectric relaxations. 
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intensity of the three dielectric relaxations is strongly reduced upon compar¬ 
ing with the spectrum of the amorphous sample. The position in temperature 
of both, (3 and (3* relaxations remains almost unaffected when crystallinity in¬ 
creases. On the contrary, the cr-relaxation shifts toward higher temperatures and 
its intensity decreases when crystallinity increases. This indicates that the a re¬ 
laxation is more sensitive to changes in the microstructure than the (3 and the 
f3* ones. 



Fig. 15.4. Dependence of the frequency of maximum loss ( F max ) with the reciprocal 
temperature for the relaxations in PEN samples with different degree of crystallinity: 
(o) xY AXS = 0.00, (•) XY AXS = 0.13, (□) XY AXS = 0.2 and (A) X^ AXS = 0.27. 
Continuous lines represent Arrhenius fits for j3 and (3* relaxations and Vogel-Fulcher- 
Tamann fits for the a relaxation. 


The position of the maxima in Fig. 15.3, referred to as frequency of maximum 
loss (F maE ), have been represented in Fig. 15.4 as a function of the reciprocal 
temperature for both the amorphous and several semicrystalline samples [26]. In 
such a representation, the (3 and (3* relaxations follow an Arrhenius behaviour 
revealing them as local non-cooperative thermally activated processes. In the 
case of both, (3 and (3* relaxations, F max values for samples with different crys¬ 
tallinity he on a similar range. From the slope of the straight line obtained it is 
possible to get the activation energy of both processes. In the case of /3 relaxation 
a value of AE = 13 Kcal/mol is obtained. For the (3* relaxation, the activation 
energy is larger, around AE = 33 Kcal/mol. In the case of the a relaxation, 
the dependence of Logio[F max \ with the reciprocal temperature shows a certain 
curvature (see inset in Fig. 15.4 for magnihcation)which can be described by 
means of the Vogel-Fulcher-Tamann (VFT) equation: 

F max = Fo exp {-DT 0 /(T - T 0 )} (15.1) 

where D is called fragility strength [27]. The VFT parameters, Fq, D and T 0 
are presented in Table 15.1. The obtained values for the Vogel temperature To 
increases with crystallinity and the pre-exponential factor Fq shows different 
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values for the semicrystalline samples but slightly similar D values are obtained 
for both samples. 


Table 15.1. Vogel Fulcher Tamann parameters for PEN samples with different crys¬ 
tallinity 


y^WAXS 

F 0 (Hz) 

A(K) 

To (K) 

D 

0 

9.8 -10 13 

1898.6 

340.2 

5.6 

0.13 

9.8 -10 13 

1839.5 

342.2 

5.4 

0.2 

1.0 -10 13 

1844.2 

347.6 

5.3 

0.27 

1.0 -10 13 

1828.4 

349.1 

5.2 


As mentioned above, crystallinity also influences dramatically the shape of 
the a relaxation inducing a strong broadening. Fig. 15.5 shows e^-values as a 
function of frequency for three selected PEN samples of varying crystallinity, 
^waxs, j n tjjg temperature region of the cr-relaxation. The dotted lines corre¬ 
spond to the separation of the different contributions to the measured relaxation 
by using the Havriliak-Negami equation as described elsewhere [26]. This analy¬ 
sis will be discussed in detail in a following paragraph . The a relaxation tends 
to shift to higher temperatures as compared with that of the amorphous sam¬ 
ple. As crystallinity increases there is a reduction in intensity. This fact can be 
quantified by calculating the area under the a-relaxation peak, Ae, given by: 

/ OO 

e"(u>)dl n u> 

-CO 

From this magnitude it is possible to estimate the amount of mobile frac¬ 
tion by using the ratio between the relaxation intensity of the semicrystalline 
sample to that of the amorphous sample [28]. The dependence of the normal¬ 
ized Ae with crystallinity is shown in Fig. 15.6 for PEN [26] and for several 
polymers including: PET [29], PEEK [30] and Poly(hydroxybutyrate)(HB)-co- 
poly(hydroxyvalerate)(HV) with different HB/HV ratios [12]. The data seem 
to follow a linear trend, which extrapolates to Ae = 0 for a crystallinity value 
different from 100%. It is evident that the presence of crystallinity reduces the 
amount of relaxing material because the material incorporated within the crys¬ 
tals does not contribute to the a relaxation process. In addition, it seems that 
for semicrystalline polymers, the crystalline phase is not the only fraction of ma¬ 
terial which remains rigid at temperatures above T g . Results of Fig. 15.6 point 
towards the existence of another portion of the amorphous phase, without three 
dimensional order but with restricted mobility above T g . This phase has been 
referred to as “Rigid Amorphous Phase” (RAP) and indicates the heterogene¬ 
ity of the dynamic characteristics of the amorphous fraction in semicrystalline 
polymers [28,31,32] 1 . 


(15.2) 


1 


For a detailed dicussion of the RAP, see Chap. 14 on page 252. 
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Fig. 15.5. e^-values for three selected PEN samples as a function of frequency (F) 
for different temperatures. Continuous lines represent best fits according to Havriliak- 
Negami equation. Dashed lines shows the separated contribution of the relaxation and 
the conduction process. 


15.4 Influence of Crystallinity 

on the Segmental Cooperativity 

As shown in the previous paragraph the a relaxation as a function of tempera¬ 
ture does not follow an Arrhenius behaviour but is better described by a VFT 
behaviour for both the amorphous and the semicrystalline state. In polymers, the 
degree of departure from the Arrhenius behaviour exhibited by the relaxation 
time of the a relaxation process has been associated with the strength of the cor¬ 
relation between non bonded species and has been defined as cooperativity [27] 
that can be quantified by the parameter D appearing in the VFT equation. In 
principle, lower D-values indicate a higher degree of segmental cooperativity [27]. 
By scaling F maE -values as a function of T*/T, where T* is a reference tempera- 
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Fig. 15.6. Amorphous mobile fraction of the studied samples determined Dielec¬ 
tric Spectroscopy for different polymers as a function of crystallinity. Upper panel: 
Poly (hydroxy butyrate)-co-poly (hydroxy valerate), 74:26 A and 94:6 □. Intermediate 
panel: PEN at T = 145° C (o, PET from [29]). Lower panel: PEEK T = 155°C (• ) 



ture, the relaxation time temperature dependence of polymers with different T g 
values can be compared [27,33]. Relaxation experiments comparing polymers in, 
both, the amorphous and the semicrystalline state have shown that, in spite of 
the observed shift in T g , a rather similar dependence of the relaxation time with 
T */T (cooperativity plot) is observed [32,34]. 

To illustrate this effect, we have plotted in Fig. 15.7 the F max data for 
PEN [26] and poly (aryl-ether-ether-ketone) (PEEK) [30] as a cooperativity plot 
(Fmax versus T*/T) where T* is a reference temperature calculated from the 
VFT equation, as the absolute temperature at which r=10s (r = l/(2 ttF max )). 
Although the samples with different crystallinity exhibit different T* values, 
upon scaling by T*/T, F maE -values tend to collapse at low frequencies into a 
single curve [34]. This has been interpreted assuming that only those chain seg¬ 
ments in the proximity of the crystallites decrease their characteristic frequency. 
However, in average the degree of intermolecular coupling for most chain seg¬ 
ments remains almost unaffected [34]. 
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Fig. 15.7. Cooperativity plot: F max versus T*/T for PEN and PEEK, hollow symbols 
are the amorphous specimens and full symbols corresponds to 27 % of crystallinity for 
PEN and 0.34% for PEEK. T* is the calculated temperature at which r = 1/(2 • tv ■ 
Fmax) = 10s. The continuous lines represent the best fit to the data, according to the 
VFT equation. 


15.5 Crystallization as Revealed by the Time Evolution 
of the Crystalline and the Amorphous Phases 

15.5.1 Lamellar Structure Formation 

The main objective of this paragraph will be to exemplify how the changes of 
the dynamics in the amorphous phase during crystallization can be followed 
by combining real time X-ray scattering and dielectric relaxation experiments. 
This experimental approach has been employed in a great variety of polymers in¬ 
cluding: poly(ethylene terephthalate)(PET) [9,35,36], polystyrene [37] poly(aryl- 
ether-ketone) [11,30], copolyesters of hydroxybutyrate (HB) and hydroxyvalerate 
(HV) [12,38], poly(vinylidene fluoride)(PVDF) [39] among others [40,41,42,43]. 

Experiments will be illustrated for poly(ether ether ketone) (PEEK). When 
amorphous PEEK is placed above its glass transition temperature (Tg=145 
°C) but below its melting temperature (Tm=360°C) crystallization takes place 
through the formation of spherulites [44,45]. Figs. 15.8a and 15.8b shows the 
real time evolution of the WAXS and SAXS patterns during the crystallization 
process of an initially amorphous PEEK sample heated at T=160°C. For crys¬ 
tallization times t c longer than 6 min, in the WAXS pattern, the development of 
three Bragg maxima it is clearly seen. These maxima correspond to the (110), 
(111) and (200) reflections of the orthorhombic unit cell of PEEK [46] respec¬ 
tively. From these experiments it is possible to extract the crystallinity values by 
estimating the ratio between the area under the crystalline peaks in relation to 
the total diffracted area [46]. The scattered intensity at small angles displays a 
maximum around q=0.06A _1 for t c > 6 min indicating the formation of a stack¬ 
ing lamellar structure. From the Lorentz corrected SAXS profile, the position of 
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the maximum can be used to determine the long period: 


L 


2lX 


Qmax 


(15.3) 


where q = (47r/A)sin(0) is the scattering vector, and 20 the scattering angle. 
L represents the sum of the average thickness of the crystal lamellae, l c , and 
of the interlamellar amorphous regions, l a . Fig. lc. shows the one-dimensional 
correlation function profiles obtained from the data of Fig. lb calculated as 
explained elsewhere [30,47,48]from: 


7i, r _ / 0 °°(/ ~ Ib)q 2 cos(qr)exp((j 2 q 2 )dq 
J 0 °°(I-I b )q 2 dq 


(15.4) 


Here, I5 is that contribution to the total scattering arising from density fluc¬ 
tuations (liquid scattering), and a is a term, related to the thickness of the 
crystal/amorphous interface. Q is the so-called scattering invariant that can be 
determined by integrating the SAXS profile over all scattering angles: 


Q 


(/ - I b )q 2 dq 


(15.5) 


One of the advantages of using the correlation function is that, in addition 
to the long period L, estimates for l a and l c can be obtained can be obtained 
according to: 


B 

w 


Xi(l-Xi) 


(15.6) 


where B is the position of the first intercept of the correlation function with 
the r-axis and is the position of the first maximum of the correlation func¬ 
tion. From the two solutions of the above quadratic equation, the one with the 
higher value should be ascribed to the larger fraction of the two phases found 
within the lamellar stacks. For example, in highly crystalline samples, Xi would 
correspond to the crystal fraction within the lamellar stacks (denoted as X c ^,) 
and 1 -X C £ would, then, represent the amorphous fraction within the stack. Once 
the assignment of Xi is made for each particular case, one may calculate the 
l a and l c considering that lc=X c ^L/^ and l a =(l-X c /,)L^ f . Fig. 15.9a illustrates 
the evolution of both the crystallinity and the invariant with the crystallization 
time for two temperatures. As expected, the degree of crystallinity, X c , develops 
according to a typical sigmoidal shape for both temperatures. After an initial 
induction time, X c , first increases rapidly (primary crystallization) and finally 
tend to level off for longer times (secondary crystallization). Preceding studies 
suggest that the induction time for crystallization from the glass is governed by 
the segmental mobility of the supercooled melt [49]. The crystallization process 
is faster at the higher crystallization temperature. The final value of crystallinity 
reached is about the same within the error of experiment, for the two crystal¬ 
lization temperatures. 
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Log i0 [t c /min] 

Fig. 15.9. PEEK.(a) Plot of the crystallinity X c and invariant (continuous lines), 
(b)thickness of the two phases present on the crystalline stacks, (li)(upper) and 
(I 2 )(lower),(c) maximum dielectric loss values e v max , and (d) frequency of maximum 
loss F max , with the crystallisation time as a function of crystallization time t c for 
T=155°C (solid symbols) and T=160°C (hollow symbols). Continuous lines are eye- 
guides. 
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After the initial induction period, whose duration depends on the tempera¬ 
ture, crystallization takes place, as indicated by the appearance of the reflection 
peaks in the WAXS patterns. The occurrence of these peaks is accompanied 
by the development of a SAXS maximum. This indicates the formation of a 
larger scale periodicity corresponding to alternating crystalline and amorphous 
layers giving rise to lamellar stacks. The parameters li and I 2 (thickness of the 
two constituent phases of the lamellar stack) can be obtained by a correlation 
function analysis [30]. Based on several considerations [30] and in recent experi¬ 
ments [44], the larger value (li) has been assigned to the lamellar thickness (l c ), 
and the smaller value (I 2 ) has been designated as the thickness of the amorphous 
layer (l a ). Both l c and l a values are illustrated in Fig. 15.9b for the two presented 
temperatures. Both values initially decrease and remain almost constant during 
the rest of the crystallization process. The overall crystallinity in the sample can 
be considered as composed of several terms as: 

X c = X s X L X cL (15.7) 

where X s is the fraction of material included in the spherulites, X^ is the frac¬ 
tion of the material in the lamellar stacks, and X c ^ is the fraction of the crys¬ 
talline material in the stacks. X c ^ can be estimated as the ratio li/(I 1 +I 2 ) • From 
Fig. 15.9b, one observes that, during the latest stages of primary crystallization, 
(the end of the rapid increase in X c ) the linear fractions of each phase remain 
nearly constant. This indicates that the composition of the stacks is virtually 
the same during late stages of the crystallization process in agrement with other 
studies [45]. This would imply, according to (15.7) , that the increase observed 
in crystallinity during the late stages of crystallization ought to be assigned to 
an increase in the total amount of the lamellar stacks. 

15.5.2 Crystallization Induced Effects in the Amorphous Phase 

Fig. 15.10 shows for PEEK the real time evolution of the a relaxation followed 
by dielectric spectroscopy during the crystallization process at T=155°C . The 
imaginary part of the complex dielectric permittivity, measured for the amor¬ 
phous PEEK, manifests a maximum centered at F max = 500Hz. The a relaxation 
of the initially amorphous sample is found to endure some changes as crystal¬ 
lization time increases. On the one hand, there is a strong reduction of the peak 
height. On the other hand, a shift towards lower frequencies in the position of 
the a relaxation is observed, for crystallization times longer than 40min. The 
intensity of the maximum loss e'^- iax , and the frequency of the maximum loss 
Fmax, have been illustrated in Fig. 15.9c and d respectively as a function of 
crystallization time for two different temperatures. The variation rate of both 
magnitudes is dependent on the crystallization temperature. At T=160°C, e'^ ax 
starts to decrease from t c =0 min and it levels off at t c >8min. At T=155°C, 
e max initially remains constant, and decreases at t c >20min and finally reaches 
a plateau at t c >60min. A very different trend is observed for F ma x- At both 
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Fig. 15.10. Real time evolution of the dielectric loss (a) and the dielectric constant 
(b) during isothermal crystallization of PEEK (T c =155°C) as a function of frequency 
at selected crystallization times . 


temperatures, F max remains constant when e'^ ax exhibits a higher rate of vari¬ 
ation. Only whene^ aa . tends to reach its lowest plateau value, F max decreases 
abruptly. 

A deeper analysis of the relaxation curves can be accomplished performed 
on the basis of the phenomenological description of Havriliak Negami [50] given 
by: 


^0 Cqq 

[1 + ( iujT HN ) b ] c 


■OO 


a 


% - 

^vac^ S 


(15.8) 


where lu = 2nF, eo and are the relaxed(w=0) and unrelaxed(cj=oo) dielectric 
constant values, thn is the central relaxation time of the relaxation time distri¬ 
bution function and b and c (0<b,c<l) are shape parameters which describe the 
symmetric and asymmetric broadening of the relaxation time distribution func¬ 
tion, respectively [50]. The second term of (15.8) correspond to the conductivity 
contribution. Here, a is related to the direct current electrical conductivity, e vac 
is the vacuum dielectric constant and s depends on the nature of the conduction 
mechanism. A value of s<l is associated to a non-ohmic transport [51]. The 
continuous lines in Fig. 15.10 represent the best fits according to (15.8). The 
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obtained parameters are represented in Fig. 15.11 as a function of the crystal¬ 
lization time. As observed for isothermally crystallized samples with controlled 
levels of crystallinity (Sect. 15.3), the main observations as a function of crys¬ 
tallization time are: i) A strong reduction of the relaxation strength At for both 
temperatures; ii) A decrease of the asymmetry of the relaxation when crystal¬ 
lization develops, as indicated by the increase of the c parameter towards the 
higher possible value, c=l; iii) A broadening of the relaxation curves, as can 



0 1 2 
Log 10 [t c /min] 

Fig. 15.11. Real time evolution of Ae,THN, b, c parameters during isothermal crystal¬ 
lization of PEEK at T=155°C (•) and T=160°C (o). Continuous lines are eye-guides. 
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be seen by the decrease of the b parameter. Independently of the crystalliza¬ 
tion temperature, the final shape of the relaxation curves is almost the same, 
as indicated by the similar final shape parameters. The central relaxation time 
thn, shows some different changes during crystallization. During the period in 
which the other HN-parameters exhibit main variations due to crystallization, 
the central relaxation time remains almost constant. Only when all the other 
parameters tend to reach their final values, thn begins a sudden change. 

As mentioned previously, the dielectric strength At is proportional to the 
amount of dipoles involved in the relaxation process [14]. The decrease of At 
with crystalization time observed in Fig. 15.11 indicates that, as a consequence 
of the crystallization process, the amount of relaxing dipoles decreases. This is 
evident, as the molecules incorporated to the crystals cannot relax. As shown 
in Fig. 15.6, At follows a linear dependence with crystallinity. Should the only 
immobile material be the only one incorporated within the crystals, then the 
slope of the Z\e-X c linear dependence should be about -1. However, as one may 
see in Fig. 15.6, the dependence is stronger ( -1.5) for all the represented poly¬ 
mers. This trend indicates that, the growing crystals do not only immobilize the 
material incorporated within them, but also constrain some additional amor¬ 
phous material. Then, it is possible to conclude that not all the non-crystalline 
fraction behaves as a relaxing material. There is, indeed, an amount of material 
that neither contribute to the WAXS patterns nor relaxes in agreement with 
very early studies [9]. 

An interesting factor to consider concerns the characteristics of the relaxation 
process of the remaining mobile material. As observed in Fig. 15.9, the position 
of the relaxation function does not change during the primary crystallization, 
where the major increase in the crystallinity occurs. Considering the magnitude 
{2'n¥ max )- 1 as an average relaxation time, the observed decrease in F max for 
longer crystallization times, indicates a slowing down tendency of the chain mo¬ 
bility as crystals develop further. However, this decrease does not significantly 
occurs until the crystallinity tends to reach their final plateau values. Thus, the 
dynamics of the amorphous material during the primary crystallization remains, 
in average, at the same rate, as indicated by the similar F max . Is during the sec¬ 
ondary crystallization regime when the remaining amorphous phase slows down 
its relaxation, and consequently F max diminishes. 

15.5.3 Combined Picture About Crystallization 

from the Structure-Dynamics Relationships 

Let us emphasize that, for the kind of polymers mentioned here and under cold 
crystallization conditions, the structural results , mainly based on SAXS [52,53] 
but also in recent microscopic observations [44,45], can be interpreted according 
to a structural model in which, in the semicrystalline polymer is filled up with 
spherulites. However, the lamellar stacks are separated from each other by larger 
amorphous gaps. 

Based on this scenario, one may assume in a first approach the existence of 
two distinct amorphous regions: a) the inter lamellar amorphous phase, that can 
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be visualized as being highly constrained and b) the amorphous regions between 
the lamellar stacks that are less constrained. In accordance, one may expect 
two main segmental relaxation processes: one occurring in interlamellar regions 
whose intensity should decrease with crystallization time and a second relaxation 
taking place in the interstack amorphous regions which should increase with 
crystallization time at expenses of the first one. Some authors have proposed 
this model on the basis of dynamical mechanical [45,54], dielectric [36,29] and 
calorimetric [29] measurements 2 . However, the absence of an isobestic point 
characterized by a frequency at which no change in t" should be expected with 
crystallization time indicates that the relaxation model is not as simple as above 
described. Additionally, calculation done on the basis of the above model do not 
precisely describe the experimental dielectric measurements [55]. The process 
of crystallization can be envisioned according to the view proposed by Schultz 
et al [56] in which “loose” spherulites are firstly formed which become “dense” 
spherulites in later stages of crystalization. Such a model is also supported by 
investigations involving simultaneous measurements of wide- and small-angle 
X-ray scattering during isothermal crystallization of PET [57] and PEEK [53]. 

The dielectric experiments illustrated here, for PEN and PEEK, are more 
in favor of a single relaxation process that shifts to lower frequencies as crys¬ 
tallization develops. In principle, one may consider that, inside the stacks, the 
non crystalline chains are constrained to a level where the segmental mobility is 
strongly arrested. If this is the case, At would represents the fraction of material 
outside the stacks, i.e. At =1-X^. Introducing this relationship in (7), it follows: 

X c = X s X cL (l -At) (15.9) 

When the material is fully covered by spherulites, Xs=l. Considering for PEEK 
the extrapolation performed in Fig. 15.6 (At =0), the above equation leads to 
X c (Z\e = 0)= X c £ = «70%,which is consistent with the value estimated by 
assuming ^ = l c , (X c ^ = 75%). It is convenient to remember that, the linear 
crystallinity obtained from Fig. 15.6 is a mass fraction, since the X c values used 
(from WAXS) are a mass fraction. However, the value obtained from SAXS is 
a volume fraction. But, given the crystalline and amorphous densities of our 
PEEK, the difference between volume and mass crystallinity is below 2% [30]. 

Fig. 15.12 depicts schematically the picture which emerge from the combined 
interpretation of the structural and dynamical experiments. Here, it is assumed 
that the noncrystalline regions in the primary lamellar stacks do not exhibit 
a relaxation process. Only the non crystalline regions in the gaps between the 
stacks show a heterogeneous relaxation behaviour, which is strongly dependent 
of the secondary crystallization process, as we discuss hereafter. As crystallinity 
starts to increase, the frequency of maximum loss, F maa ., or its counterpart the 
relaxation time, thn remain unaffected. Only when the crystallinity achieves a 
certain critical value, at the end of the primary crystallization, the relaxation 
time begins to increase, indicating a slowing down of the mobility of the un¬ 
restricted amorphous fraction. This effect can be understood considering the 

2 See Chap. 14. 
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Fig. 15.12. Schematic model summarizing the obtained results from structural and 
dynamical experiments. Before crystallization, the polymer chains present segmental 
motion (schematically depicted by the curved arrows) leading to the dielectric a relax¬ 
ation of shape parameters b and c and characterized by a cert ain Ac value. During pri¬ 
mary cryst allization, the restrictions imposed by the cryst alline lamella (represented the 
grey domains) mainly inhibit segmental motions within the intralamellar amorphous 
phase but not in the interlamellar amorphous phase. Here the a relaxation modifies 
its shape (b and c parameters) but essentially not Fand the amount of relaxing 
material diminishes (Ae sc < Ac). During secondary crystallization, the amorphous 
material located outside the stacks, is capable to undergo segmental movement, but its 
dynamics is effectively slowed down with respect to the purely amorphous phase. 


following: During primary crystallization, the formation of lamellar stacks pro¬ 
duces an immobilization, not only of the material incorporated into the crystals, 
but also of the amorphous material remaining between lamella crystals. This fact 
influences strongly Ae since it is related to the amount of the dipoles involved in 
the relaxation process, ft also affects the shape of the relaxation process which 
becomes broader and more symmetric, due to the increasing number of different 
environments created by the crystals. However, this situation does not affect 
the average position of the relaxation peak. The average relaxation time of the 
remaining relaxing areas, (broad amorphous areas located between the lamellar 
stacks) is the same. Once the space tends to be hlled-in with spherulites, the 
crystallization can proceeds in the broad gaps between the stacks. The remain¬ 
ing amorphous phase located in these areas has similar or slightly restricted 
mobility as compared to the initial amorphous sample. Secondary crystal liza- 
tion has the effect of restricting the mobility on these amorphous gaps. As a 
consequence, the average relaxation time is now effectively increased. It. is worth 
mention that even the appearance of two relaxation a processes during primary 
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crystallization under certain conditions reported for PET [36] can be considered 
as a consequence of the typical structural heterogeneity of semi rigid polymers 
which requires deeper characterization. 

15.6 Conclusions 

The combination of structural techniques revealing the parallel evolution of the 
crystalline phase (WAXS and SAXS ) together with relaxation methods detect¬ 
ing modifications of the amorphous phase dynamics (dielectric spectroscopy), 
show a more extended picture of cold crystallization processes in semirigid poly¬ 
mers. The obtained results are consistent with the concept of a sample mor¬ 
phology consisting of lamellar stacks, separated by broad amorphous regions. 
The composition of the lamellar stacks is highly crystalline, as obtained from 
both, dielectric and structural X-ray measurements and the amorphous phase 
inside the stacks seems to be highly constrained. After completion of primary 
crystallization, the remaining amorphous phase has a certain mobility, but it 
is significantly slowed down by the event of secondary crystallization. Certainly 
the topic is not closed and extension of the experiments to a greater variety 
of polymers, to a broader dynamic range and to shorter time resolution for 
the structural characterization will be experimental challenges for the incoming 
work. 
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Abstract. The kinetics of the crystallization process of several polymers, polymer 
blends and copolymers have been analyzed by differential scanning calorimetry. A 
modified isoconversional method is applied to evaluate the parameters governing the 
crystallization of solidification from the assumed isotropic melt. Once the parameters 
are known, the modeling of the polymer crystallization can be performed. The tem¬ 
perature - cooling rate - transformation diagrams were constructed for a wide range 
of conditions and they showed a good agreement between the experimental data, and 
curves obtained by calculation. This verifies the reliability of the method utilized and 
the validity of the rate constant model description. Furthermore, the specific surface 
energies were calculated from non-isothermal data, of PP-PE based copolymers with 
different additives. The a values obtained using this approach are similar to those 
reported by other techniques. 


16.1 Introduction 

The knowledge of the thermal behavior of materials is important to control their 
structure and properties. For instance, processes as solidification at different 
rates can promote changes in materials properties. Several techniques have been 
utilized to investigate the kinetics of crystallization processes. Experimentally, 
the crystalline morphology and the crystallization kinetics of polymeric mate¬ 
rials can be assessed by numerous conventional techniques as small-angle x-ray 
scattering (SAXS) [1], transmission electron microscopy (TEM) [2] and scanning 
probe microscopy (SPM) [3]. Moreover, time-resolved scattering experiments are 
able to probe polymer crystallization kinetics at very early times [4]. The recent 
literature [5-8] demonstrates that this field presents a great scientific interest. 
In particular, the thermoanalytical techniques (TA), such as differential thermal 
analysis (DTA), thermogravimetry (TG) and differential scanning calorimetry 
(DSC) are ones of the most often applied [9-12]. Moreover, the recently devel¬ 
oped temperature-modulated differential scanning calorimetry (TM-DSC) per¬ 
mits the measure of various thermal responses and the understanding of their 
kinetics and thermodynamics [13] of glass transition, melting and crystallization 
of polymers [14,15]. In the Chap. 14 of this book, TMDSC and other techniques 
are applied to the study of the vitrification and devitrification of the rigid amor¬ 
phous fraction in semicrystalline polymers revealed from frequency dependent 
heat capacity. 


G. Reiter, J.-U. Sommer (Eds.): LNP 606, pp. 297—311, 2003. 
(c) Springer-Verlag Berlin Heidelberg 2003 
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From the DSC data, several models [16-21] have been developed to repro¬ 
duce experimental data under isothermal or continuous heating rate conditions. 
Quite surprisingly, the number of publications devoted to the kinetic analysis of 
solidification of materials from the melt is relatively low. Moreover, it is known 
that the thermal history in the melt can affect the crystallization behavior of 
polymers [22-23]. This “memory” effect can increase the crystallization rate for 
insufficient melt time [24]. Thus, unmolten crystalline seeds or local chain or¬ 
ganization could still remain at temperatures above the melting point [25]. The 
presence of such primary nuclei increases the crystallization rate. Such a phe¬ 
nomenon is also defined as self nucleation. Another analysis is related to the 
entanglement density. In the melting process, the entanglement density should 
increase with time, which can be regarded as a relaxation process [26]. To re¬ 
duce it, an optimal thermal treatment, temperature-time, of the melting must 
be chosen. 

Transformation diagrams are one of the most reliable way to predict the ther¬ 
mal behavior of the material. Once a model has been determined, one can con¬ 
struct the transformation diagrams: Time - temperature (T-T-T) and temper¬ 
ature - heating/cooling rate (T-HR/CR-T) transformation diagrams [22,27,28]. 
In this chapter, the crystallization process of several polymers was analyzed and 
a modified isoconversional method is applied to perform kinetic analysis of non- 
isothermal processes. As expected, it was stated that the Avrami model provides 
a good description of the solidification process. Moreover, temperature-cooling 
rate-transformation diagrams were constructed and there was a good agreement 
between experimental data and the calculated T-CR-T curves. Furthermore, de¬ 
termining the specific surface energy is one of the most characteristic methods to 
describe the crystallization of previously molten materials [29] or other surface 
phenomena [30]. Such energy was determined using only DSC measurements. 

The methods were applied to the study of the solidification process of sev¬ 
eral polymers: polyethylene glycol (PEG) with different mean molecular weight, 
blends of PEG with pharmaceutical drugs (PEG-PD), copolymers of polypro¬ 
pylene-polyethylene with different colorant additives (PP-PE) and blends with 
high density polyethylene (HDPE). 

16.2 Kinetic Analysis 

The macroscopic study of the crystallization process is based in the evolution of 
the crystalline fraction of the material, a, as a function of the time in isothermal 
regime or of the temperature under dynamic constant rates. Most of the methods 
for non-isothermal regime analysis are based on an extension of the Avrami 
equation [16], which was first introduced to describe the transformation kinetics 
in the isothermal regime and has been theoretically treated by Avrami as the 
primary crystallization and growth of spherulites. 

a(t ) = 1 — exp{ — (kt) n } (16-1) 

where a(t ) stands for the crystalline fraction for time t , k is the crystallization 
rate constant, t the time elapsed from the beginning of the process and n a kinetic 
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exponent related to the mechanisms governing the transformation. Usually k and 
n are considered as constants with respect to time. Moreover, the exponent n can 
be considered as a function (n = c + d) which accounts for the time dependence 
of the nucleation process, c, and for the number of dimensions in which growth 
takes place, d. The isothermal crystallization rate can written in the following 
from: 

§ = HT)f(a) (16.2) 

where T is the temperature and f{a) is a function describing the kinetic model. 
Usually the best fit to the experimental values is obtained by the Jhonson-Mehl- 
Avrami-Erofe’ev (JMAE) model [16,31,32] as given by (16.1). Then, the function 
/(a) obeys the following equation: 

( i \ 1_1/n 

f{a) = n(l — a) ( Zn--j (16.3) 

where n is the JMAE exponent. 

Sometimes the most suitable form for f(a) corresponds to the autocatalytic 
two-parameter Sestak-Berggen (SB) model [33]. 

f(a) = a m (l-a) n (16.4) 

where n and m are parameters depending on the mechanisms of nucleation and 
growth. 

Moreover, it is usually assumed that the rate constant k has an Arrhenius 
equation behavior with respect to the temperature during the crystallization 
process: 

k(T) = k 0 exp(——^—) (16.5) 

k B T 

where ko is the pre-exponential factor, E the apparent activation energy and k B 
is the Boltzmann constant. There are various differential and integral methods 
to calculate these terms from continuous heating data as i.e. Kissinger’s [34] and 
Ozawa’s [35]. 

In the modeling of the crystallization process, we will distinguish cold crys¬ 
tallization, for which the analysis mentioned above is often performed, as against 
solidification from the melt. Nevertheless, a very similar procedure can be used 
to analyze solidification data. The main difference is that cold crystallization of 
a polymeric mixture may be promoted by pre-existing nuclei. However, solidifi¬ 
cation from the assumed isotropic melt is expected to be driven by nucleation. It 
has been long recognized that a certain amount of undercooling AT = T m — T, 
with T m the melting temperature, is necessary to start solidification [36] because 
nuclei have to be created prior to any crystal growth. The driving force for nucle¬ 
ation is the Gibbs energy difference between the liquid and the crystal, AG per 
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unit volume. The activation energy for homogeneous nucleation is of the form 
[37-38] 


167T a 3 

IT AG 2 


(16.6) 


where a is the energy per surface unit necessary to form the interface between 
the liquid and the nucleus. The Gibbs energy at low undercooling is propotional 
to AT and to the melting entropy AS m . Thus, 


E ~ 


ASIAT 3 


(16.7) 


Therefore, at low undercooling, one expects a rate constant of the approximate 
form 


k(T ) = Aexp(- T ^ T y ) (16-8) 

where A is a function that shows a slight dependence with the temperature in 
the interval: AT < 0.2 T m while B is a constant proportional to a 3 /AS^. 

The knowledge of E or B value is necessary prior to the analysis of the kinetic 
process. One of the methods to obtain E can be deduced taking logarithms in (2) 
combined with the Arrhenius equation. The expression obtained is [39] 


ln (^~) = _ -j^f ( 16 - 9 ) 

and, in the processes governed by nucleation a analogous expression [22] can be 
deduced 


ln(^)=ln (16.10) 

A basic assumption in the DSC technique is that the heat flow, 0, is propor¬ 
tional to the conversion rate, (f> = ( da/dt)AH , where AH is the enthalpy of the 
crystallization process. On substitution into previous equation, we can rewrite 
it as 

ln (^) = ln(A/(a)) “ ( 16 - U ) 

The slope of \n{tj)/AH) versus (1 /TAT 2 ) provides the constant B for a given 
a. If we repeat the procedure for different values of a, the invariance of B 
with respect to a (which is a basic assumption for the validity of the model) 
is checked in a simple and reliable manner. This operation allows testing of the 
T m accuracy at same time [27]. A first estimation of T m results from previous 
heating, where samples are completely melted. As an example, see Fig. 16.1. 
The so-called isoconversional method was applied to find the activation energy 
for a given value of the degree of conversion. Here, it is adapted to evaluate the 
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Fig. 16.1. Constant B obtained by the isoconversional method versus transformed 
fraction for a PEG 5600 


constant B, of the constant rate equation, in the case of solidification from an 
isotropic melt. 

Furthermore, the value of B can be determined by a procedure [40] similar to 
the Kissinger method, that is by imposing ( d 2 aj dt 2 ) T=Tv = 0 at a given cooling 
rate (3. Thus, 


d 2 a 


dk(T) 

dt 


f{ a ) 


df(a) 

dt 


k(T) 


(16.12) 


Taking into account the following equations: 


dk(T) 

dt 


~P 


A(exp(— 


B 


TAT 2 


)) 


B{AT 2 - 2 TAT) 

TW4 


P^r^VT-AT) 


T 2 AT 3 


and 


df(a) df(a ) da df(a ) 


k(T)f(a) 


dt da dt da 

and substitution into (12), the following equation is obtained 


(16.13) 


(16.14) 


( ^-H = k(T)f(a)/3B(2T p - AT^AT* + k 2 (T)f(a )® = 0 (16.15) 


from this we can obtain 

!3B{2T p - AT P ) _ df(a) 


T 2 AT 3 

J- p 


da 


and in the logarithmic form 

~(3(2T p - AT P ) 


t 2 at 3 

J-p 


k{T) 


H-^) + lnk(T) 

da) 


(16.16) 


In B + In 


(16.17) 
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and using the Arrhenius equation 

B 


In k(T) = ln(Aexp( — 


T v ATj 


)) = In A — 


B 


T v ATj 


From the combination of (17) and (18) 
(i{2T p - AT p ) 


In 


T 2 AT 3 

J-p 


_in£ + i n A- 

da) 


B 


T p AT 2 


(16.18) 


(16.19) 


An approximation is to consider constant at the peak temperature the fol¬ 
lowing relation 


ln( 

df(a ) 
da) 

Thus, 


In 

\(i{2T p 


) — In B + In A = ct. 


B 


T P AT 2 


ct 


(16.20) 


(16.21) 


The slope of ln(/3(2T p — AT p )/T 2 AT p ) versus (1 /T p AT 2 ) provides the ap¬ 
proximate value of constant B. Results obtained using this method and the iso- 
conversional one are similar [41]. Nevertheless, with the isoconvertional method 
is observed the slight dependence of B on a , see Fig. 16.1. This confirms the 
validity of the rate constant model. As usual for low a values, (f> tends to zero, 
which explain the divergence of the results. 

Once B and T m are known, it is possible to evaluate the crystallization 
kinetics. The kinetic model and the coefficient A can readily be determined 
from a knowledge of two functions of the crystalline fraction, v(a) and z(a), 
defined by [42-44] 


y(a) = AAHf(a ) 

and 

z (a) = AHf(a)g(a ) 
where g(a) is defined by 


(16.22) 


(16.23) 


9{ot) 


1 


iV) 


da' 


(16.24) 


From the heat flow equation and on substitution in the non logarithmic form 
of (11), we can rewrite the heat flow expression as 


</> : 


—AH 

dt 


A AH exp(— 


B 


TAT 2 


)/(«) 


(16.25) 
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and g{a) as 

T T 

a( a ) = ~^j K T ) dT = ~^ j exp( ~ T(ir) 2 )dT 

T f T f 

we can define x = B/TAT 2 and 


f B exp(—x)dT 

T _ 

exp(— x)/x 


, . A exp(— x) 
g(a) = ~—B — - 

p X 


if we define the function r(x) as 


r(x) 


f B exp(—x)dT 
T >_ 

exp(— x)/x 


(16.26) 


(16.27) 


(16.28) 


the previous expression can be rewritten as 

g{a) = -^B e -^^r(x) = -I^L T (x)k(T) (16.29) 

From the combination of the previous expressions, it is possible to evaluate 
the functions y{a) and z(a) directly from the experimental data once B and T m 
are known 

y{a) = (j)expx (16.30) 


, , TAT 2 , , 

z{a) = - —t(x)4> 


(16.31) 


The experimental functions y{a) and z(a), divided by AAH and AH , respec¬ 
tively, are plotted in Figs. 16.2 and 16.3 for a cooling rate of 10°C min -1 
(symbols). The polymer is a PEG 5600. We can find the kinetic model which 
best describes the measured data, and its kinetics parameters [22,45]. In this 
case, the most suitable f(a) corresponds to the two-parameters Sestak-Berggen 
model [33]. Figures 16.2 and 16.3 demonstrate that the SB model gives a good 
description of the solidification process. 

Once the best model is known, several experimental data can be compared 
directly with the “ideal” experimental behavior. As an example, the experimental 
DSC (symbols) and calculated (full lines) heat flow divided by enthalpy is shown 
in Fig. 16.4. for PEG 3400. In this case, the best fit model corresponds to the 



Fig. 16.2. Dimensionless value y(a)/l 
min -1 for a PEG 5600. 



Fig. 16.3. Dimensionless z(a)// 


s 
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Fig. 16.4. Normalized heat flow versus temperature for a cooling rate of 10 K min x of 
a PEG 3400. 


8 



Fig. 16.5. Solidified fraction versus temperature at different cooling rates of a PP-PE 
copolymer. 
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JMAE. Other example is shown in Fig. 16.5 where the experimental degree 
of transformation (symbols) of a PP-PE copolymer at different cooling rates 
is compared with the model. All figures verifies the reliability of the method 
utilized and the validity of the constant rate model description. 

From the previous analysis and the knowledge of the kinetic model it is pos¬ 
sible to construct low temperature parts of the transformation diagrams [46,47], 
in our case the T-CR-T diagram. Using the expressions deduced before, under 
isothermal conditions the function g{a) is 

g{a) = Aex_p(- T ^ T2 )t (16.32) 

Similarly, under constant cooling rate regime, the integrated form becomes 
AT 

9 O) = ^ J exp (~ T AT 2 ' >dT (16.33) 


The quantity g{a) for a given a is independent of the mode of crystallization, 
i.e. isothermal conditions or continuous cooling conditions. Once its value for a 
given crystalline fraction a 0 is known, the analytical expression for a 0 = a 0 (T, t ) 
for any pair (T, t) is given by 

eXp( “T^ )t = eXp(_ T^f K (16 ' 34) 

and the analytical expression of a Q = a Q (T, /3) for any pair (T, f3) is given by 


AT 



O 


AT 0 


B 


TAT 2 


)dT = -/ 


- 4 , B 

J^-TTP )dT 


(16.35) 


Thus, the forms of the curves T = Tit) and T = T(f3) for a fixed value 
of a, are obtained by means of (34) and (35) provides the values of B and 
T m are known. The values of B and T m have been obtained from the best fit 
approach to the experimental data under a constant cooling rate. Figure 16.6 
shows calculated (T-CR-T) curves (full lines) and several experimental DSC data 
for a = 0.1, 0.5, 0.9 for a pharmaceutical blend (PEG-PD). As expected in any 
solidification process, the solidification onset shifts to higher temperatures when 
the cooling rates decreases. We can state that the models give a good description 
of the solidification process. 


16.3 Specific Surface Energy 

In 1945 Bunn and Alcock were the first to report the spherulite structure forma¬ 
tion on polymer crystallization [48]. In 1957 Keller reported that polyethylene 
formed chain-folded lamellar crystals from solution [49]. Lamellar crystalls are 
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Fig. 16.6. Calculated T-CR-T curves (solid lines) and experimental DSC data, (sym¬ 
bols) for a phermaceutical blend. 


formed on crystallization, from both the solution and the melt for a wide variety 
of polymers. Two of the most well known theories about lamellar formation are 
the Lauritzen-Hoffman surface nucleation theory [50,51] and the entropic barrier 
theory of Sadler and Gilmer [52,53]. The morphology of polymers during and af¬ 
ter crystallization has been analyzed by different microscopy techniques [23,54]. 
Nevertheless, it is possible to obtain information about crystallization behavior 
only from calorimetric data [55,56]. 

The determination of the surface superficial energy is one of the most char¬ 
acteristic methods to describe the crystallization of previously molten polymers. 
Such energy, a, is formed by lateral surface energy, <t;, and by end surface energy, 
a e . The first corresponds to the non-deformed part of polymer’s lamellae struc¬ 
ture, while the latter is released by the ridged surface perpendicular to the axis 
of the polymeric chain [57,58]. Further on, an approximation is used according 
to which it is assumed that in the crystalline polymer nucleus the surface energy 
can be expressed as a function of lateral and end surface energy. That is to say, 
a 3 = ufcr e [59]. In this case a has the meaning of an average specific surface 
energy. 

It is possible to obtain surface energy information from DSC measurements. 
Taking into account that bi- or three dimensional nucleation is always present 
in crystalline polymer [60], in the bidimensional case, the function g{a) can be 
rewritten for the DSC peak crystalline fraction, a p , and time, t p , as follows [61]: 
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da 

f ( a ) 


= n 


L p 


0 0 

In the three-dimensional one as: 


t-n 


da 

f ( a ) 




(16.36) 


(16.37) 


Terms R and S are given by the following expressions: 


R 

and 

S 


Acl 0 (TiG 


AS m kT„ 


l&lUljcFeV^ 

3ASlkT m n 


(16.38) 


(16.39) 


where V m is the molar volume of the crystallizing material, AS m is melting 
entropy and a 0 is the crystalline network parameter. The approximate solution 
of previous equations results in the following relationships for the peak AT p : 


log(/3) = M - ( R/2AAT p ) (16.40) 

and 

l°g(/3) = N- (S/2.3ATp) (16.41) 

where M and N are constants. The graphical representation of log(/3) versus 
1 /AT p or 1 jATp supplies us with parameters R and S from slope (as an exam¬ 
ple see Figs. 16.7 and 16.8 for several PP-PE copolymers with different colorant 
additives). Once these parameters are calculated their coefficient allows the cal¬ 
culation of <T;; a e follows readily. The values obtained using this approach are 
similar to those reported by other techniques analysis [56,62]. 


16.4 Conclusions 

The kinetic analysis of polymer crystallization was performed from calorimet¬ 
ric data. The polymers analyzed were: polyethylene glycol (PEG) with different 
mean molecular weight, blends of PEG with pharmaceutical drugs (PEG-PD), 
copolymers of polypropylene-polyethylene with different colorant additives (PP- 
PE) and blends with high density polyethylene (HDPE). A modified isoconver- 
sional is applied to evaluate the parameters governing the crystallization and the 
kinetic model. The reliability of the methods and models utilized was checked. 
The temperature - cooling rate - transformation diagram shows a good agreement 
between the experimental data and curves obtained by calculation. Furthermore, 
the specific surface energies were calculated from calorimetry measurements. 




Fig. 16.8. ln(/3) versus 1/ATp for the different samples. 
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17 A Computational Model 

for Processing of Semicrystalline Polymers: 

The Effects of Flow-Induced Crystallization 
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Materials Technology (www.mate.tue.nl), Dutch Polymer Institute, Eindhoven 
University of Technology, P.O. Box 513, 5600 MB Eindhoven, The Netherlands, 
g.w.m.petersOtue.nl 


Abstract. A computational model for the combined processes of quiescent and flow- 
induced crystallization of polymers is presented. This modelling should provide the 
necessary input data, in terms of the structure distribution in a product, for the pre¬ 
diction of mechanical properties and shape- and dimensional-stability. Rather then the 
shear rate as the driving force, a viscoelastic approach is proposed, where the vis¬ 
coelastic stress (or the equivalent recoverable strain) with the highest relaxation time, 
a measure for the molecular orientation and stretch of the high end tail molecules, 
is the driving force for flow induced crystallization. Thus, the focus is on the poly¬ 
mer that experiences the flow, rather then on the flow itself. Results are presented 
for shear flow, extensional flow and for injection moulding conditions of an isotactic 
Polypropylene (iPP). 


17.1 Introduction 

The resulting local properties of a product made of semicrystalline polymers 
strongly depend on the crystalline structure which is determined by both molec¬ 
ular properties and the processing conditions applied, i.e. the thermal-mechanical 
history experienced by the polymer in the process. Consequently, this thermal- 
mechanical history (e.g. in injection moulding, him blowing or fiber spinning) has 
to be modelled in order to describe nucleation and crystallization kinetics and 
their dependence on how-induced structure formation. Experimental results in 
the literature show that how-induced crystallization correlates with the viscoelas¬ 
tic stresses, much more than with the macroscopic strain or strain rate, leading 
to the conclusion that chain orientation/extension is the governing phenomenon. 
The orientation of polymer chains can result in the development of anisotropic 
structures which inhuence the mechanical properties and the dimensional sta¬ 
bility, i.e warpage and (anisotropic) shrinkage. A modelling tool is needed to 
prevent and correct for such unwanted properties and phenomena. The ultimate 
goal is to develop a tool that is able to improve or even optimize polymer syn¬ 
thesis and industrial processes. However, several of the underlying relations are 
still not clear due to the complex mutual interaction of many parameters. There¬ 
fore, optimization of properties in industry is still done by expensive and time 
consuming trial and error methods, which -at best- are based on cumulative 
experience. 


G. Reiter, J.-U. Sommer (Eds.): LNP 606, pp. 312—324, 2003. 
(c) Springer-Verlag Berlin Heidelberg 2003 
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The need for such a modelling tool became even more urgent since the devel¬ 
opment of novel metallocene-based catalysis. Compared to conventional Ziegler- 
Natta catalysis, metallocene-based polymers are much more well defined and 
possess a narrow molecular weight distribution. Moreover, differences in regu¬ 
larity of the polymer chains exist caused by sterical restrictions during polymer 
synthesis [1], 

The relation between molecular properties, processing conditions and final 
properties that result from the micro-structure formed, can be determined once 
recent developments in detailed modelling are condensed into constitutive equa¬ 
tions that are the input of continuum mechanical modelling. The relation be¬ 
tween molecular weight distribution and linear viscoelastic properties [2,3] and 
that between rheology and flow-induced nucleation [4,5] has now become much 
more clear. Polymer rheology can at present quantitatively be described with 
the (extended) Pom-Pom model [6,7,8]. Consequently, a powerful tool could be 
obtained once these methods are combined to model the whole life cycle of a 
polymer: from the synthesis to properties via processing. However, much more 
advanced experimental methods and set-ups than used at present have to be 
developed to be able to validate the modelling and to obtain the required input 
parameters. 

17.2 Modelling 

17.2.1 Balance Equations 

The basic equations of continuum mechanics are the balance equations. In their 
local form, the equations for mass, momentum, moment of momentum and en¬ 
ergy read, respectively: 


p + pV.v = 0 

(17.1) 

V.a c + pf = pit 

(17.2) 

a = a c 

(17.3) 

pe = a : D — V.fa + pr^ 

(17.4) 


in which v the velocity, p the density, a the Cauchy stress tensor, f the specific 
body force, e the internal energy, h the heat flux vector and the specific 
heat source. In the following, constitutive relations will be presented for the 
stress and the density in terms of the kinetics of the different phases. Details on 
constitutive models for the other quantities, such as internal energy and heat 
flux can be found in literature, see for example [5]. 

17.2.2 Constitutive Equations 

17.2.2.1 Viscoelastic Stress. A general expression for the evolution of the 
Cauchy stress tensor a is given by [9] 

a + A- cr + a A c = 0 


(17.5) 
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where A is the slip tensor (also known as the plastic deformation rate tensor 
D p ) which takes into account the non-affine deformation of the molecules and 
the upper convective derivative of the Cauchy stress tensor is defined by 

a=&-L-a-a-L T (17.6) 

The Cauchy stress a is related to the recoverable strain tensor B e according to 

a = GB e (17.7) 

in which G is the elastic modulus. Once the viscoelastic stress is known, the 
recoverable strain is also defined by (17.8). With the definition of the extra 
stress tensor r = G(cr — I) and the upper convective derivative of the unity 

v 

tensor 1 = —2D, it follows 

t + A • r + r • A c + G(A + A c ) = 2GD (17.8) 

For a realistic description of melt behavior a multi-mode model has to be used: 

n 

<T = —pl + ^Vj (17.9) 

4=1 

Most known models are captured within the following definition of the slip tensor 


A — Qyo" T ^ T O 3 I (17.10) 

by a certain choice for the parameters ay, 02 and 03 . They are given for the 
Upper Convected Maxwell model (as an example: it is the most simple model 
for viscoelastic stress) the Leonov model and the extended Pom-Pom model in 
Table 17.1. The Extended Pom-Pom model has a generalized relaxation time X g 
defined by 


1 1 0 : cGL a . a 2 / 1 

9 = X ob A 2 “ 3G 2 X 0b A 2 Al V I 


(17.11) 


Table 17.1. Definition of the slip tensor for the upper convected Maxwell (UCM), the 
Leonov and the Extended Pom-Pom model (taken from [8,10]). 


Model 

ai 

OL2 

ot 3 

Ref. 

UCM 

0 

G 

2 A 

1 

2A 

[10] 

Leonov 

1 

4GA 

G 

4A 

X a -G 2 X n . 

12GA 

- [10] 

Extended Pom-Pom 

a 

2GX 

G(l-a) 
2 A 

1 

2 Ag 

[8] 



17 Flow-Induced Crystallization of Polymers 315 


with a material parameter a , which defines the amount of anisotropy in molecular 
friction and (Brownian) motion (i.e. reptation) and the molecular stretch A. Two 
different relaxation times are defined, namely the relaxation time of the backbone 
orientation Aob and the backbone stretch A s . Slip tensors for some other, well 
known constitutive equations can be found in [9,10]. 

The upper convected Maxwell (UCM) model can describe different aspects 
of linear and non-linear viscoelastic behavior of a polymeric fluid by using multi 
modes. Linear behavior can be predicted accurately, while the non-linear vis¬ 
coelastic regime is only described qualitatively. It can predict a first normal 
stress difference in shear, strain hardening in elongation and stress relaxation 
after cessation of flow. However, shear viscosity and the first normal stress dif¬ 
ference are predicted to be independent of shear rate, and extensional viscosity 
can become infinite for finite extensional rates [12]. The differential equation of 
the UCM model is given by 

r + -t = 2GD (17.12) 

A 

The UCM model is fully determined using linear viscoelastic data only. 

The Leonov model can describe the (non)-linear viscoelastic behavior of a 
polymeric liquid in shear rather well by using multi modes. Elongation is poorly 
described [12]. The differential equation of the Leonov model is given by 

r • r - ^ [J (r+G p - + Gl) = 2GD (17.13) 

(a) 

The Leonov model is, like the UCM model, determined by the linear viscoelastic 
data only. For incompressible, planar deformations part (a) of (17.14) is equal 
to zero. The Leonov model is in this case equivalent to the Giesekus model with 
the parameter a in the Giesekus model equal to 0.5. 

The Pom-Pom model was proposed by McLeish and Larson [7]. It describes 
the strain hardening in elongation and thinning behavior in shear for branched 
polymers. They defined an idealized molecule, the ’Pom-Pom’, which consists of 
a backbone with a number of branches at each end. A key feature in this model 
is the separation of stretch and orientation of a polymer molecule. Verbeeten et 
al. [8] proposed an extended version of the model which also predicts a second 
normal stress difference. Excellent quantitative agreement with measurements 
of branched (LDPE) and linear polymers (HDPE) was found by using a multi 
mode version. The extended Pom-Pom model is given by 


r + A (t)- 1 - t = 2GD 


with inverse relaxation tensor 


A(r)- 1 


1 

^0 b 


G 


T + 


1 

f( T ) 


I + G 


1 

f( T ) 



(17.14) 


(17.15) 


(a) 
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and extra function 


1 

Aob/O) 



1 

AobA 2 


1 - 


ofZr. r ''i 
3G 2 ) 


(c) 


Backbone stretch and stretch relaxation time are defined as 


A 



A s = A 0s exp(-jz(A - 1)), 


2 

v = — 

q 


(17.16) 


(17.17) 


in which q is the number of branches. Parameter a (a > 0) describes a Giesekus 
type of anisotropy [13]. This parameter influences the second normal stress diffe¬ 
rence only. The Extended Pom-Pom model is equivalent to the original (approxi¬ 
mative) Pom-Pom model for a = 0. The orientation relaxation times of the back¬ 
bone Aob are obtained from linear viscoelastic data. The number of branches q, 
the stretch relaxation times A s and the anisotropy parameter a have to be deter¬ 
mined for each mode. This large number of parameters seems to be a drawback. 
A physical guideline related to the structure of the Pom-Pom molecule can be 
taken into account. The free ends of the molecule correspond to fast relaxation 
times and no or less branches. Towards the center of the molecule, relaxation 
and branches will increase. Moreover, the stretch relaxation time is constrained 
in the interval A 06ji _i < A 0s ,i < Xob,i- 

Stretch and orientation are gathered in one equation in the extended Pom- 
Pom model. In case of a = 0 two situations can be distinguished: 

• Only orientation relaxation for low strains (Awl; part (a) and (b) of (17.16) 
and (17.17) are equal to zero.) 

• Only stretch relaxation for high strains (A >> 1; part (c) of (17.17) is equal 
to zero.) 

Verbeeten [ 8 ] showed that the described parameter trends are obtained auto¬ 
matically using a non-linear fitting procedure. 


17.2.2.2 Crystallization. Non-isothermal crystallization of spherulites is de¬ 
scribed by the Schneider’s rate equations [14,15], a set of differential equations, 
which give the structure developing for quiescent conditions. Mean number of 
spherulites and their mean radius, surface and volume are calculated from: 


0 3 

= 8710 : 

(03 

= 8nN) 

'rate' 

(17.18) 

0 2 

= Gtj> 3 

(02 

= 8n Rtot) 

'radius' 

(17.19) 

01 

= <?0 2 

(01 

= S tot ) 

'surface' 

(17.20) 

00 

= G(f>i 

(00 

= v tot ) 

'volume' 

(17.21) 

00 

= -!n(l -£<?) 



'spacefilling' 

(17.22) 


with the nucleation rate a and the growth rate G. Impingement of the spherulites 
is captured by an Avrami model, (17.23). The morphology is described per unit 
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volume by the total volume of spherulites V to t, their total surface S to t, the sum 
of their radii R tot and the number of nuclei N. The relation of these parameters 
with tpi is given between brackets. The number of nuclei and the growth rate 
have to be measured as a function of temperature. 

The very often used Avrami equation (17.23), which describes space filling 
in case of isothermal crystallization for which all nuclei appear at to and where 
the growth rate is constant for t > to, is given by 


S,g = 1 - exp 




(17.23) 


with t 0 the time that the crystallization temperature was reached. Notice that 
the Avrami equation is a special case of the Schneider rate equations as shown 
in [4]. 

For flow-induced nucleation and crystallization Zuidema et al. [5,16] proposed 
a modification (Sj2-model) for the shear-induced crystallization model of Eder 
and Janeschitz-Kriegl [4], which gave a good description of the flow-induced 
structures obtained in their experiments. Zuidema et al. used the recoverable 
strain modelled with a Leonov type of model as a driving force for flow-induced 
crystallization. It was demonstrated that the flow-induced structure correlated 
most strongly with the viscoelastic mode with the highest relaxation time. There¬ 
fore, only the second invariant of the deviatoric part of the recoverable strain 
(■MB*) = 1/2 B/ : B/) corresponding with the maximum rheological relax¬ 
ation time was used. This invariant is a measure for the molecular orientation 
[12]. With the Sj2-model, non-isothermal crystallization of cylindrical structures 
(which are for convenience called shish-kebabs) can be described. It has the same 
structure of differential equations as the Schneider rate equations. Mean number 
of shish-kebabs and their mean length, surface and volume are calculated from: 


/' , Z’ 3 

V>3 4- 

T n 

= 8tt J 2 g' n 

(V’a 

= 8t iN f ) 

'rate' 

(17.24) 

V> 2 H- 

=m4 

(V’O 

= 4tt L tot ) 

'length' 

(17.25) 

n 

9n 


i’l 

= gv> 2 

(Vh 

= Stot) 

'surface' 

(17.26) 

V’o 

= Gipi 

(V’o 

= Vtot ) 

'volume' 

(17.27) 

V’o 

= - ln(l - f g ) 
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with the driving force Jo, the growth rate G, the scaling factors g' n and g[ to 
describe the sensitivity of the flow-induced nuclei and length on Jo, and the 
characteristic times r„ and r; to describe the relaxation behavior of the flow- 
induced nuclei and length. Impingement of the cylindrical structures is captured 
by an Avrami model, (17.29). The morphology is described per unit volume 
by the total volume of shish-kebabs V to t, their total surface S to t , the sum of 
their lengths L to t and the number of flow-induced nuclei Nf. The relation of 
these parameters with t/y is given between brackets. Eder’s rate equations are 
obtained by replacing Jo by a scaled value of the shear rate squared. 
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Molecular orientation will generate extra nuclei, (17.25). When the orien¬ 
tation is strong enough, these nuclei can grow in one direction, (17.26). The 
radial growth rate of the cylindrical structures is taken equal to the spherulitical 
growth rate. Of course, other choices for the radial growth dependent on J 2 are 
possible. The relaxation time r; is in general taken very large, because reduction 
of length can only occur via melting. 

Zuidema [5,16] considered nucleation to act as physical cross-linking. Con¬ 
sequently, an increased number of nuclei causes an increase in the rheological 
relaxation time. A simple, linear relationship between flow-induced nuclei and 
the highest rheological relaxation time was chosen. 

A max = ^T(T)\o^ m ax (17.29) 

with Ao y rnax the highest rheological relaxation time at a reference temperature, 
clt the shift factor and (3 a scaling factor that describes the interaction between 
nuclei and rheology. Consequently, the scaling factors (3, g' n and g[ should be 
measured as a function of flow conditions. 

The concept of the equivalence of physical cross-linking and nucleation in 
the Leonov model can be used in the Pom-Pom model in rather natural way. 
Increase in the number of nuclei gives an increase in the number of branches and 
relaxation time. This means that the scaling factor (3 in (17.30) is related to the 
number of branches in the Pom-Pom model. 

In the case of flow, both spherulitical and flow-induced structures contribute 
to the degree of space filling, depending on the influence of J2. The Avrami 
model for impingement is then described by 

'(’o + V’o = — ln(l — £ g ) (17.30) 

There are two big advantages when applying the Pom-Pom model to the 
linear polymers used in this study. First, both elongation and shear data can be 
described excellent with the same set of fitting parameters. Second, the physical 
description that serves as a basis for this model (i.e. the Pom-Pom molecule) 
results in a more transparent model. The physical cross-linking process, as pro¬ 
posed by Zuidema et al. [5,16], can be related to the increase in the number of 
branches during crystallization. 


17.3 Results 

The most important features of the model will be demonstrated by some illus¬ 
trative examples. A more extensive treatment of these results can be found in 
[5,16] and [17]. 

Zuidema [5,16] predicted the position of the transitions of different flow in¬ 
duced layers in a slit flow as measured by Jerschow [18]. He considered only shear 
flows and, therefore, used the Leonov model for viscoelastic modelling since this 
model gives an excellent description of viscoelastic shear data. Postulating that 
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Fig. 17.1. Measured (*) thickness of the boundary of the flow-induced layer for differ¬ 
ent shear times (from [18]), together with the numerically determined position of this 
boundary (solid line) for a wall shear rate of 79 (left) and 115 [s _1 ] (right). 


variables describing the flow induced structure should be the same at these tran¬ 
sitions, and determining the values from one independent experiment, he could 
reproduce the transition position for a broad range of deformations (two differ¬ 
ent wall shear rates, many different shear times). Figure 17.1 shows the position 
of the transition between the highly oriented layer near the duct wall and the 
fine grained layer next to it. Predictions are within the experimental scatter. 

Next, it was demonstrated that the model could predict qualitatively (for 
most materials used in literature the required data set is missing) a wide range 
of observations on flow induced crystallization as reported in literature. Two ex¬ 
amples are given here. In Fig. 17.2 shows for a continuous, isothermal shear flow 
at different, constant shear rates the induction time, the time that a noticeable 
rise in the viscosity is found [19]. The induction time decreases dramatically if 
some critical shear rate is exceeded. 



Fig. 17.2. The calculated induction time using parameters of the iPP Daplen KS10 
(Borealis). Measurements (^) after Lagasse [19]. 
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Although the data set of a different iPP (Daplen KS10, Borealis) was used in 
the numerical simulations, the same behavior as with the experiments is found. 

Vleeshouwers and Meijer [20] used three iPP’s with different molar mass 
distribution in their experiments. After a well defined shear treatment of the 
melt, using a cone and plate configuration, at an elevated temperature, and a 

. f. 

subsequent quench to the crystallization temperature, the storage (G ) and loss 
modulus (G ) were monitored. The rise in the moduli was used to determinethe 
the induction time. Experiments at a constant total shear treatment showed that 
increasing the shear rate (and consequently decreasing the shear time) lowers 
the induction time (Fig. 17.3, right). Using the data for the iPP Daplen KS10, 
Borealis, crystallization kinetics are calculated, using a temperature profile that 
resembles the one Vleeshouwers [20] used, and induction times are calculated for 
a constant total shear of 7 = 250[—]. Results are given in Fig. 17.3. The model 
confirms the experimental observations in a qualitative way. The measurements 
indicate the presence of a plateau region at low shear times. This probably is 
related to the difference in startup behavior of the materials. The experiments 
with a. constant shear rate during various shear times show a strong decrease in 
induction time in the low total strain region (low shear times), while in the high 
total strain region (high shear times) the induction time decreases much more 
gradually. Again, the calculated induction times confirm this observation in a 
qualitative way. 



Fig. 17.3. Left.: Measured induction time for a constant, shear rate (7 = 5[s 1 ]) and 
different shear times (•), the induction time for a constant total shear (7 = 250[—]) 
and different shear rates (■). Right: The corresponding predicted induction times (—: 
S(j‘ Z model, — • —: Eder model). 


Swartjes [17] studied extensiona.l flows and. thus, he used also the Pom -Pom 
model since this model is superior in describing both, shear and extensional 
rheological behavior. A special cross-slot flow cell was developed enabling bire¬ 
fringence and time resolved WAXS measurements, see Fig. 17.4. To create a flow, 
an outer ring with two cams is rotated. Measurements and numerical results re¬ 
late to the central part (2x2 mm) of the flow cell where a planar elongational 
flow around the stagnation point is present. 







17 Flow-Induced Crystallization of Polymers 321 



Fig. 17.4. Main dimensions in mm of the cross-slot flow cell. 


One of the major outcomes, both, experimentally and numerically, was a 
highly oriented narrow strand (« 80 /mi) of a fibre-like crystalline structure 
around the outflow centerline that developed at a relatively high temperature 
of 149° ( 7 , a temperature at which noticeable quiescent crystallization effect 
takes hours. This is shown in Fig. 17.5, where the integrated WAXS intensity is 
given for the (110) refection as a function of the azimuth angle and the position 
perpendicular (y-coordinate) and parallel (x-coordinate) to the outflow direction. 
These results were obtained with the micro-focus-beam-line ID 13 (beam size 
30 fim ) at the European Synchroton Radiation Facility (ESRF). 


12000 
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12000 



r i -0 1 270 
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Fig. 17.5. WAXS intensity for the (110) reflection vs azimuthal angle and position on 
the inflow center line (left) and on the outflow center line (right). 


From numerical simulations a qualitatively similar result was found, see 
Fig. 17.6. which shows the computed flow-induced mean space filling (the flow is 
essentially three dimensional) in the cross-slot flow cell. For symmetry reasons, 
only a quarter of the central area of the flow cell is shown. A very sharp, highly 
crystalline, narrow band is found also with the numerical simulations. Taking a 
level of 20% space filling as a threshold, the band has a width in the order of 
100 fim. 

Finally, some examples of predicted structure distributions for injection 
moulding flows are presented. With injection moulding a cold mould is filled 
at high speed during which a solidified layer is growing from the wall. At the 
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Fig. 17.6. Predicted mean flow induced space filling as a function of the position. 


transition from this solidifying layer to the melt, the relaxation times of the 
melt become rather high, strongly increasing the effect of the flow gradients on 
the crystallization behavior. At the free surface of the progressing polymer (the 
flow front) hot material from the core moves towards the cold walls, experiences 
a complex deformation history and is cooled rapidly when it reaches the wall. 
These combined flow phenomena can create rather complex structure distribu¬ 
tions in the sample. For example, sometimes a double oriented layer is found 
with an un-oriented, fine-grained spheruiitical layer in between, see Fig. 17.7. 

Results for two processing conditions of molding of iPP are compared. Figs. 
17.8 and 17.9 show the specific total shish length and the specific total amount 
of oriented material at three different locations in a rectangular mold. The dif¬ 
ference between the two simulations is the injection speed. The lower injection 
speed, Fig. 17.9, generates a two layer configuration, similar to what is seen in 
Fig. 17.7, that varies along the mold cavity. A more extended set of results, 
based on a varying different processing parameters can be found in [5]. 



Fig. 17.7. Microscopic structure of cross-section near surface of a 1 mm injection 
molded plate. Showing the ‘skin layers’ (A), ‘transition layer’ (B), ‘shear layer’ (C) and 
‘fine grained layer’ (D). 
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Fig. 17.8. The distribution of the flow-induced oriented structure across the thick¬ 
ness of the injection molded product close to the gate (top), far from the gate 
(bottom) and in between (middle). . Processing conditions: Tmj = 430/\'. Q = 
4.65 10~ 4 m 3 s^ 1 ,T wa tt = 393/1. Left side: total shish-length, right side: volume per¬ 
centage oriented material. 




Thinness [r| 


Fig. 17.9. The distribution of the flow-induced oriented structure across the thickness 
of the injection molded product close to the gate (top), far from the gate (bottom) and 
in between (middle). Processing conditions: Ti n j = 430/1, Q = 1.16 10~ 4 m 3 s —1 , T wa u = 
393 K. Left side: total shish-length, right side: volume percentage oriented material. 


17.4 Conclusions 

A computational model for the simulation of flow induced nucleation and crys¬ 
tallization is presented. The model gives a detailed description of both, quiescent 
and flow-induced crystallization for any thermal-mechanical history. The advan¬ 
tage of the use of this model is the dependence of nucleation rate and growth on 
a (molecular) strain measure rather than the macroscopic shear rate. Improve¬ 
ments or other dependencies can be easily inserted (for example a deformation 
depended growth rate). The dependence of rheology on nucleation is described by 
physical cross-links (Leonov) or an enhanced number of branches (Pom-Pom), 
resulting in an increased relaxation time. The sensitivity of this relation between 
number of nuclei and rheological relaxation time has to be measured. 
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For comparison with experiments an extended set of material parameters is 
required. The lack of (part of ) these data is the reason that until now most of 
the comparisons are still of qualitative nature. A more quantitative comparison 
is needed for validation and, if necessary, improvement of the model. 
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Abstract. A Continuous Cooling Transformation (CCT) procedure can be used to 
distinguish the initial “state” of the amorphous PET samples produced upon solid¬ 
ification from the melt at different cooling rates. The material frozen at this stage 
behaves as a rubber when brought above the T g due to the onset of physical cross 
links. The rubber is not a stable network, however, since physical cross links may even¬ 
tually dissolve. Their size distribution, and possibly their number, depend on cooling 
rate and ageing. Some may be even stable above the glass transition and act as nuclei 
for further crystallization from the glass. Upon increasing cooling rate, size distribu¬ 
tion becomes smaller and stability of physical cross links decreases. Ageing may give 
rise to the onset of further physical cross links or may affect the stability of the ones 
already set in depending on cooling rate, i.e. on how is constrained the initial network 
structure. 


18.1 Introduction 

Poly (ethylene terephthalate) (PET) is usually obtained as an amorphous poly¬ 
mer when solidified from the melt under most of the processing routes with 
a possible exception of high speed spinning. However, unlike completely amor¬ 
phous polymers, PET can also be obtained in a semicrystalline state when the 
cooling conditions match its slow crystallization kinetics. Polycarbonate (PC) 
also crystallizes, but to a very moderate scale that it is often considered as an 
amorphous polymer. Yet, there are some interesting properties that associate 
these two polymers. In the amorphous state, PET shows some peculiar mechan¬ 
ical properties such as high modulus and toughness that are quite uncommon to 
amorphous materials. PC also shows, although to a lesser extent, similar behav¬ 
ior. On the other hand, these two materials, though crystallizable under suitable 
conditions, show a significant departure from the properties of crystalline poly¬ 
mers. PET, for instance, which is tough in the amorphous state becomes more 
and more brittle with increasing crystallinity. Nevertheless, this apparently clear 
contradiction is not often recognized in the literature and PET is usually con¬ 
sidered as a semicrystalline material while PC in contrast as an amorphous. 

In transformation operations such as reheat stretch blow molding of bottles, 
heat setting, production of films and fibers, etc., processing of slowly crystal¬ 
lizing polymers like PET is usually accomplished starting from the amorphous 
state. Obviously, the physical and mechanical properties of such products will 
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be directly or indirectly influenced by the properties, and therefore by the mor¬ 
phology, of the starting “amorphous” polymer. Besides, thermal gradients arising 
during cooling give rise to a layered structure and as a result the material expe¬ 
riences a wide range of cooling conditions during solidification. Yet, since PET 
is a slowly crystallizing polymer, it will remain practically amorphous under all 
such conditions although this does not imply that the amorphous structure is 
not affected by these conditions. 

To date, the ageing and crystallization behavior of amorphous PET, its struc¬ 
ture as well as its properties, have been studied by many resaerchers. In spite of 
the vast number of available works, neither the scientific approaches nor the tech¬ 
nical practices give specifications on how the quench is performed to obtain the 
starting amorphous PET. Descriptions about the thermal history experienced 
by the material during quenching are not available. In other words, no attempt is 
made to describe the initial state of the amorphous material. Although it would 
seem unconceivable to define an initial state for a material far from equilibrium, 
it is possible, however, to trace the initial state by adopting a similar cooling 
rate range upon quenching the material from the melt as proposed in this work. 

18.2 Continuous Cooling Transformation (CCT) of PET 

It has been recently shown that a Continuous Cooling Transformation (CCT) 
procedure can be applied, for quiescent conditions, to determine the solidification 
behavior of polymers under a wide spectrum of cooling rates matching those 
usually adopted in polymer processing. The characteristic description of this 
behavior is the density dependence on cooling rate, which when combined with 
other structural probes, may add information on the phases formed and their 
pertinent cooling rate window. Apart from time dependent ageing phenomena, 
stable phases form preferentially at low cooling rates with a slow rate of change 
of density with cooling rate. With increasing cooling rates, phases of decreasing 
stability occur first [1] followed by metastable phases [2] and eventually the 
amorphous phase at the highest cooling rates. Normally, the connections between 
the cooling rate window of each phase are characterized by a sharp drop in 
density. 

In this regard, a previous work which has examined the CCT behavior of a 
PET (IV 0.62) with reference to the phases formed in detail may be cited [3] in 
which it was pointed out that (see Fig. 18.1): 

• the stable triclinic phase is observed for cooling rates below ~l°C/s and 
the density is seen to slowly decrease with increasing cooling rate down to 
1.38 g/cm 3 ; 

• an abrupt change in density from 1.38 to 1.34 g/cm 3 between ~1 and ~3°C/s; 

• in this interval the stable triclinic phase disappears well before the minimum 
density is reached as can be deduced from the broad halo typical of the amor¬ 
phous phase observed in the WAXD patterns; 

• the linear relationship between latent heat of crystallization (obtained by DSC 
upon cooling from the melt) and density shows a discontinuity at a density 
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Fig. 18.1. Density, microhardness and some exemplyfying WAXD patterns of PET 
solidified by the CCT procedure and by DSC vs cooling rate. 


of less than 1.35 g/cm 3 (at ~2°C/s) below which a “residual” very low and 
almost constant latent heat, incompatible with the onset of an amorphous 
phase, is observed; 

• Lorentz corrected SAXS patterns show the existence of a long periodicity even 
above 2°C/s becoming very broad with increasing cooling rates; 

• above 3° C/s the density decreases very slowly and reaches the value typical for 
the amorphous phase of PET (1.335 g/cm 3 ) at ~100° C/s which is maintained 
up to the maximum cooling rates achieved, ~7000°C/s; 

• microhardness (MH), in contrast to density, shows a considerable sensitivity to 
cooling rate above 3°C/s and reveals a different morphological arrangement. 


18.3 Physical Cross Links vs Entanglements 

So based on these observations it has been assumed that a state of intermediate 
order exists in the amorphous phase of PET when solidified under quiescent 
conditions [3]. Microhardness (MH) measurements show that this state of inter¬ 
mediate order affects mechanical properties plausible if one thinks of crystalline 
clusters of intermediate order dispersed in the amorphous polymer. They will 
be called as physical cross links hereafter to avoid confusing them with entan- 
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glements as their nature, not yet identified, may be determined by different non 
topological sources. 

The amorphous phase is indeed a glass at room temperature and it is reason¬ 
able to think that the excess free volume frozen during quenching may provide 
sufficient space for local mobility in such a way as to determine the onset of crys¬ 
talline clusters at some stage of the solidification process. So far, there are only 
conflicting evidences on this possibility in the literature and it should be empha¬ 
sized that these arguments are just only speculations. As an extreme example it 
is known that glassy PET may even crystallize below the T ff if a suitable stress 
state is applied [4]; this behavior is not only related to the mobility arising from 
the excess free volume frozen during quenching. 

This subject is certainly complicated since the stability of physical cross links 
should not only be treated by equilibrium thermodynamics arguments. It is not 
known, for instance, whether the physical cross links could be identified as a true 
mesomorphic phase [5]. The coherence of the concept of paracrystallinity [6] is 
not clear since a paracrystal is defective per se and its stability does not neces¬ 
sarily depend on external constraints. Such constraints, which play a significant 
role on the departure from equilibrium, may depend not only on the frozen-in 
cooperative motions in the glassy state but also on the physical cross links them¬ 
selves as the latter can act as obstacles to the elementary motions. Furthermore, 
the relationship of physical cross links with the so called rigid amorphous phase, 
frequently reported in semicrystalline PET [7-9], is not clear. 

Physical cross links, as intended here, have also been inductively identified 
by other authors under different circumstances. Imai et al. [10] have given exper¬ 
imental evidence of a spontaneous nematic transition in PET already postulated 
by Doi et al. [11] on rigid chain polymers. On the basis of SANS experiments at 
88°C a transition was observed to take place by spinodal decomposition at the 
early stages of crystallization due to the increase of trans conformations of the 
ethylene moieties. Fukao et al. [12] have shown the onset of an cb relaxation prior 
to the crystallization of PET by dielectric spectroscopy. Qian [13] has extensively 
studied the conformational changes occurring in different polymers by FTIR. He 
postulated the occurrence of cohesional entanglements, which according to him, 
arise if sufficient free volume is frozen upon quenching from above the T ff . They 
are however unstable and sub-T ff annealing would cancel their effect. His view¬ 
point is different from the previous authors since it assumes that the cohesional 
entanglements arise due to the energy driven spontaneous self assembly of chain 
segments. The nematic transition observed by Imai and also the cb relaxation 
observed by Fukao may presumably arise simply due to short range interactions 
and therefore due to chain rigidity. 

Other works have observed the influences of physical cross links on the crys¬ 
tallization behavior and on the properties of the amorphous phase. Ageing was 
shown to enhance crystallization above T ff thus invoking an increase of nucle- 
ation density in the amorphous polymer [14]. This behavior has been recently 
disputed since a maximum of crystallization rate vs. ageing time was observed 
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and interpreted as the coexistence of two opposing mechanisms: a decrease of 
mobility should indeed take place for long ageing times [15]. 

The Continuous Cooling Transformation (CCT) approach seems however the 
most promising method to control the morphology of amorphous PET [2] giving 
rise to sensible structural variations as recently shown by a Small Angle X-Ray 
Scattering (SAXS) study [16]. With this method it is possible to continuously 
change a relevant processing variable, i.e. the cooling rate, with the constraint 
that the him obtained is homogeneous [17]. 

In this work the dependence of physical cross links on cooling rate will be 
reported on the basis of its influence on the crystallization kinetics from the 
glass [18]. Nevertheless, whether all physical cross links frozen during quenching 
act as nuclei is questionable as they may cancel out upon heating above the T ff 
and may even act as constraints for the subsequent crystallization. An attempt 
to analyze the stability of physical cross links is made with a rejuvenation pro¬ 
cedure and comparing the results obtained on aged samples as well as on a non 
crystallizable amorphous polymer, polymethylmethacrylate (PMMA). 


18.4 Sample Preparation and Test Procedure 

The materials used were a PET resin (IV =0.62 dl/g, Mw=39000) kindly sup¬ 
plied by Mossi & Ghisolh Group and a commercial extrusion grade PMMA. PET 
was dried at 170°C for 7 hrs in vacuum. Films of ca 200 fi m were also prepared 
in vacuum by compression molding of the dried pellets. 

Details on the experimental CCT approach have been reported previously [3]. 
A systematic analysis of the heat transfer conditions necessary for obtaining a 
homogeneous sample has also been examined [17]. In this approach samples of 
PET are first held in the melt at 280° C for 5 min in a nitrogen ambient and 
afterwards quenched to ca 0°C by spraying a cooling fluid while recording the 
temperature history. Desired cooling rates are obtained by a proper choice of 
the cooling fluid (water or air) and its flow rate. Cooling rates ranging from 2 
to well above 1000°C/s were used to prepare apparently amorphous samples, 
(see Fig. 18.1). PMMA samples were also obtained with the same procedure al¬ 
though only one cooling rate, of ca 10°C/s was adopted. The comparison of the 
initial state of PET is made on samples with slightly different cooling rates since 
the results presented are collected from different preliminary works. The simi¬ 
larity of the initial state can however be immediately recognized once reference 
is made to Fig. 18.1 and to the features previously discussed. 

A gradient column filled with a solution of n-heptane and carbon tetrachloride 
having a resolution of 0.0001 kg/L and a repeatability within 0.0002 kg/L was 
used for density measurement at 25° C. Each sample was properly checked against 
entrapped air bubbles using a microscope and afterwards degassed before being 
introduced into the column. An average of five samples were analysed for each 
test condition. 

Microhardness measurements were carried out using an MHT-10 Vickers in- 
denter by Anton Paar. Peak forces of 0.1, 0.15 and 0.25 N were used to correct 
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for instantaneous elastic recovery [11] and an average of five measurements were 
done with each force. The microhardness, was calculated from the residual 
projected indented area using the relation: 

Hv = 2F sin( °‘J 2) = 1.854 (18.1) 

where is the microhardness in Pa, d is the mean diagonal length of the 
projected impression in meters, F is the peak force in Newton and a the included 
angle between two non adjacent faces (136° for the Vickers indenter). 

Crystallization temperatures upon scanning at different heating rates and 
melting enthalpies were measured with a Perkin Elmer DSC 7 fluxed with dry 
nitrogen and calibrated for temperature with indium on heating at 10°C/min. 


18.5 Isothermal Crystallization of Glassy PET 

Isothermal crystallization of quenched samples was analysed as a function of 
initial cooling rate in order to determine its influence on nucleation density and 
therefore on the onset of stable crystal nuclei. The crystallization experiment 
was carried out by immersing the samples in an agitated thermal bath filled 
with silicon oil. Temperature was kept at 100°C±0.2°C. At the end of specified 
crystallization times, the samples were quenched (always at the same cooling 
rate) in an ethylene glycol bath maintained at -25°C. Analysis was made by 
measuring the density of these samples. This procedure was followed mainly 
because it was difficult to apply time resolved density measurements. Further 
experimental details are reported elsewhere [18]. 

Figure 18.2 shows that density increases with annealing time at 100°C and 
the final plateau density always attains the same value around 1.38 kg/L. Crys¬ 
tallization rate decreases with samples cooling rate although no difference is 
observed on further increasing cooling rate above ca 100°C/s. If this behavior 
is due to a difference of nucleation density associated with the occurrence of a 
precrystalline order, of what we have called physical cross links, then it is possi¬ 
ble to deduce that the initial state of the amorphous quenched samples plays an 
important role on the density and size of the physical cross links. If one assumes 
that the mechanism of crystal growth is the same for all of these samples and 
that only nucleation is affected by the initial state of the material, then the ratio 
of the nucleation density of the 2° C/s sample to that of the sample quenched 
at 100°C/s will be 2.3. In this case, however, it will be logical to ask if only 
such difference in nucleation density is responsible to produce the differences in 
density and microhardness (see Fig. 18.1) observed between these samples at 
the beginning of crystallization. In other words, if such nucleation density ratio 
represents the actual number of nuclei frozen in the samples during quenching 
or if it refers only to the stable nuclei at the isothermal crystallization temper¬ 
ature, supposing that those physical cross links smaller than the critical nuclei 
size should have rapidly dissolved. 
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Fig. 18.2. Isothermal crystallization of PET amorphous samples quenched at different 
cooling rates. Density is measured on samples held for diferent times at 100°C. 


18.6 Rejuvenation Procedure 

Thermodynamics suggests that there exists a distribution of sizes of clusters (i.e. 
physical cross links) below the equilibrium melting temperature. This means 
when the sample is brought to the crystallization temperature, those clusters 
with sizes greater than the critical dimensions will remain stable upon tempera¬ 
ture fluctuations, whereas the others may cancel out. However, the dynamics of 
this process may also be influenced reciprocally by the morphology of the amor¬ 
phous phase itself constrained by the occurrence of physical cross links. So, it is 
attempted to clarify this role by making rejuvenation tests on these samples. 

The rejuvenation procedure, schematically shown in Fig. 18.3, includes 
quenching the sample from the melt at a given cooling rate dT/dt|i, and when¬ 
ever ageing is involved, maintaining it at a constant ageing temperature, T ag , for 
different times, t ag , (ageing step), heating it rapidly (in about 10 s) to the rejuve¬ 
nation temperature, T re j, keeping it at this temperature for different times, t re j, 
and finally cooling it to room temperature with a constant rate dT/dt| 2 . The 
samples were then analyzed by microhardness measurements and DSC scans. A 
similar procedure was also applied to a PMMA sample. PMMA was chosen in or¬ 
der to compare the behavior of PET with that of a non crystallizable amorphous 
material. T ag was chosen to be about 35°C below T ff while T re j was chosen 10°C 
above T ff . The latter, as measured by DSC, on freshly quenched samples was 77 
and 115°C for PET and PMMA respectively. At this point, however, it is good 
to note the experimental limitations of the whole procedure adopted which can 
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Fig. 18.3. Rejuvenation procedure. Samples properties are measured at room temper¬ 
ature after solidification from the melt at different cooling rates dT/dt|i, ageing at 
Tag ^T g -35°C, rejuvenation at T re j ^T g +10°C for different times t re j. 


be clearly understood from the dispersion of the data collected and reported in 
the sections below. They probably derive from the cumulative propagation of 
errors due to the complex thermal treatment the tested samples underwent. 

18.7 Results 

The dependence of the maximum crystallization rate temperature, T c , measured 
by DSC at different heating rates is shown in Fig. 18.4 for a PET sample pre¬ 
viously quenched at 100°C/s. Under most circumstances a minimum of T c with 
rejuvenation time at 87°C, t re j, is observed. It becomes more pronounced with 
increasing DSC heating rate and tends to cancel out at the minimum heating 
rate adopted (2.5°C/min). Since in most cases the minimum is observed at t re j 
of ca 25 s, then it is clear that at a heating rate of 2.5°C/min the time spent 
above the T ff is relatively so high that it cancels out the observed phenomenon. 
Thus the minimum must be related to the occurrence of two competitive phe¬ 
nomena both with time scales of few tens of seconds. Noting that a decrease in 
T c is related to a faster crystallization kinetics, it is possible to infer that the 
minimum may be related with an increase of physical cross links. In addition, 
it can be observed from the same figure that such effect tends to cancel out on 
further increasing the time spent at 87°C since this temperature is above the T ff . 

By T ff one understands that cooperative motions set in at this temperature 
in a time scale equivalent to that used for its determination. So for a T ff range of 
a few degrees, this time will be a fraction of a minute when using a DSC scanning 
rate of 10°C/min. Therefore, at the rejuvenation temperature 10°C above T ff , 
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Fig. 18.4. Temperature of maximum crystallization rate, T c , for PET rejuvenated 
samples vs rejuvenation time, t re j, at a temperature of 87°C. 


with an apparent activation energy of 330 KJ/mole for the cooperative relaxation 
process of PET [19], the characteristic time would be far lower than 25 s, thus 
implying that the occurrence of the minimum could not be related to the a 
relaxation. 

Although it is clear that the quenched sample is characterized by an excess 
free volume which eventually cancels out even before the sample reaches 87°C, 
it is difficult however to speculate on the nature of the processes occurring. A 
number of questions have to be answered. Are there any physical cross links pre¬ 
viously frozen in the 100° C/s sample during quenching from the melt? Do they 
constrain the material such that it behaves as a rubber even when cooperative 
motions sets in? Before attempting any further interpretation we shall try to 
examine other experimental evidence. 

The crystallization temperature, T c , of fresh and aged samples quenched at 
100° C/s as well as that of sample quenched at 3800° C/s and aged subsequently, 
all three rejuvenated eventually, is compared in Fig. 18.5. Ageing was done at 
60°C for 14 days and T c was obtained using DSC by heating each rejuvenated 
sample at a rate of 10°C/min. The figure reveals that with ageing the dependence 
of T c on rejuvenation time seems to vanish and the aged sample_100 assumes 
a constant value close to the plateau value observed for the fresh sample. The 
temperature at which T c levels off in the case of the aged sample_3800, is slightly, 
although systematically, higher than that of aged sample_100. This independence 
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of T c on rejuvenation time introduced by ageing points out that the source of 
this difference should be present in the samples before ageing. Furthermore, if 
this is due to differences in density of physical cross links, then it implies that 
they are stable at the rejuvenation temperature. 



Fig. 18.5. Temperature of maximum crystallization rate, T c , for PET aged and then 
rejuvenated samples vs rejuvenation time, t re j, at a temperature of 87°C. 


The enthalpy of relaxation at the glass transition temperature of samples 
rejuvenated after ageing reported in Fig. 18.6 further confirms these observa¬ 
tions. While in the case of a sample quenched at 3800° C/s the enthalpy cancels 
out immediately upon rejuvenation, similar to a PMMA aged sample, for an 
aged PET sample initially quenched at 100° C/s however, a residual relaxation 
enthalpy is observed. Even though this enthalpy appears to be small, it is never¬ 
theless higher than those of PET 3800°C/s and PMMA aged samples and does 
not depend on rejuvenation time. 

The source of a residual enthalpy upon rejuvenation above T ff might be 
related to the onset of a rubbery phase in which the excess enthalpy accumulated 
during ageing has not been released due to a constraint. Therefore the behavior 
of the PET quenched at 100°C/s and aged at 60° C should be related to the 
onset of a more constrained network as compared to the other samples. 

The similarity between the 3800°C/s PET and the PMMA quenched and 
aged samples suggests that for a PET quenched at such a high cooling rate 
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Fig. 18.6. Relaxation enthalpy at the glass transition of aged PET and PMMA samples 
afterwards rejuvenated at 87 and 125°C respectively vs rejuvenation time, t re j. 


(3800° C/s) there is a leveling off of the “effectiveness” of the physical cross links 
eventually formed. 

PMMA was here used as a “blank” for which it is implicitly assumed that the 
phenomena observed in PET and discussed in the introduction, i.e., the onset 
of physical cross links, do not occur. In fact PMMA quenched samples do not 
show any time dependent phenomenon on rejuvenation as the comparison of 
the microhardness of rejuvenated fresh and aged samples could show. PMMA is 
therefore used in this context to compare the results obtained on rejuvenation of 
PET with a purely time dependent a relaxation process. This approach may look 
rather primitive, as it is difficult to exclude, even if the same degree of overheating 
(10°C above T ff ) is used for the rejuvenation temperature, the possibility that 
these same processes could occur with a time scale outside the window of these 
experiments. To our knowledge however there are many instances justifying the 
assumption of PMMA as a blank in this context: it is non crystallizable although 
it is a flexible chain polymer, it has a bulky side group and it is a brittle material 
below T ff . 

The results of Figs. 18.5 and 18.6 indicate that there are differences, upon 
rejuvenation, in T c and relaxation enthalpy between samples 100 and 3800°C/s 
after ageing. At this stage it is plausible to assume that ageing could introduce 
physical cross links in favorable conditions. However, as can be clearly seen in 
Fig. 18.1, there is no significant density difference between the as-quenched 100 
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and 3800° C/s samples that could lead us to think of the existence of consequent 
differences in mobility below between them. However, from the differences in 
microhardness between these samples also reported in Fig. 18.1, it shall not be 
difficult to deduce the differences in morphology already present in these samples 
prior to any of the ageing or rejuvenation tests. Therefore the different behavior 
of these samples seen in Figs. 18.5 and 18.6 should be attributed to the thermal 
history that they experienced during quenching. 

The rejuvenation tests made at 87°C on samples 100 and 3800°C/s indicate 
that there exist differences in cross link density between them. However isother¬ 
mal crystallization tests made at a higher temperature (100°C) reveal that the 
crystallization rate is constant for 100°C/s and above suggesting that the size 
distribution of physical cross links of samples quenched above 100° C/s does not 
add any contribution to the nucleation density. It could also be shown [18] that 
upon increasing crystallization temperature at 110°C the differences between 
crystallization half times of amorphous samples quenched at different cooling 
rates become even smaller than those pointed out in Fig. 18.2 for 100°C. This 
observation implies that physical cross links decrease in stability (i.e. decrease 
in size) upon increasing cooling rate. As a consequence although they may be 
generated even at very high cooling rates, their size and therefore their stability 
decreases. However, a definite answer on this regard could come from a more 
thorough investigation of their stability at different temperatures above T ff . 

Thus in the case of the aged 100° C/s sample physical cross links stabilize the 
relaxation enthalpy through the onset of a network structure. The network is 
apparently stable at the rejuvenation temperature although larger temperatures 
may possibly affect its stability. Whether the network is generated by the ageing 
process or it is preliminary to it and therefore dependent on cooling rate can be 
judged by a comparison between fresh and aged samples on the basis of further 
experimental evidence. 

Microhardness measurements of rejuvenated fresh and aged PET are reported 
in Figs. 18.7 and 18.8 respectively. In the case of the fresh (t aff =0) PET sample 
quenched at 3800° C/s microhardness is not affected by rejuvenation time and 
shows the lowest asymptotic value with respect to the other two samples. Al¬ 
though the difference between 3800 and 100° C/s is small, the initial values of 
microhardness are however different as pointed out by Fig. 18.1 and decrease 
with increasing cooling rate. Furthermore a maximum of microhardness vs re¬ 
juvenation time is clearly observed for the 100°C/s fresh sample. Eventually a 
decrease of microhardness with rejuvenation time is also observed for the 5° C/s 
sample. 

Figure 18.8 shows that in the case of aged samples the maxima disappear and 
the microhardness decreases from an initially much larger value with respect to 
the freshly quenched samples. Ageing has modified the morphology introducing 
new physical cross links: microhardness again decreases with initial cooling rate 
although it is now markedly higher for the 5 and 100° C/s samples with respect 
to the 3800°C/s sample. Upon rejuvenation there is a rather fast settling towards 
microhardness values close to the fresh samples. Asymptotic long time rejuve- 
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nation microhardness values of aged samples decrease with cooling rate. This 
value is the same as for the fresh 100 and 3800° C/s samples and slightly higher 
for the 5°C/s sample. Furthermore for the 3800°C/s sample a slight decrease of 
microhardness with rejuvenation time takes place before reaching the plateau. 

The maximum in microhardness observed for the fresh sample quenched at 
100°C/s in Fig. 18.7 resembles the one observed for T c in Fig. 18.4, for the same 
sample. However the decrease of T c cannot be simply related to a decrease of 
free volume as the microhardness data could imply. 

A final experimental evidence comes from the density dependence on rejuve¬ 
nation time of fresh and aged samples shown in Fig. 18.9. Although samples with 
slightly different cooling rates than those previously reported are analyzed this 
time and although the rejuvenation temperature is slightly higher (3°C higher 
than the one used through this work), the similarity of the behavior observed, 
dependent on initial “state”, i.e., on initial cooling rate, can be immediately 
recognized once reference is made to Fig. 18.1 and to the pertinent cooling rate 
window. This is worth to emphasize since it confirms that the CCT approach 
allows to identify the influence of cooling rate on the morphology developed. 



Fig. 18.9. Influence of cooling rate and ageing on time of rejuvenation dependence, 
t re j , of density of PET samples. 


In Fig. 18.9 the density (measured at room temperature) dependence on 
rejuvenation time of two set of samples quenched at ca 2 and 200°C/s is com¬ 
pared with the behavior of the same samples after ageing at room temperature. 
Density of aged samples, after a first rapid increase with rejuvenation time, 
eventually decreases with a slower pace to a final value smaller than the initial 
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one. Because the samples are aged when cooperative motions set in the density 
should decrease and it does so although at long times. Comparison with fresh 
samples shows that the maximum is still observed only for the slowly quenched 
sample (2° C/s) while for the 200° C/s sample density immediately attains the 
equilibrium value at 90° C. This behavior when compared with the results al¬ 
ready discussed makes the role of physical cross links still clearer. The physical 
cross links acting as nodes form a networked structure in the amorphous ma¬ 
trix. So, during rejuvenation a sudden entropic recoil on these nodes eventually 
accompanied by the onset of cooperative motions takes place. In other words, 
the material behaves as a rubber before the maximum and it collapses upon 
releasing the excess free volume. It is plausible that on further increasing the 
rejuvenation time, a slow process of dissolution of clusters, controlled by size 
distribution and thermodynamics, develops. 

Hence, on this basis, it is possible to give a tentative interpretation about the 
behavior of T c and microhardness, respectively shown in Fig. 18.4 and Fig. 18.7, 
for fresh sample quenched at 100°C/s. The minimum in T c and the maximum 
in microhardness cannot be explained solely by a decrease of free volume. T c 
decreases when the number of nuclei increases. Therefore, before the maximum 
occurs the onset of new physical cross links is favored by the decrease of con¬ 
straints and by the local mobility associated with the release of the excess free 
volume frozen during quenching. In addition, the absence of the maximum in 
microhardness observed in Fig. 18.8 for the 100°C/s aged sample, confirms this 
interpretation. In this case, in contrast to the fresh sample, ageing has already 
given rise to a decrease of free volume and therefore a decrease of mobility. 
Therefore the behavior observed on the fresh 100°C/s sample in Fig. 18.7 for mi¬ 
crohardness (maximum) and in Fig. 18.4 for T c (minimum) is based on the same 
mechanism. However, it is also probable that a contribution to the maximum 
of microhardness may also be due to the decrease of free volume, as Fig. 18.9 
suggests. 

These results confirm that the size of physical cross links (and may be their 
number) is affected by cooling rate as well as by ageing. The relationship be¬ 
tween cooling rate and ageing is also qualitatively clear. If cooling rate is small 
the network structure is immobilized by the bigger size (stability) and possibly 
the higher density of physical cross links. Ageing in this case will affect but very 
slightly the density of cross links. For intermediate cooling rates, the network 
is looser and new cross links can be generated. They are however smaller and 
unstable and hence will be cancelled at the rejuvenation temperature. At even 
larger cooling rates, for instance the fresh 3800° C/s sample, the initial density 
and size distribution of cross links is very small and the trend observed for the 
100°C/s sample takes place in a much shorter time window not experimentally 
accessible. Therefore, for fresh samples in the cooling rate window of thousands 
of °C/s physical cross links are mostly generated during ageing. That this is 
indeed the case is shown by the similarity of the microhardness of the 3800° C/s 
aged sample where a faint maximum vs time is observed similar to the fresh 
100°C/s sample. This is also confirmed by the influence of ageing on crystal- 



340 


Stefano Piccarolo, Elena Vassileva, and Zebene Kiflie 


lization from the glass, already observed by other authors [14,15]. Although the 
cooling rate adopted for quenching was not specified, their samples should have 
been severely quenched with cooling rates above 1000°C/s. 

18.8 Conclusions 

Physical cross links arise in PET during cooling from the melt even if the sam¬ 
ple is apparently amorphous. Whether they arise due to a fast nematic ordering 
process [10] or due to the onset of so called cohesional entanglements [13] is not 
clear. However, it is possible to freeze the morphology at the stage where the 
underlying mesomorphic structure, precursor of the crystallization process [20], 
is formed. The material frozen at this stage behaves as a rubber when brought 
above the T ff . However, the rubber is not a stable network since physical cross 
links may eventually dissolve due to the onset of cooperative motion. An en- 
tropic recoil takes place at short times upon rejuvenation followed by a slower 
trend towards equilibrium. In this light, it is plausible to think that a distri¬ 
bution of physical cross links arises and stability is determined by size effects 
and temperature. Yet, it is still unclear whether equilibrium thermodynamics 
determines the size of stable clusters even above the T ff since the underlying 
topology, determined by the cross links themselves, may affect the kinetics. 

Density and size distribution of physical cross links depend on cooling rate. 
Some may be stable well above the glass transition and act as nuclei for further 
crystallization from the glass. For very high cooling rates, i.e. 3800°C/s, most 
are unstable at 100°C while upon decreasing cooling rate the stability of an 
increasing number of physical cross links is enhanced. 

In an amorphous sample, excess free volume normally frozen during quench¬ 
ing favors local mobility. Moreover, local mobility is also affected by the depar¬ 
ture from the temperature at which local elementary motions are frozen, which 
in the case of PET it is the (3 transition at 220° K [21]. Above this temperature 
ageing takes place and gives rise to further physical cross links. Possibly, ageing 
may also affect the stability of the ones already set in as can be seen in Fig. 18.8 
in which rejuvenation of the aged sample 5° C/s clearly shows an increase of the 
asymptotic microhardness with respect to the fresh one. 

On the other side, the network structure formed during quenching can act 
as a constraint for large scale motion so that only small new physical cross links 
that become less stable upon rejuvenation get formed. Therefore the stability of 
physical cross links formed during ageing depends in its turn on cooling rate: 
for high cooling rates constraints decrease and size distribution of physical cross 
links formed during ageing should increase. 

If the mechanism invoked here for the onset of physical cross links can be 
considered as a prelude to the nucleation stage, i.e. if nucleation takes place 
by local molecular arrangements, similar to the onset of physical cross links 
described here for PET, then it is reasonable to ask as to what should be the 
lower thermal kinetic boundary for nucleation. Often, in crystallization kinetics 
modeling, the T ff has always been referred to as the limiting lower temperature 
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boundary for molecular diffusion as it is associated with the freezing of the 
segmental chain mobility involved in cooperative motion. If a precrystalline order 
is first established in crystallization as suggested recently [20], one should rather 
consider that the glass transition temperature is not the lower boundary for the 
onset of such precrystalline order but rather the (3 transition temperature at 
which all the elementary motions get frozen. 

The mechanism of dissolution of physical cross links is slow and it depends on 
the departure of the size distribution of the physical cross links from equilibrium. 
The dissolution process is also constrained by the physical cross links themselves. 
So, during processing the onset of physical cross links may significantly affect 
crystallization of PET from the glassy state. The influence of initial structure 
on crystallization from the glass cannot be explained only in terms of differences 
in nucleation density as this would be of minor entity as discussed previously. 
The network structure should have a major role, especially for fast processing, 
on the stress level the network is able to withstand, thus influencing significantly 
orientation and in turn flow induced crystallization. 
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Abstract. The temperature dependence of crystal growth rate (G) shows a bell shape 
with the maximum growth rate G max . The activation energy for the molecular trans¬ 
port in G could be expressed in terms of equation of either Arrhenius or WLF. The 
Gm ax showed remarkable molecular weight dependence. The plots of G/G m ax against 
T/T C max showed a single master curve without molecular weight dependence. The ratio 
of G 0 /Gmax gave a constant value for each polymer. Plots of In {G/Gmax) / In (G 0 /Gmax) 
against T/T cm ax for various polymers showed the universal curve. The molecular weight 
dependence of Gmax was expressed as Gmax oc MW a , a was a constant but depending 
on the morphological features on the crystallization. The value of a was a function of 
the adsorption mechanism of polymer molecules on the crystal growth front and its 
diffusion mechanism. The ratio of T cm ax /T// was formulated. T cm ax was also correlated 
to many other thermodynamic transition temperatures. 


19.1 Introduction 

According to a classical crystallization theory, a temperature dependence of lin¬ 
ear crystal growth rate (G) can be expressed by two exponent factors, such as the 
molecular transport term ( AE ) and the nucleation term ( AF ) [1-3]. These two 
terms have opposing temperature dependence thereby bring about a maximum 
growth rate ( G max ). In fact, many polymeric materials show a bell shape tem¬ 
perature dependence of crystal growth rate, showing the maximum growth rate 
at T cmax [3-18]. This equation has been applied frequently to data of spherulitic 
growth rate. Application to the polymer crystallization leads to that the molec¬ 
ular transport term is considerably important in the lower temperature ranges. 
The transport term can be expressed by either WLF or Arrhenius type. In an¬ 
alyzing the crystallization data in bulk polymers, the WLF expression has been 
used much familiar than the Arrhenius type, since it has been believed that the 
former expression fits the data better than the later one. However, the transport 
term could be sufficiently expressed by the Arrhenius type in polymer crystal¬ 
lization [18-21]. It is worth to recheck which transport term equation is better 
describing the temperature dependence of the linear crystal growth rate. 

On the basis of G max for many crystalline materials, a universal master curve 
of temperature dependence of crystal growth rate has been proposed by Magill 
et al. [22,23]. This universal curve comes from a phenomenological basis. The 
universal master curve is derived from the corresponding state in the growth rate 
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on the basis of a theoretical background [18,20]. G max shows strong molecular 
weight dependence likewise the pre-exponential factor of G 0 . Also, a polymer 
with a different chemical structure exhibits the big difference in G max . Universal 
master curve for crystal growth rate in polymer is discussed here. 

One of the characteristic features of polymeric materials is the molecular 
weight dependence of many of their material properties. Most of thermody¬ 
namic, spectral and mechanical properties of polymers are dependent on molec¬ 
ular weight (MTU), for instance the viscosity of polymer solutions and melts. 
The influence of MW on the crystallization rate of polymers has been the sub¬ 
ject of various publications, see [3-18,24-30]. Data existing in the literature for 
spherulite growth rate and the overall crystallization rate of several polymers 
have been analyzed as a function of MW expressed as a power law of MW a . 
Large differences in the value of a have been reported for a large number of poly¬ 
mers. Here, we reinvestigate the power law for the molecular weight dependence 
of crystal growth rate on the basis of G max . 

For polymer crystallization many characteristic temperatures have to be con¬ 
sidered, such as T/), T cmax , T g and T a . Here, T/) is a equilibrium melting temper¬ 
ature, T g is a glass transition temperature and T a is a hypothetical temperature 
at which the macro-Brownian motion of a polymer molecule ceases. It has been 
well known that a ratio of T cmaE /T^j is a nearly constant for a wide variety of 
materials [31-34] including metals, inorganic substances, organic compounds and 
polymers. For example, the ratio of Tcmaz/Tri for polymeric materials is about 
5/6 [33,34]. Constancy of the ratio of T g /T /j is also widely known as Boyer- 
Beaman rule [35,36]. We discuss these relationship based on the corresponding 
state of crystallization behavior. 


19.2 Test of WLF and Arrhenius Expressions 


Crystal growth data are often analyzed with a classical crystallization theory, 
which is nucleation controlled, proposed by Turnbull and Fisher [1] as given 
by (19.1), 


G = G a exp 


AE AF 
~RT ~ ~RT 


(19.1) 


where G a is a constant for a given molecular weight and R is the gas constant. 
AE is the activation energy for the transport process at the interface between 
the melt and the crystal surface. AF is the work required to form a nucleus of 
critical size and commonly expressed as AF = KT^JiT^ — T ) [2], where K 
is a nucleation parameter. This equation has been applied frequently to data 
of spherulitic growth rate for polymeric materials. In a polymer crystallization 
from the melt, K is expressed as K = nb 0 a e a s /AF[ m , where n is a parameter 
of a mode of nucleation, h Q is the thickness of the depositing growth layer and 
a e and a s are the end and the lateral surface energies, respectively, and AF[ m 
is the heat of fusion. In (19.1), the term of AE and AF have opposing temper¬ 
ature dependence thereby bring about a maximum in the growth rate ( G max ). 
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Fig. 19.1. Temperature dependence of 
crystal growth rate from the melt for a 
various polymers: PTMPS [6], Nylon-6 
[7], PET [8], i-PS [6], PEL A [10], cis- 
PIP [12], PESU [18], Solid and broken 
lines are best fitting by Arrhenius and 
WLF expressions, respectively. 



Fig. 19.2. Temperature dependence of 
linear crystal growth rate and overall 
activation energy ( AE a u ) for molecu¬ 
lar transport and nucleation terms for 
PESU. AE max is the activation energy 
at T cmax . Solid and broken lines in lin¬ 
ear crystal growth rate are best fitting 
by Arrhenius and WLF expressions, re¬ 
spectively. 


Figure 19.1 shows spherulite growth data in a wide range of crystallization tem¬ 
perature for a wide variety of polymers as listed in Table 19.1. Data plots show a 
bell shape temperature dependence of crystal growth rate, giving the maximum 
crystal growth rate. Here, an application to the polymer crystallization leads 
to that the transport term of AE is considerably important in the lower tem¬ 
perature ranges. The transport term can be expressed in terms of the equation 
of either Arrhenius type (AEarh / RT) or WLF type ( AEwlf / R(T — T a ) or 
C 1 C 2 / R(T — T g + C 2 )) where C± and C 2 are adjustable parameters. In ana- 


Table 19.1. Calculated values of the parameters characterizing the best fit to the data, 
for various polymers by WLF and Arrhenius expressions in the molecular transport 
term. 



Sample 



Arrhenius 



WLF 


Ref. 

Polymer 

MW 

(xlO 4 ) 

T m Tg 

{°C) 

AEarh Kaflh 
( kcal/mol ) 

(R) 

AEwlf N-wlf 
( kcal/mol ) 

(R) 


cis — PIP 

89.70 

30.0 

-61.0 

18.03 

0.77 

0.997 

20.70 

0.60 

0.997 

12 

PESU 

2.16 

131.0 

- 10.0 

29.96 

1.25 

0.999 

3.16 

0.90 

0.999 

18 

PTMPS 

14.30 

160.0 

-26.0 

15.79 

1.09 

0.997 

1.44 

0.98 

0.998 

6 

PL LA 

10.00 

203.0 

54.0 

49.79 

2.11 

0.999 

6.22 

1.67 

0.999 

10 

Nylon—6 

2.47 

232.0 

40.0 

20.00 

0.92 

0.995 

2.00 

0.69 

0.999 

7 

i - PS 

29.00 

261.0 

100.0 

49.94 

1.69 

0.995 

4.89 

2.02 

0.996 

16 

PET 

2.74 

280.0 

67.0 

39.10 

2.10 

0.999 

3.79 

1.42 

0.999 

8 








346 


Norimasa Okui and Susumu Umemoto 


lyzing the crystallization data in bulk polymers, the WLF expression has been 
used preferentially than the Arrhenius-type, since it has been believed that the 
former expression fits the data better than the later one. The transport term 
of AE is considerably important in the lower temperature ranges, therefore the 
molecular transport term is often employed by WLF expression. The transport 
term expressed by WLF increases significantly when crystallization temperature 
reaches near to T a . However, the transport term could be sufficiently expressed 
by the Arrhenius-type in the polymer crystallization [18-21]. 

Meanwhile, Mandelkern et al. [19] have proposed that AE could be suffi¬ 
ciently expressed by the Arrhenius-type in the polymer crystallization and also 
stated that the validity of applying the WLF equation to the linear growth rate 
is merely a repetitive assertion not involving any direct proof of substantiation. 
Mandelkern et al. reported that the value of AE was 20.2 kcal/mol for isotactic 
polystyrene ( i-PS ). On the other hand, Suzuki and Kovacs [17] and Hoffman et 
at. [37] have claimed that the Arrhenius-type expression yielded a far inferior fit 
to the data of i-PS when 20.2 kcal/mol of AE was used (Hoffman et al. used 
actually 21 kcal/mol in their calculation). However, Hoffman et al. reported that 
both WLF and Arrhenius expressions could fit the data for many polymers with 
the high correlation coefficient, only except for i-PS. Here the question is raised 
as to why the i-PS data cannot be fitted by the Arrhenius. It is worth to re¬ 
examine the transport term expressed by WLF or Arrhenius in order to obtain 
an acceptable fit to the data for i-PS and other common polymers. In the ex¬ 
pression of Arrhenius, AE must be treated as an adjustable parameter to get the 
best fit to the data by a linear least squares procedure. A correlation coefficient 
(. R) is strongly depended on a choice of AE value and a set of crystallization 
temperature range. In fact, Mandelkern et al. used the i-PS data at temperature 
ranges in the vicinity of T cmax and above T cmax (here, the data set is defined 
as A), while Hoffman et al. used the data with much wider temperature ranges 
especially at the lower temperature regions (here, the data set is defined as B). 
It is true that the Arrhenius yields a good fit to the data set A, but an inferior 
fit to the data set B when 20.2 or 21 kcal/mol is used. However, the data set 
B can be fitted with reasonable high correlation coefficient when 50 kcal/mol 
of AE is used as listed in Table 19.1 with the other several polymers, which 
are crystallized in the wide temperatures range encompassed through T cmax . It 
is clear in Table 19.1 that both expressions of WLF and Arrhenius can fit the 
data with the sufficiently high correlation coefficient. Figure 19.1 shows both 
fittings results for various polymers. The values of ( R) for the WLF-type (two 
adjustable parameters) are slightly higher than those for the Arrhenius-type (a 
single adjustable parameter). In principal, the usage of two adjustable param¬ 
eters in the data analysis yields the better fit than that of a single parameter. 
The discrepancy between them could be thought within an acceptable error. In 
addition to the best fitting, a setting of j is one of the most important factors 
since the best fitting affects very much by its selection. 

It is worth to recheck which transport term equation is better describing 
the temperature dependence of the linear crystal growth rate. We employ a 
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conventional activation energy expressed as AEu/{T — T 0 ) for the molecular 
transport term and AEx / (T° t — T ) for the nucleation term. Thus, the overall 
activation energy of the crystal growth process is given by the following (19.2), 


AEall 


AEd 

T -T 0 


AE 


K 




(19.2) 


Figure 19.2 shows the temperature dependence of AE a u and the linear crystal 
growth rate for poly (ethylene succinate) ( PESV ). The growth rate shows a typ¬ 
ical bell shape curve. The observed bell-shape curve locates in the temperature 
range of T cmax (l ± 0.15), whereas the growth rate in the external temperature 
regions of the curve is extremely slow. No crystal growth data in the vicinity 
of T g has been reported in polymeric materials. However, the crystal growth 
rate is comparable to/or slower than that of the rate of molecular transport via 
reptation process in the vicinity of T g [21]. It is interesting to note that some 
organic [39] and inorganic [40] materials can crystallize even below T g . The over¬ 
all activation energy increases significantly when the crystallization temperature 
reaches near to T a and T° b . However, the temperature dependence of AE a u be¬ 
comes very small in the vicinity of T cmax . This indicates that Arrhenius law can 
be used sufficiently for the temperature dependence of molecular transport term. 
In conclusion, the activation energy for the molecular transport is expressed by 
either WLF or Arrhenius type in a wide crystallization temperature range en¬ 
compassed through T cmax . 


19.3 Master Curve for Crystal Growth Rate 


Maximum growth rate ( G max ) can be observed by equating to zero the deriva¬ 
tive of (19.1) with respect to the temperature. The relations for the Arrhenius 
expression [33] and for WLF expression [18] in the molecular transport term are 
formulated as follows. For Arrhenius expression in the molecular transport term, 


G n 


= G a exp 


AEarh 


In 


G 


G„ 


In 


Gn 


G n 


R (2 T cmax - T£) 

■ r (i-x ) 2 ' 
. \_x{A - x) J 


(19.3) 

(19.4) 


For WLF expression in the molecular transport term, 


In 


Gn 


G 


Gn 


= G a exp 
. G no, 

in ■ 


f AE- 


WLF 


\R(2T cmax -T^) 
(1-X) 2 


1 + 


To(T^-Tq) 

(Tcmax ~ T a ) 2 


X(A-X) 


G n 


X(l -2 B + AB ) - B(A - l) 2 


(X -B)( 1 -2B + AB) 


(19.5) 


(19.6) 


where X is the reduced crystallization temperature of T/T cma x and A and B are 
the ratios of T°JT cma x and T 0 /T cma x , respectively. In polymer crystallization 
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data obtained over a wide range of temperature through a maximum crystal 
growth rate, data sets of G max , T cmax and T° t for many polymers are available 
in the referenced literature. G max , T cmax , and T° t show remarkable molecular 
weight dependence. For example, Fig. 19.3 shows the temperature dependence 
of the linear crystal growth rate for PESU with various molecular weights [18]. 
Each molecular weight fraction shows bell shape crystal growth rate behavior. 
The G max increases with the molecular weight up to 3, 200 and then decreases. 
Tcmax increases with molecular weight similar to the molecular weight depen¬ 
dence of T° b . The ratio of T cma x/T,'// is almost independent of the molecular 
weight, yielding the constant value of 0.83. In fact, values of T cma x/T'// lie be¬ 
tween 0.8 and 0.9 for most polymers [31-34], which are discussed in details in 
the later section. When the crystal growth data are plotted according to (19.4) 
(Arrhenius expression), the reduced growth rate (G / G max ) shows a linear rela¬ 
tionship with the reduced temperature of the second term (1 — X) 2 / X{A — X) in 
the right hand side of (19.4) as shown in Fig. 19.4, indicating no molecular weight 
dependence in growth rate. The linear relation is true for other various polymers 
[20], such as poly(ethylene terephthalate) ( PET ), i-PS, nylon-6 ( N-6 ), poly(tetra- 
methyl-p-silphenylene siloxane) ( PTMPS ), and poly(L-lactide) ( PLLA ) as listed 
in Table 19.1. 



Fig. 19.3. Temperature dependence of 
linear crystal growth rate for PESU 
with various molecular weights. Indi¬ 
cated molecular weights in the figure are 
the peak molecular weight measured by 
GPC [18], 



(1-X) 2 /X(A-X) 


Fig. 19.4. Plots of the ratio of loga¬ 
rithm of the growth rate (G) for PESU 
at any temperature (T) to the value 
of Gm ax versus a reduced temperature 
[(1 — X) 2 /X(A — X)] based on Arrhe¬ 
nius expression of (19.4). Symbols in the 
figure are the same in those in Fig. 19.3. 
X = T/Tcmax, A = T///Tcmax- 


WLF expression also shows the linear relationship plotting In {G/G max ) 
against the reduced temperature of [(1 — X) 2 /X(A — AT)][(AT(1 — 2 B + AB ) — 
B(A — 1) 2 )/(X — B)( 1 — 2 B + AB)] in the right hand side of (19.6) as shown 
in Fig. 19.5, indicating also no molecular weight dependence. Here, parameters 
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Reduced Temperature 

Fig. 19.5. Plots of the ratio of loga¬ 
rithm of the growth rate (G) for PESU 
at any temperature (T) to the value 
of Gmax versus a reduced temperature 
[(1 - Xf/X{A- X)][(X(1 - 2 B+AB) - 
B(A - 1) 2 )/(X - B){ 1 -2 B + AB)\ 
based on WLF expression of (19.15). 
Symbols in the figure are the same in 
those in Fig. 19.3. X = T/T crna x, A = 
Tm/Tcmax, B = T 0 /T cmax 



Fig. 19.6. Master curve of crystal 
growth rate for PESU. Symbols in the 
figure are the same in those in Fig. 19.3. 
Solid and dotted lines are calculated 
from equations 4 (Arrhenius) and 6 
(WLF), respectively. 


of A and B are assumed to be constants, which are discussed in details in the 
later section. The linear relation based on WLF expression was also true for 
other various polymers as listed in Table 19.1. These linear relationships indi¬ 
cate that ratios of G max /G 0 (the slope in Figs. 19.4 and 19.5) are independent 
of molecular weight. In other words, the molecular weight dependence of G max 
is the mainly a consequence of the molecular weight dependence of G 0 . It is 
much advantageous to use G max rather than G a for studying molecular weight 
dependence, because G max can be observed by experimentally but not G a . 

Figure 19.6 shows the plots of the reduced crystal growth rate ( G/G max ) 
against the reduced crystallization temperature of (X = T/T cmax ) for PESU 
[18]. Master curve of crystal growth rate is observed showing no molecular weight 
dependence of the crystal growth rate. The master curve can be fitted either by 
equation of (19.4) (Arrhenius ; solid line) or (19.6) (WLF ; dotted line). The 
master curve was also true for other polymers as listed in Table 19.1. These 
polymers were drawn in the master curve also as shown in Fig. 19.7 for PTMPS 
and in Fig. 19.8 for i-PS. However, each polymer gave a different value to the 
ratio of G max /G 0 indicating a material constant. The value of G max /G 0 could 
be dependent on characteristics of polymer molecules, such as molecular flex¬ 
ibility and/or crystallizability based on a chemical structure. For an example, 
Fig. 19.9 shows a relationship between In (G 0 /G max ) and R/AS m , where AS m 
is the entropy of fusion for polymer crystal. Therefore, the reduced growth rate 
(G/G max ) in each polymer should be normalized by the value of G max /G 0 . All 
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Fig. 19.7. Master curve of crystal growth rate for PTMPS. A : linear growth rate data, 
B : master curve. Solid and dotted lines are calculated from (19.4) (Arrhenius) and 
(19.6) (WLF), respectively. Data, by Magill [6] 




Fig. 19.8. Master curve of crystal growth rate for i-PS. A : linear growth rate data,, B 
: master curve. Solid and dotted lines are calculated from equations (19.4) (Arrhenius) 
and (19.6) (WLF), respectively. Data, by Lemstra, et al. [16] 


experimental crystal growth data (total numbers of data points are over 400) 
are drawn in to a single master curve as seen in Fig. 19.10. 

19.4 Molecular Weight Dependence 
of Crystal Growth Rate 

The influence of MW on the crystallization rate of polymers has been the sub¬ 
ject of various studies [3-18,24-30]. For examples, the growth rate of PTMPS [6] 
decreases sharply with an increase in MW up to 40, 000 and then becomes rela¬ 
tively insensitive at higher MW at a constant crystallization temperature. The 
growth rate of poly(e-caprolactone) {PCA) [30] increases with an increase in MW 
and then decreases at a constant crystallization temperature, showing the maxi¬ 
mum but the maximum depends on the crystallization temperature. The similar 
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R/AS m 


Fig. 19.9. Relationship between the ra¬ 
tio of G 0 jGm a x and the entropy of fusion 
(. AS m ) for various polymers. 



Fig. 19.10. Universal curve for crys¬ 
tal growth rate for various polymers. 
O-.PTMPS [6], A -.Nylon-6 [7], O'-PET 
[8], xj-.PLLA [9,10], n-.cis-PIP [11,12], 
E l:i-PS [15-17], Q-.PESU [18] 


maximum molecular weight dependence is found in poly(3,3-diethyl oxetane) [27] 
crystallized at the constant super cooling. The molecular weight dependence of 
the linear growth rate and the overall crystallization rate of poly(ethylene oxide) 
(. PEO ) [25] show a complex behavior. The growth rate decreases first with an 
increase in MW and then increases showing the minimum at MW about 4, 000 
and decreases again with MW yielding the maximum. The minimum crystal¬ 
lization could be related to the transition from extended chain crystallization 
(. ECC ) to folded chain crystallization ( FCC ); however, the minimum depends 
on the degree of super cooling. The growth rate at a given super cooling depends 
on MW. 

Data existing in the literature for spherulite growth rate and the overall 
crystallization rate of several polymers have been analyzed as a function of MW 
expressed as a power law of MW a . The large differences in value of a have been 
reported for a large number of polymers. Hoffman et al. [28] and Hikosaka et al. 
[29] have been reported for polyethylene (PE) that a lies in the range of —1.3 
to —1.8 at a relatively small super cooling. At a relatively large super cooling, a 
shows nearly —0.5 [10,11,26,27]. The molecular weight dependence of G a (pre¬ 
exponential factor of crystal growth rate) shows a to be —1 for PET [8] and —0.25 
for i-PS [16]. The a value of —0.5 is also reported in the overall crystallization 
rate of PESU [5]. The molecular weight dependence of the overall crystallization 
rate in PE [41,42] goes through a maximum and its location of the maximum is 
dependent on the super cooling. On the other hand, the linear growth rate is a 
function of MW but does not exhibit a maximum at a constant crystallization 
temperature in the case of PTMPS , whereas the overall crystallization rate shows 
the maximum [43]. Magill has pointed out that the overall crystallization rate 
will not provide detailed insight into the kinetics of polymer crystallization nor 
will universally applicable relationships, since the overall crystallization rate is 
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a function of the linear crystal growth rate and the primary nucleation rate. 
We focus on the molecular weight dependence of the linear crystal growth rate 
rather than that of the overall crystallization rate. 

Figure 19.11 shows a molecular weight dependence of a maximum crystal 
growth rate for fractionated PESU samples [44]. The maximum crystal growth 
rate increases with the MW up to about 3, 000 and then decreases, yielding 
the maximum. This relatively small molecular weight of about 3, 000 seems to 
be an onset of a chain folding crystallization of PESU at T cmax . Figure 19.12 
shows the long spacing of the fractionated samples crystallized at their T cmax 
as a function of MW [44]. In the region below MW about 3,000 (the chain 
length is ca. 17 nm ), the long spacing increases with MW, indicating formation 
of the extended chain crystal. Above MW of ca. 3,000, the long spacing keeps 
almost at a constant value of about 8 nm, however, data are scattered a little. 
The constant spacing indicates that polymer chain tends to form a folded chain 
crystal, yielding the onset of chain folding at about ca. 17 nm for PESU at 
Tcmax- This transition of crystal growth rate is just the opposite result in com¬ 
parison to PEO crystallization rate at the constant super cooling, which shows 
the minimum [25]. The minimum crystallization of PEO occurs at about MW 
of 4,000, which is the onset of chain folding. The discrepancy between PEO and 
the present result of PESU is not clear. However, the minimum point in PEO 
strongly depends on the degree of super cooling and its result is based on the 
study of the crystallization behavior over the limited ranges of crystallization 
temperature. On the other hand, PESU can be crystallized over a wide tem¬ 
perature range that approaches to both the glass and melting transitions. This 
wide crystallization temperature is of primary importance for a reliable analysis 
of growth data based on kinetic nucleation theory. The molecular weight de¬ 
pendence of Gmax in PESU exhibits only one characteristic point, which is not 
influenced by the super cooling nor the crystallization temperature since G ma x 
is a consequence of comparable weight between two factors of nucleation ( AF ) 
and transportation ( AE ). Therefore, the molecular weight dependence of G ma x 
is much reliable data than that of G at a constant temperature or at a constant 
super cooling. The effect of super cooling on the molecular weight dependence 
of the crystal growth rate is discussed in details in the later section. 

The logarithm of G ma x increases linearly with the logarithm of MW in the 
lower molecular weight regions up to 3,000 with a slope of ca. 1 and then de¬ 
creases lineally with a slope of ca. —0.5 in the higher molecular weight regions. 
The molecular weight dependence can be expressed as the following power law, 

Gmax o,G 0 o, MW a (19.7) 

where a is positive value of 1 in the lower molecular weight region for ECC and 
negative value of 0.5 in the higher molecular weight region for FCC. The details 
in the value of a is discussed in the later section. 
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Log (Mp) 

Fig. 19.11. Plots of logarithm of the 
maximum crystal growth rate against 
logarithm of molecular weight for PESU 



Log (Mp) 

Fig. 19.12. Long spacing of PESU crys¬ 
tallized isothermally at T cmax as a func¬ 
tion of molecular weight 


19.4.1 Effect of Super Cooling 

on the Molecular Weight Dependence of Growth Rate 

Figure 19.13 shows molecular weight dependence of the crystal growth rate of 
PESU at a given super cooling (AT = — T). The value of a , the slope in 

Fig. 19.13, increases with decreasing in the super cooling. Such super cooling ef¬ 
fect on a is shown in Fig. 19.14 plotted together with the reported reference 
data, such as PTMPS [6], trans-l,4-polyisoprene (t-PZP)[24], poly (1-butene) 
(PB-1)[ 26], POX [27] and PE [28,29]. a decreases clearly with an increase in 
AT. The effect of AT on the molecular weight dependence of the linear crystal 


5 



Log (M) 

Fig. 19.13. Plots of logarithm of linear 
growth rate (G) at a given supercooling 
against logarithm of molecular weight for 
PESU 



Fig. 19.14. Plots of the reported data, 
for the exponent of power law (a) against 
supercooling for a various polymers. O 
PTMPS[ 6], O PESU [18], □ t-PIP[ 24], 
V PB-1[ 26], A PE [28,29] 
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growth rate can be estimated by the following equation [20,44], 

(Z + N — l) 2 

In G = In (G max ) + M —-—— (19.8) 

where M = In (G max /G 0 ), N = T cmax /T,'° b , Z = (T^-T)/T^. The second term 
in the right hand side of (19.17) yields to zero at T = T cmax . The parameters 
of M and N are almost independent of MW discussed previous section but 
Z shows obvious molecular weight dependence, because of the molecular weight 
dependence of T° t . Figure 19.15 shows plots of the second term in the right hand 
side of (19.8) as a function of Z. It is clear that the super cooling effect on a 
disappears at T cmax . We can conclude that the molecular weight dependence of 
the linear crystal growth rate must be evaluated at T cmax , otherwise a depends 
strongly on AT. 



Fig. 19.15. Plots of Z function in (19.8) 
against (Z = AT/T^) 



Fig. 19.16. Plots of logarithm of the 
maximum crystal growth rate against 
logarithm of molecular weight for various 
polymers. ■ PEAD[ 3], O PTMPS[ 6], O 
PET[ 8], A PLLA[9\, T PLLA[10\, V cis- 
PIP[ 11,12], A:i-PS[16], •PESU [18], □ 
estimated values for PE[ 28] 


19.4.2 Molecular Weight Dependence 

of Maximum Crystal Growth Rate 

Figure 19.16 shows the molecular weight dependence of the maximum crystal 
growth rate for various polymers, which data are re-plotted for polymers listed 
in Table 19.1. In the higher molecular weight regions, almost all polymers show 
a good linear relationship with a slope of about —0.5, except PET. Data of PET 
are in the limited small range of MW. Such limited molecular weight range 
could not be drawn reliable relationship. On the other hand, many polymers 
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can be crystallized over only limited regions of their full growth rate curves. 
Even for those polymers, the maximum growth rate can be estimated by best 
fitting to the data by a linear least square method for (19.1) or (19.8). Thus 
calculated maximum crystal growth rate for PE using the referenced data [28] 
exhibits the similar molecular weight dependence with the slope of about —0.5 
as plotted together in Fig. 19.16. According to the molecular weight dependence 
of the maximum growth rate and the long spacing for the fractionated PESU 
samples, the positive slope of a with a value of about 1 can be associated with 
the mechanism of ECC and the negative slope of a with a value of 0.5 can 
be related to the mechanism of ECC. The details in molecular mechanism are 
not clear. We try to explain the molecular weight dependence on the basis of 
molecular levels. Transport process in polymer melts are sensitive to molecular 
weight and its distribution. DiMarizio et al. have proposed a negative value of 
0.5 on the basis of sea-snake model [45]. In a model of the reptation proposed 
by de Gennes [46], a molecule is imagined to move only its worm-hole (or tube). 
In a sea-snake model, a molecule allows motion perpendicular to the worm- 
hole, as well as along it. The sea-snake model can be applied to crystallization 
from solution. Hoffman et al. have discussed the large differences between the 
experimental data and the theoretical prediction in a value by means of the 
presence of low molecular weight fractions, which acts as a solvent molecule in 
a general polymer sample [28]. Takayanagi has also proposed the value of —0.5 
by means of activation entropy of molecular transport term [5]. That is, the 
free energy for the molecular transport term ( AFjj ) can be expressed by the 
enthalpy {AEjj) and entropy {ASjj) contributions. The entropy contribution to 
the molecular transport can be related to a change of molecular conformation 
during crystal growth. Such molecular transformation is associated with the 
entropy change from the molten state to crystal state, which entropy change can 
be proportional to MIF~ a5 . However, these two molecular mechanisms cannot 
be applied to the lower molecular weight regions for ECC , where the slope gives 
a positive value of 1. 

First, we have to consider the mechanism in molecular transport during crys¬ 
tal growth, such as a mass diffusion from the molten state to the crystal surface, 
adsorption of molecules on to the crystal surface, reel-in diffusion of molecules to 
the crystal surface from the melt, surface diffusion of admolecules on the crystal 
surface, migration and rearrangement with sliding diffusion prior to actual crys¬ 
tallographic attachment and etc. Figure 19.17 shows a schematic illustration for 
an activation process during polymer crystallization from the melt. Among these 
molecular diffusion processes, the rate determined process might be a process 
of surface diffusion of adsorbed molecules (admolecules) on the crystal surface, 
which may migrate on the crystal surface with the reptation mechanism. 

In addition to the molecular diffusion on the crystal surface, a number of 
factors must be taken into account. One of those factors is the number of effective 
admolecules ( N a d ) on the growth front, which are associated to form a critical 
nucleus. Lauritzen and Hoffman have introduced the probability parameter of 
admolecules on the crystal growth surface prior to surface nucleation but not 
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Fig. 19.17. Schematic illustration for 
activation process of molecular trans¬ 
port from molten state to crystal surface. 
AEdm is activation energy of molecu¬ 
lar mass transfer in the melt. A E a de 
and AEd e are adsorption energy and 
diffusion energy of admolecule on the 
chain folding crystal surface, respec¬ 
tively. AE a d a and AEds are adsorption 
energy' and diffusion energy' of admole- 
cue on the lateral surface of the crystal 
growth. 



Fig. 19.18. Schematic illustration of the 
possible conformation of adsorbed poly¬ 
mer molecules: (A) flat multiple site 
attachment (pancake-like), (B) single 
point attachment (brush-like), (C) loop 
adsorption (loop-train) 


considered the molecular weight dependence on it [47]. The polymer molecule 
goes down directly from the solution or sub-cooled melt on to the crystal growth 
front. At the crystal growth front adsorbed segments can migrate and rotate on 
the surface prior to crystallographic attachment. The admolecules will resemble 
a two-dimensional random walk with a number of contacts on the crystal surface. 
Polymer molecules can be adsorbed on the fold surface as well, however these 
admolecules are less important on the lateral crystal growth rate. 

Taking into account of these factors into the polymer crystallization kinetics, 
the growth rate can be written as follow, 


G oc N a d(T)D(T) exp 


KT° 

711. 

RTAT 


(19.9) 


where D(T ) is a transport term for admolecules on the crystal growth front 
and N a d{T ) is a number of effective admolecules prior to crystallographic at¬ 
tachment. The concept of admolecules on the growth front is not new but is 
well known for ordinary crystallization processes, such as for metals or small 
organic molecules, from vapor or solution [48]. Both D(T ) and N a d(T ) depend 
strongly on MW. In fact, the molecular weight dependence of the adsorption 
of polymer molecules on the surface can be explained as MW ~ r> [49]. The value 
of j:i is a function of the conformation of the adsorbate polymer molecules at 
the surface. The conformation of admolecules can be classified into following 
models as illustrated schematically in Fig. 19.18. (A) If all polymer segments 




19 Maximum Crystal Growth Rate 


357 


lie in the surface, (3 equals to zero. These admolecules are difficult to move on 
the surface. (B) If all polymer molecules are attached to the surface by a sin¬ 
gle segment with other tail segments extending into the sub-cooled melt, (3 is 
unity. The single attachment occurs generally in a short chain molecule or a 
rigid chain molecule. The single attachment molecules can be migrated easily 
on the surface and might be independent of MW. (C) If all polymer molecules 
are attached with a number of contacts on the surface, (3 is 0.5. The point of 
attachment is called anchor segments or train segments. The molecule between 
the anchor segments is called loop adsorption or loop segments. These loop-train 
adsorptions of polymer molecules occur in polymers with relatively high molec¬ 
ular weight. Such loop-train molecules might be migrated on the surface based 
on the reptation mechanism without chain entanglements. Here, the molecular 
weight dependence of D(T ) can be simply expressed as MIF ~ 7 . 

Taking account of these factors into of (19.7) and (19.9), the parameter of 
a can be written as a = (3 — 7 . In the region of low molecular weight, polymer 
molecules may be adsorbed with a single attachment on the surface (/3 is unity) 
and the admolecules can be easily migrated on the surface without molecular 
weight dependence (7 = 0 ), then a yields to unity, which may be the case in 
ECC. On the other hand, high molecular weight polymers exhibit their molecu¬ 
lar adsorption with a train-loop conformation (/3 equals to 0.5) and their molec¬ 
ular movements are controlled with the reptation mode (7 = 1 ), consequently a 
yields to —0.5, which may be the case for FCC. 


19.5 Relationship Between and T cmax 


It has been well known that a ratio of T cmaa ,/T))( is a nearly constant for a 
wide variety of materials [31-34] including metals, inorganic substances, organic 
compounds and polymers. Experimental results of Tcmax/T^ reported in the 
literature for many polymers have been summarized by Godovskii [31], where 
Tcmax/T,'° t lies about 5/6 as shown in Fig. 19.19. The ratio of T^ax/T^ can be 
formulated from (19.1). 

For Arrhenius expression in the molecular transport term [33,34], 


Tcmax _ Carh 
T° t 1 + Carh 


Carh 


1 + 


AEarh A 
Karh J 


(19.10) 

(19.11) 


For WLF expression in the molecular transport term [18], 

Tcmax _ CwLF 
Tm 1 + C WLF 


(19.12) 
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Fig. 19.19. Relationship between T cmax 
and 7// for various polymers with the 
slope of 5/6. 



Fig. 19.20. Plots of the ratio of 
T C max /I/i against C factor. C is a func¬ 
tion of the ratio of the activation energy 
for molecular transport [AE) to the nu- 
cleation parameter ( K ). 


CwLF 


D 


( AEwlf\ 
\DK wlf ) 


T n 


T„ 


(19.13) 

(19.14) 


Figure 19.20 shows the ratio of T cmax /Tm vs. C (either Carm or Cwlf ) ac¬ 
cording to (19.10) or (19.12). T cmax /Tm increases with an increase in C value and 
its value saturates to 1. In general, the mean value of C lies in about 5 [33], yield¬ 
ing that T cmax /Tm is about 5/6. T/) and T cmax show strong molecular weight de¬ 
pendence, however the ratio of T/maz/T)/ yields almost a constant value of 0.83. 
The constant value of T cmaa ,/T/( indicates that the ratio of (AE/K) remains in¬ 
variant against MW. In fact, the values of AE and K show almost no molecular 
weight dependence [18,20], when AE and K were estimated by best fitting the 
growth data for (19.1). Figure 19.21 shows the plots of ln(G) + AE/RT against 
T//JTAT based on (19.1) for the fractionated PESU , whereas the straight lines 
were calculated to get the best fit to the data by a linear least square procedure. 
A set of parameters of AE and K are obtained to that AEarh / Karh gives 
24 for Arrhenius expression and AEwlf / Kwlf gives 3.8 for WLF expression, 
which values are almost independent of MW whereas G a depends remarkably 
on MW. Therefore, these constant ratios with no molecular weight dependence 
give rise to the master curve of crystal growth rate in polymeric materials as dis¬ 
cussed the former section. Here, the ratio of AE/K is rewritten as the following 
equation, 


AE _ 1 / a 
K n \ AH m 


AE \ 
AH m ) 


2 


(19.15) 
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T m °/T(T m °-T) 


Fig. 19.21. Plots oi\n{G)+AE/RT against T^/TAT for PESU with various molecular 
weight. 


where a is the mean molar surface free energy denoted as a = \Jh 0 o e o s . It is 
interesting to note that the ratio of the mean molar surface energy and the heat 
of fusion ( a/AH m ) and the ratio of the activation energy for molecular transport 
to the heat of fusion ( AE/AH m ) are generally found to be constant for a given 
type of crystalline materials. The constancy of these values gives rise to the 
constant value of T cmax /T//. 

19.5.1 Ratio of AE and AH m 

The crystal growth data for many polymers have been analyzed by Mandelkern 
et al. according to possible nucleation mechanism and they have estimated AE 
by assuming Arrhenius expression in the molecular transport term [19]. Here 
AE is compared with the activation energy for viscous flow or for self-diffusion 
of polymer chains that may be related to the reptation mechanism. In other 
words, AE can be regarded as being equal to the activation energy for sliding 
diffusion of molecules on the growing crystal surface [50]. In the chain folding 
mechanism for polymer crystallization, a part of a polymer molecule adsorbs a 
preexisting crystal surface and subsequently some other parts of the molecule 
deposit adjacently on the same crystal surface. Translational shift along the chain 
axis needs the self-diffusion energy to generate crystalline packing finding a set 
of nearest lattice points. In fact, molecules cannot jump directly into the lattice 
points from the molten state. Such diffusion energy must be associated with the 
reptation energy of polymer molecules. For example, the reptation energy is close 
to 5.5Real/mol for n-paraffin [51]. This suggests that the ratio of (AE/AH m ) 
yield about 5.6, which is satisfactory agreement with results for polymers [33]. 
In metals, AE is available experimentally from self-diffusion study both in the 
melt and in the solid. The ratio of (AE/AH m ) in metals is also found to be 
fairly constant both for melts and solid [34,52] as shown in Fig. 19.22. These 
two thermodynamic energies are supposed to be a function of cohesive energy. 
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The ratio of the molar cohesive energy in polymer melts to the heat of fusion 
has been reported to be almost constant [32]. 

19.5.2 Ratio of a and AH m 

An empirical relationship between a and AH m in most metals and molecular 
liquids has been noted by Turnbull [1], Figure 19.23 shows the ratio of ( a/AH m ) 
for metals is about 0.45, which value has been predicted to be 0.46 — 0.48 by 
theoretical calculation on the basis of nearest neighbor cluster approximation 
[53]. Since a molecule in the surface may be regarded as partly in the liquid, one 
might expect to be of the order of one-half the AH m . It has been also found 
that analogous relations exist between liquid vapor interfacial energies and the 
heat of vaporization [54]. 



Fig. 19.22. Relationship between the 
activation energy for self-diffusion 
(. AEd ) and the heat of fusion ( AH m ) 
for various metals [34]. 



Fig. 19.23. Relationship between the 
mean molar surface energy (a) and the 
heat of fusion ( AH m ) for various metals 
[52]. 


Figure 19.24 shows the chain length dependence of the ratio of ( a/AH m ) for 
short chain paraffin to PE. For paraffin with about 30 carbon atoms, (a/AH m ) 
is about 0.05, which is comparatively small to that for PE [55] with the value 
of 0.3. The increase in {a/AHm) with the chain length is associated with the 
onset of chain folding. Below carbon number of 30, ( a/AH m ) increases with a 
decrease in the chain length, which indicates the surface roughness at the chain 
ends becomes to the contribution of surface entropy. 

19.6 Relationship Among Thermodynamic 
Transition Temperatures 

There are many other characteristic temperatures commonly observed on a me¬ 
chanical relaxation spectrum, DSC and the other methods. Such characteristics 
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Fig. 19.24. Relationship between the ratio of the mean surface energy (cr) and the 
heat of fusion ( AH m ) and the logarithm of the number of carbon atoms in paraffin 
and PE [55], 


are glass transition temperature (Tg), (3- relaxation temperature (Tp) at which 
polymer segmental motion is ceased, liquid-liquid relaxation temperature (T/) 
and crystalline dispersion temperature (T ac ). Also, there are second order tran¬ 
sition (T 2 ) predicted by Gibbs-DiMarzio theory [56] and the temperature at 
which a free volume is zero (T 0 ), although hypothetical temperatures. T a , how¬ 
ever, is identical with T 2 . Among these characteristics, there are several empirical 
rules. Constancy of the ratio of T g /T)f is also widely known as Boyer-Beaman 
rule [35,36] and Boyer classified polymers into two groups as a symmetrical and 
an unsymmetrical. However, in an extensive study for 132 polymers, there is 
no sharp division between the ratios of T g /T° t for symmetrical polymers and 
that for unsymmetrical polymers and the average value for whole polymers is 
about 2/3 [57] as shown in Fig. 19.25. It is interesting to note that the ratio of 
T g /Tm is found to be about 2/3 not only for polymers but also for inorganic 
substances [36,58] and organic compounds [36,59]. According to WLF relation¬ 
ship, T 0 = T g — f g /Aa , where f g is a free volume at T g and Aa is the difference 
of the thermal expansivity between a glass and a super-cooled liquid [60]. This 
equation is rewritten as follows, 


— = l — fy 
T g AaT g 


(19.16) 


The mean values of AaT g and f g are approximated to be 0.1 and 0.025 [59], 
respectively. Thus the ratio of T a /T g yields to be 3/4, which coincides with the 
ratio reported by Gibbs-DiMarizio theory [56]. In other words, the free volume 
f g is expressed as AaT g / 4. We can obtain the values for Aa and T g in many 
referenced data. Then the histogram of 4 f g can be drawn as shown in Fig. 19.26. 
The distribution curve is considerably wide with the maximum value of 0.1 (the 
most probable value), which coincides, with the value reported by Shimha et 
al. [60]. Such wide distribution of the free volume is attributed to the wide 
distribution of the ratio of T g /T)f as seen in Fig. 19.25. 
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Fig. 19.25. Histogram for the ratio of Fig. 19.26. Histogram for the free vol- 
Tg/T^ for various symmetrical Q and ume defined as AaT g for various poly- 
unsymmetrical (®) polymers [57]. mers [59]. 


It is also interesting to note that the ratio of Tp/T g shows the constant value 
of 0.75 [61] and T a /T g is about 0.77 — 0.80 [62,63]. It might be thought that Tp 
appears at almost the same temperature range with T a . In fact, Fig. 19.27 shows 
the linear relationship between Tp and T a [64]. Moreover, similar relationship 
between T cmax and T g is found as T cmax /T g = 1.25 — 1.33 [32,65]. In addition, 
the ratio of Tu/T g is also found to be about 1.2 [61], which value coincides with 
the value of T ac /T g or T cmax /T g . This might be suggested that there is some 
correlation between the molecular motion at Tu in amorphous state and that at 
T ac in crystalline state. The origin of these characteristic temperatures may be 
based on a similar mechanism associated with large molecular motions in the 
amorphous and crystalline states. 



T 0 (K) T cmax (K) 


Fig. 19.27. Relationship between T 0 Fig. 19.28. Relationship between T cmax 
and Tp for various polymers [64]. and T^ + T g for various polymers with a 

slope of 2 [21]. 
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According to the above empirical rules, 2 T cmax = T g + T,'° b is found [59] as 
shown in Fig. 19.28. This means that T cmax appears in the middle of T° t and 
T g in polymeric materials. In addition, we can get interesting relationships as 
follows. 

T g —T 0 = T cmax ~ T g = T° t - T cmax (19.17) 

This means that each characteristic temperature appears at the same tem¬ 
perature intervals in polymer. These relationships come from totally empirical 
backgrounds, however those characteristic temperatures could be highly inter- 
correlated [66]. 

19.7 Conclusions 

One of the characteristic behaviors of polymeric materials is the molecular weight 
dependence ( MW ) of many properties. The crystal growth rate ( G ) has a sig¬ 
nificant dependence on MW. However, its molecular weight dependence was 
strongly affected by the degree of supercooling when the growth rate was plot¬ 
ted against MW at a constant supercooling. Small supercooling gave the large 
molecular weight dependence. Therefore, we must employ the reference, stan¬ 
dard or intrinsic states in a similar way for the MW dependence of intrinsic 
viscosity for polymer solution or zero shear viscosity for polymer melt. 

1. The temperature dependence of G showed a bell shape with a maximum 
growth rate ( G max ) that showed a remarkable MW dependence. 

2. The G max was formulated from a crystallization theory based on the molecular 
transport term expressed by Arrhenius or WLF expression. 

3. The plots of the reduced growth rate ( G/G max ) against the reduced temper¬ 
ature ( T/T crnax ) showed a single master curve without MW dependence. 

4. The plots of {G/G max ) normalized by ( G max /G 0 ) against ( T/T cmax ) gave a 
single universal master curve for many polymers. 

5. The G max must be employed as a reference state in a similar way for the MW 
dependence of intrinsic viscosity for polymer solution or zero shear viscosity 
for polymer melt. 

6 . The MW dependence of G max was expressed as the power law of G max oc 
MW a . The value of a was —0.5 for folded chain crystallization and a was 
unity for extended chain crystallization. The value of a was a function of 
the adsorption mechanism of polymer molecules on the growth front and its 
mechanism. 

7. The ratio of T cmax /T® t was formulated from a crystallization theory and its 
value gave a constant value of 5/6. T cmax was correlated to many other ther¬ 
modynamics transition temperatures. 
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Abstract. The influence of a nucleating agent on the free growth kinetics and on 
the final average thickness of lamellae grown from melts in isothermal conditions is 
considered. The growth kinetics in isotactic polypropylene, high density polyethylene 
and polyethylene oxide, is observed by means of calorimetry, whereas information on the 
long period and lamellar thickness at crystallization completed is drawn from SAXS 
measurements (on polyethylene oxide only). Both the observations are analyzed in 
terms of a decrease of the lamellar basal surface tension associated to the accumulation 
of the nucleant at the interface. This decrease is also discussed by means of a simple 
lattice model, where a finite compressibility of the system is accounted for. In light 
of the assumed mechanism, kinetic and morphological observations are interpreted 
consistently. 


20.1 Introduction 

The presence of additives (nucleating agents) is known to affect significantly 
both the growth kinetics and the morphology of structures developing in melt- 
crystallizing polymers. This circumstance is very important from the practical 
point of view, because it gives the possibility to control several properties of 
polymeric based materials in view of their application. On the other hand, still 
much has to be done in this area of research, both to improve the knowledge on 
the interplay between the nucleant and the polymer, and to help better under¬ 
standing the complex mechanisms of the basic crystallization process as well. 

This contribution is aimed at giving an heuristic interpretation of some exper¬ 
imental observations concerning the free growth kinetics and the morphology of 
laminar structures developing in moderately undercooled, nucleated polymeric 
melts. The following exposition substantially retraces the steps which led the 
authors to form a personal viewpoint on some aspects of the problem, on the 
basis of their own experience. 

In this context, important suggestions came from the tentative application 
to nucleated systems, of a frequently used method suited to analyze the growth 
kinetics data from pure systems. A brief account of these first results is thus given 
in the following section. Within the framework of thermodynamics, a possible 
mechanism for the interpretation of the data is then presented, based on the 
idea that the nucleant molecules cause a local decrease of the basal surface 
tension. A lattice description of the basal region, which is outlined afterwards, 
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supports the above argument and allows for the theoretical estimate of the effect 
in simple cases. Finally, SAXS data obtained from pure and nucleated samples 
of polyethylene oxide are reported, which confirm the predictions of the model. 

20.2 Preliminary Analysis 

In moderate undercooling conditions, the temperature dependence of the lamel¬ 
lar free growth velocity can be described by 

v oc exp {—AG/kT}, (20.1) 

with k the Boltzmann constant, T the temperature and AG, the secondary 
nucleation free enthalpy, given by 

AG = 4b 0 aa e ^^, ( 20 . 2 ) 

where b 0 is the stem diameter, Hf/v c is the enthalpy of fusion per unit volume, 
T m is the equilibrium melting point and AT = T m —T; a and a e are the lateral 
and basal contributions to the surface tension [1] (see Fig. 20.3). 

An estimate of aa e , assumed to be independent of T, can be usually obtained 
by best fitting with (20.1) and (20.2) the experimental data of v as a function 
of T. This has been done with samples of isotactic polypropylene (iPP) nucle¬ 
ated with different amounts of synthetic indigo [2]. Isothermal crystallization 



Fig. 20.1. ln(u 2 ) as a function of T 1 for an iPP sample with number density n = 
2 X 10 25 m~ 3 of indigo (i.e. ~ 1% wt); the dashed line best fits the data assuming aa e 
independent of T; the solid line is obtained after inserting (20.5) into (20.2). The inset 
shows the values of aa e worked out from fittings like the dashed line in the main frame 
of this figure. 
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observed with a calorimeter allowed for the determination of v vs. T from the 
initial slope of the thermograms which, at suitably small to moderate AT' s, were 
characterized by a linear behavior in the early stages of growth. The results are 
reported in the main frame of Fig. 20.1 for one of the samples. A rather marked 
dependence of the worked out apparent aa e on the nucleant number density, 
n is shown in the inset. On the other hand, there is a qualitative discrepancy 
between the adopted best fitting v(T) and the data, which however is very weak. 
This discrepancy is systematic, and rather evident in Fig. 20.2 for the case of 
indigo-nucleated polyethylene oxide (PEO) [4]; nucleated high density polyethy¬ 
lene (HDPE) shows the same behavior [3]. In all these cases the nucleant species 
did not co-crystallize. 

No dependence whatsoever of any of the parameters in (20.2) on just the 
nucleant number density n, can improve the situation, because it is inherent to 
a somewhat different T-dependence of AG [2] [4]. Moreover, the possibility that 
either a regime I —>- regime II transition, or effects of chain segments’ transport 
are being observed, has to be excluded [4]. Alternatively, the indications emerg¬ 
ing from this preliminary analysis can be accepted, just as purely qualitative 
suggestions, as a basis for the development of a more adequate model. 

20.3 Thermodynamic Viewpoint 

In the spirit of a pure thermodynamic approach, i.e. disregarding the underlying 
microscopic mechanisms, deviations such as those pointed out by Figs. 20.1 and 
20.2 are viewed as an effect of a local decrease of <r e , due to the nucleant molecules 



10 3 /T (K 1 ) 

Fig. 20.2. ln(u 2 ) as a function of T 1 for PEO samples containing a number density 
n = 2.6 X 10 25 m~ 3 of either indigo or anthracene. Dashed lines are best fits obtained 
assuming aa e independent of T; solid lines are obtained using (20.5). 



20 Lamellar Growth 


369 


Lateral 

interface 



Average 

diffusion 

directions 


Crystalline 

region 


J V. f Amorphous 
region 


JGROWTH 

3 'direction 

m r 


Fig. 20.3. Schematic representation of the chain configuration in a region of a growing 
lamella (the lamellar plane is perpendicular to the sheet). The nucleant molecules are 
indicated by circles labelled with an n. 


which must leave the regions where crystallization is about to take place. More 
or less implicitly, this amounts to say that: 

1. Secondary nucleation is still considered the controlling process of lamellar 
growth. 

2. Nucleant molecules are not all involved in primary nucleation only, but in the 
growth process as well. In fact, in the opposite situation, free growth wouldn’t 
be possible with the actual nucleant concentrations; moreover, extended lamel¬ 
lae wouldn’t form, contrary also to the SAXS results below. 

3. The nucleant molecules leaving the crystallizing regions remain close to the 
folding planes to keep the local a e low (see Fig. 20.3). 

4. Making the hypothesis that the largest contribution to the change of a e comes 
from nucleant molecules which where previously in the crystallizing regions, 
means assuming that either lamellae are suitably thicker than the amorphous 
interlamellar regions, or the nucleant concentration in the amorphous bulk 
remains substantially unaltered. 

In order to give an explicit expression for a e to be inserted in (20.2), consider 
the average number of nucleant molecules per stem, <p, which may reach one of 
the two basal interfaces upon secondary nucleation. This is given by: 

A = \nb 2 0 t , (20.3) 

where l is the stem length, to be approximated with the expression appropriate 
for pure systems (see 3rd item below): 


l 


lo 


— 2Oe0 


VcT m 

H f AT’ 


(20.4) 
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being a e o the basal surface tension in the absence of nucleating agents. Then, 
taking the inset of Fig. 20.1 as a suggestion, assume: 

Oe = OeC)(l + r e lf), (20.5) 

with 


r e = [d hi((T e )/d(^] v=0 < 0 (20.6) 

a phenomenological coefficient to be determined (at this stage) by best fitting 
to the v vs. T data. It is now worth pointing out that: 

1. The secondary nucleation free enthalpy AG maintains the property of exten- 
sivity when (20.5) is inserted in (20.2) [3] [6]. 

2. The accumulation of the nucleant at the basal interfaces allows for two- 
dimensional growth to take place without implying significant continuous in¬ 
crease of its concentration in the remaining bulk amorphous phase (compare 
“SAXS” and “Cal.” columns in Table 20.2). 

3. Equations (20.3)-(20.6) introduce a correction in the T functional dependence 
of AG , which is proportional to n; this is in fact a first order term in a 
Taylor expansion of AG = AG(n ), consistent with the circumstance that the 
qualitative discrepancy pointed out above is weak. 

The best fitting curves for nucleated iPP and PEO obtained after inserting 
(20.5) into (20.2) are shown in Figs. 20.1 and 20.2 as solid lines; the situation 
for HDPE is similar [3]. Table 20.1 reports the values of aa e0 and of the (T- 
independent) coefficient 

a = T e pAT (20.7) 


determined by best fitting. 

It may be interesting to point out that the average < aa e > as estimated by 
(20.1) and (20.2) assuming aa e independent of T, differs in general significantly 
from a < a e >. As an example consider iPP with 1% wt indigo for which 
< aa e >= 10~ 4 J 2 m~ 2 and, from Table 20.1, a < a e >= aa e0 (l + a fit AT ~ 4 ) = 
1.6 x 10~ 4 J 2 m~ 2 . 

Before proceeding further, notice that an entropy contribution S n now ap¬ 
pears to be associated to the formation of a basal surface of extension A , due to 
the presence of the nucleant. This follows from the general relationship [8] 


(dS D \ 

V ) T 



OeCl) 


A 


( 20 . 8 ) 


Note, by inserting (20.3)-(20.5) into (20.8), that S n increases with the inter¬ 
facial extension only if T e < 0, i.e. if a e is lowered by the nucleant as found 
(Table 20.1). 

In conclusion, qualitative discrepancies such as those pointed out by Figs. 20.1 
and 20.2, and the decreasing of the apparent aa e upon nucleant addition (e.g. 
the inset of Fig. 20.1 with the due interpretation), are in fact interpreted through 
(20.5) as the manifestation of the same mechanism: the nucleant concentration 
at the interface can be increased by either increasing n or decreasing AT. 
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Table 20.1. Nucleant number density n, equilibrium melting point T m , best fit values 
for a and crcr e o, theoretical estimate of a, and average undercooling AT at which the 
data, are collected, for nucleated iPP, PE and PEO 


System 

n 

(10 25 nE 3 ) 

T m 

(K) 

CrCTeO 

(ICE 6 J 2 m~ 4 ) 

fit 

(K) 

^lattice 

(K) 

AT 

(K) 

iPP/indigo a 

2.1 

448.5 

220 

-6.3 

— 

24 

PE/indigo b 

2.2 

414 

1900 

-1.2 

-1.12 

15 

PEO/indigo c 

2.6 

338 

212 

-1.83 

-1.7 

5.5 

PEO/anthracene c 

2.6 

338 

198 

-2.09 

-1.7 

8.5 


a [6]; see also [5] for T m . 
b [3], [4]; compare [7] for the value of aa e . 

c W. 


20.4 Lattice Model 

The arguments of the preceding section find support in the lattice model of the 
basal transition region which is briefly described below (for a detailed account 
refer to [4]). For simple systems the model also allows for reasonable estimates 

of r e . 

The starting point is a cubic lattice model of the basal region which has been 
initially developed for pure, incompressible systems [9] [10], and then improved 
to account for the density gradient’s contribution to a e [11]. With this general¬ 
ization, the chain segments’ specific volume contraction in the basal interphase 
region, where crystalline order is still not established, is also accounted as a 
contribution to the overall <r e , together with folding energy and configurational 
entropy change. This aspect can be important as a route through which the 
nucleating agent can be effective. 

Although the model has been developed for pure systems, it can be easily 
adapted to account for the nucleant. To this aim, a fundamental role is played 
by item 3, preceding (20.3) above, which is now reformulated more clearly. If 
it is true that the nucleant molecules decrease a e locally, it means that these 
molecules tend to remain confined in the interfacial region, because their diffusion 
towards the amorphous bulk would require an additional energy to restore the 
local surface tension to the value a e q. Thus the calculation of the surface tension 
can be tentatively carried out assuming the nucleant molecules as being placed 
at fixed positions in the interfacial region (close to the folding plane). If the 
resulting a e is sufficiently lower than a e o, then the estimate is reliable. This in 
fact has been shown to be the case [4] for HDPE and PEO. 

The surface tension a e is calculated from the change in the appropriate ther¬ 
modynamic potential of a region undergoing the transition from the state of 
amorphous bulk to the state of amorphous interphase. 
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Layer 



Fig. 20.4. Representation of part of a basal transition region in the cubic lattice for 
a compressible system in the presence of the nucleant. The Vs label the lattice layers, 
which are perpendicular to the sheet. 


The chain configurational statistics is modelled by accommodating a virtually 
infinite linear sequence of freely joined segments in a cubic lattice (coordination 
z = 6 ); some sites are left empty to account for a finite compressibility (see 
Fig. 20.4). 

Before crystallization takes place the fraction of the lattice sites occupied 
by the segments has everywhere the value (p oo = Pamorph./Pcryst. < 1 , where p 
stands for the density, and bonds connecting segments are oriented randomly. 
This means that the conditional probabilities p\ that a segment be placed in a 
neighboring site in the l + v layer (v = 0 , ± 1 ), given that the preceding one is 
in layer l , are all equal to 1 / 6 . 

In the semicrystalline state, the situation is depicted in Fig. 20.4 (where 
the layer numbering is explicitly reported): the bond orientational distribution 
is now determined by the fact that i) p$ = 0 and p^p 1 = 1/2 (i.e. bonds are 
all aligned along the same direction within the bulk crystalline phase) and n) 
pairs of mutually bonded segments, both in l = 1 , cannot be directly bonded 
with others placed in either l = 1 or l = 2 layers. Moreover, the fractional site 
occupation, (pi, rises to unity in layers l = 0 and l = 1 (while remaining (p^ in 
the amorphous bulk), so the volume occupied by a given number of segments at 
the interface has changed against an elastic tension, r, related to the segment 
chemical potential in the amorphous bulk, p^, by the Gibbs-Duhem relation 
r = — PoofpoobQ 3 , where 6 q is the volume of a lattice cell [4] [11]. 

In order to account for the confinement of the nucleant at the interface, the 
calculation of the configurational entropy S = Sipp^p^) is performed by first 
placing its molecules in the l = 2 layer (the closest one to the folding plane), and 
only afterwards counting the number of ways the chain can be accommodated 
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in the sites left empty (with this approximation the nucleant confinement time 
is virtually infinite). 

The relevant energy is in general expressed as a sum of three contributions, 
i.e. E = Epo + E n + Ef, where E p o is a mixing energy proportional to a seg¬ 
ment/vacuum interaction parameter XpO ; E n is another mixing contribution pro¬ 
portional to ip and to the quantity — XpO, with a “solvation” parameter 
related to the energy change of an isolated nucleant molecule when it is carried 
from vacuum into the polymer; Ef oc p { {£ is the folding contribution, with £ the 
energy of one tight fold in units of kT. 

The work tAV associated to the volume change AV oc (bp/(poo) X^>i(^ 
(poo), must be finally accounted for. 

The calculation of the surface tension is done by minimizing the Gibbs po¬ 
tential (associated to the entropy S, energy E and volume change above) under 
constraints associated to chain connectivity, namely, that given a segment placed 
in a site whatsoever, both the preceding and the subsequent ones can only be 
accommodated as nearest neighbors. These constraints allow for the interfacial 
region at equilibrium to be described by just two functions of the layer index, 
which are solutions of an appropriate boundary value problem. A possible choice 
is represented by the two functions of l: <f>i and their interfacial profiles are 
shown in Fig. 20.5 for the case of PEO at various <p and (for the calculation 
it is assumed a e o = 2 x 10~ 2 J m~ 2 [4] [5]). The changes in the <pi profile indi¬ 
cate that the contribution to a e associated to the specific volume variation of 
interfacial segments, decreases as an effect of the nucleant. This mechanism is 
accompanied by a reduction of the average bond orientational entropy in layer 2. 
This can be seen from the inset of Fig. 20.5, where it is shown that the pres- 



Fig. 20.5. Fractional site occupation (j>\ (relative density) in semicrystalline PEO, for 
different values of y s and p in the 1 = 2 layer. The inset shows the corresponding p) 
profiles for y s = 0. 
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9 X s 


Fig. 20.6. Normalized interfacial free enthalpy a e as a function of c p for PE and PEO 
with a value Xs = —0.5 of the solvation parameter (a); dependence of the derivative 
r e on Xs for the same polymers (b). 


ence of the nucleant doesn’t affect the number of tight folds significantly (i.e. 
Pi), contrary to p®. This means that the number of segment sequences emerging 
from the fold plane (7 = 1) are forced not to bend in the l = 2 layer (the same 
topological constraint holds for sequences approaching the crystalline bulk from 
l = 3). 

The overall effect on a e is reported in Fig. 20.6a for the cases of PE and 
PEO, with a parameter Xs = —0.5 corresponding to a ~ 1.3 kJ/mol solvation 
energy. Figure 20.6b shows that the derivative T e is weakly dependent on Xs- 

Table 20.1 reports the lattice model estimates of a for HDPE and PEO (iPP 
is poorly described by this simple model). Since for these systems bo is ~ 4 A and 
~ 4.6 Arespectively [5], it is assumed, as an underestimate, that each molecule 
of indigo (or anthracene, which is similar in shape and dimensions) occupies two 
adjacent cells in the lattice (remind n is a number density). 


20.5 SAXS Analysis 

Up to this point the calorimetric results have been related to some assumed 
mechanism which at this stage has only good chances to really be the dominant 
one in the present conditions. One step further ahead consists in an alternative, 
direct experimental check of the predictions of the lattice model. If (20.5) and 
( 20 . 6 ) hold, then the lamellae grown isothermally in a nucleated sample should 
be thinner than those grown in the pure sample at the same undercooling [see 
(20.4)]. 

SAXS measurements carried out on pure and indigo-nucleated PEO indicate 
that this is in fact the case [12]. Here follows some further result on the same 
system (n as in the case of Fig. 20.2). The analysis has been carried out following 
[13] and [14] for the direct evaluation of the correlation function K(x) and its 
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second derivative K” (x) 1 Especially in nucleated samples, however, PEO is 
characterized by a non negligible forward scattering contribution arising from 
local density fluctuations, which must be duly subtracted before Fourier analysis 
[this circumstance may be possibly related to an enhanced primary nucleation 
rate; cf. item 2 in the list preceding (20.3)]. 



x (A) 

Fig. 20.7. Interface distance distribution function, K v (x), obtained from SAXS anal¬ 
ysis on pure and indigo nucleated PEO crystallized with an undercooling AT = 10 


Figure 20.7 reports the second derivatives of the correlation function of pure 
and nucleated PEO crystallized at the same undercooling (AT = 10 K). The 
worked out data are listed in Table 20.2, where the values of the ratio 


SI l 0 — l a 
lo lo AT 


(20.9) 


predicted also by a as derived from calorimetry (Fig. 20.2 and Table 20.1), are 
reported for a comparison. 

The lattice results in last column of Table 20.2 have been calculated assuming 
a e o = 2 x 10~ 2 J m~ 2 for consistency with [4], Table 20.1, and Figs. 20.5 and 
20.6 above. On the other hand, the l 0 values measured by SAXS indicate a e0 ps 
4 x 10~ 2 J m~ 2 as the correct value (see [7]). This inconsistency, however, is 
irrelevant: recalculation with the new value of a e o leads to a = —1.5 K, which is 
very close to oi at tice — —1.7 K in Table 20.1. So the change of T e [(20.6)] with 
a e o is almost balanced by the change in the stem volume via the fold length 
(20.3) and (20.4); this means that da e /dip is weakly dependent on a e0 . In fact, 
the number of tight folds (i.e. p®) is practically independent of ip in the range of 


i 


See also Sect. 4.2.2 in the contribution by Al-Hussein and Strobl on page 50. 
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Table 20.2. SAXS results for long period L, interlamellar d a , and lamellar thickness 
for pure (Zo) and nucleated (Z) PEO, all in A , at different undercoolings AT (with 
T m and n as in Table 20.1). The estimates of 61/1 o from SAXS, calorimetry (Cal.) and 
lattice calculations are also reported. 


AT 


pure 



nucl. 



61/lo 



L 

da 

lo 

L 

da 

Z 

SAXS 

Cal. 

Lattice 

7 

315 

95 

220 

245 

95 

150 

0.32 

0.26 

0.24 

10 

270 

90 

180 

230 

80 

150 

0.17 

0.18 

0.17 


interest (remind the inset of Fig. 20.5) and, as discussed in [12], da e /dip mainly 
consists of the following two contributions connected to steric hindrance. The 
first is associated to the reduction of the orientational entropy of chain bonds 
connecting segments neighboring an interfacial nucleant molecule. The second is 
a local decrease of the tAV contribution (see Fig. 20.5) and mainly depends on 

Pamorph. /Pcryst. • 

In conclusion, calorimetric analysis underestimates the ratio 61/l 0 obtained 
with SAXS by at most 30 %, which is however in the direction of mutual con¬ 
sistency [cf. item 2 after (20.6)]. 

20.6 Concluding Remarks 

The idea that the surface tension characterizing crystal-to-amorphous interfaces 
can in general be affected by “impurities” is well established, for example as to 
what concernes primary nucleation [13]. Upon considering the implications that 
this hypothesis carries in, the same concept has been shown to be applicable 
to secondary nucleation in order to describe some effects of a nucleating agent 
on both growth kinetics and lamellar morphology, resulting in the possibility 
to relate these two aspects of the crystallization process to one and the same 
mechanism. 

However, the physics involved in the nucleant-assisted crystallization of poly¬ 
mers is complex, and branches in a large number of seemingly different situations. 
So, the present contribution sheds only a little light on the rich phenomenology 
characterizing this area of research. Wishing for a more detailed description of 
these processes also follows from the coarse grained character of the above treat¬ 
ment consisting, besides the absence of microscopic modeling, on the number of 
oversimplifications which have been made. 

On the other hand, the above treatment gives some hints for further investi¬ 
gations, as for instance the extent to which geometric aspects (i.e. the steric hin¬ 
drance of the nucleant molecules, or the weak T e vs. x s dependence in Fig. 20.6b) 
dominate. From a theoretical point of view, a first step in this direction would be 
to reformulate a more elaborate model where the nucleant is let free to move in 
the lattice, thus releasing the above item 3 [preceding (20.3)] as an hypothesis. 
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As a last comment, the use of equilibrium thermodynamics concepts eludes the 
process of nucleant diffusion towards the interfacial regions which are about to 
form: a basic aspect deserving thorough investigations. 
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Why has crystallization of polymers interested so many researchers for so long 
time and why is nonetheless our understanding of the underlying fundamental 
processes still at a rather rudimentary level? This is the more surprising as 
the subject of interest can be defined in an extremely simple way: Polymer 
crystallization concerns the transition from a randomly coiled to a perfectly 
ordered state. Probably, the key difficulty of polymer crystallization arises from 
the fact that the building blocks of a polymer crystal, the monomers, cannot 
move independently due to their connectivity to many other monomers forming 
a polymer chain. 

The most crucial consequence of connectivity is that the formation of a per¬ 
fectly ordered state would need extremely long times, sometimes much more than 
the duration of any feasible experiment. Thus, at finite crystal growth velocities 
only imperfect crystals consisting of folded molecules are formed. Because better 
ordered states always represent a lower free energy these imperfect crystals can 
only be metastable. The sometimes quite significant lifetimes of such metastable 
states represents a major complication in the study of polymer crystals. More¬ 
over, such metastable states are not always well defined and their characteriza¬ 
tion is by far non trivial. Although it is possible to reproduce similar metastable 
states, it is clear that the thermodynamic pathway (sample history) is crucial. 
Typically, reaching a given crystallization or annealing temperature along two 
different pathways may result in two distinctly different crystalline states. In 
addition, the representative features of these states (and polymer crystals in 
general) may depend on the lengthscale of observation and the experimental 
techniques used. Summarizing these observations, one may conclude that there 
exists no single and well-defined state of a polymer crystal. 

Starting at the molecular level, observations in direct or reciprocal space show 
that a common feature of polymer crystals is a sheet-like lamellar structure, 
which is characterized by a typical (and rather uniform) thickness. Interestingly, 
with the exception of comparatively short non-entangled polymers, the lamellar 
thickness is typically much less than the length of the fully extended polymer 
chain. In contrast, lamellae are usually much wider (up to many thousand times) 
than thick. In such cases, thermodynamic properties like the melting tempera¬ 
ture depend on the small length scale (the lamellar thickness) while the lateral 
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extension of such lamellar crystals is not much of concern. However, if this size 
becomes comparable to the thickness of the lamella, it cannot be neglected. In 
general, the lateral extension of lamellae depends on growth rate controlled by 
the crystallization temperature. In addition, the lateral extension may also be 
different in the directions perpendicular and parallel to the growth front, yielding 
besides the lamellar thickness two additional lengthscales. The complexity and 
the superposition of lengthscales is particularly visible in spherulitic structures 
at larger sizes but also in the finger patterns obtained by crystallization of quasi 
two-dimensional thin films. 

On a macroscopic level, the morphology resulting from crystalline domains 
embedded in amorphous regions certainly affects (mechanical) properties like 
toughness or elasticity. In fact, a large amount of application-oriented work is 
devoted to the understanding of how the organization of polymers at the mi¬ 
croscopic level (crystalline micro-structure) controls and may help to improve 
mechanical properties of polymeric materials. From this point of view, it is thus 
necessary to relate processes at a molecular level, leading to various structures 
at multiple lengthscales, with the macroscopically observable mechanical and 
thermodynamic properties. Unfortunately, this is usually not possible in an un¬ 
ambiguous way. The main difficulty might be due to the fact that it is not suffi¬ 
cient to characterize polymeric semicrystalline materials by (static) parameters 
like lamellar thickness or nucleation density. In addition, besides other factors, 
thermal history and processing conditions in general play a significant role. 

In our opinion, one has to distinguish clearly between at least three major 
phenomena involved in the formation of polymer crystals, as detailed below. 
It should be noted that in many (typical) experiments these three phenomena 
are strongly intermingled. In such cases, it may be difficult to unambiguously 
attribute the resulting structure to the basic processes. 


A: How Does Polymer Crystallization Start? 

As in any first order phase transition, growth will only begin after a nucleus 
of sufficient size has been formed. Also here, the special difficulty of polymers 
arises from the connectivity of the individual segments. What would be the ideal 
way and what is the most efficient way to order these segments in stems and to 
nucleate a crystal? Do (spinodal) density fluctuations in the still molten state 
induce alignment of the stems or does local (partial) alignment of chain seg¬ 
ments in the undercooled melt lead to density fluctuations? While it is clear 
that certain substrates or “nucleating agents” may favor or enhance nucleation, 
a profound understanding of the fundamental processes is still missing. Several 
new and interesting experimental observations have stimulated research. Small 
angle X-ray scattering allowed to detect spinodal-like density fluctuations or 
transient mesophases well before the appearance of a signal in the wide angle 
range, which would indicate the onset of crystal growth. Alternatively, the early 
stages of crystallization have been viewed as a physical gelation process. In ad¬ 
dition, promising attempts to answer the relevant questions of polymer crystal 
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nucleation come from computer simulations and experiments on crystallization 
in restricted geometries like e.g. in the mesophases of block copolymers. Un¬ 
derstanding the nucleation process may eventually allow to predetermine where 
crystallization should start. This, in turn, will allow to direct the growth of poly¬ 
mer crystals and so may provide us with possibilities of tailoring (macroscopic) 
material properties. 


B: How Do Polymer Crystals Grow? 

A key process in growing any crystal concerns the transport of molecules to¬ 
wards the crystal front. If this process starts to control growth one may observe 
also for polymers dendritic patterns similar to snowflakes as in any other ma¬ 
terial. This analogy becomes clearly visible when growth in two dimensions is 
studied. There, patterns may be explained by rather simple models of diffusion 
controlled aggregation (instability of the growth front). While the underlying 
fundamental process (crystallization) creates order on a molecular scale, the in¬ 
stability of the growth front is responsible for some kind of disorder on larger 
scales. Spherulites (radially grown superstructures consisting of an arrangement 
of lamellar structures) may be considered as objects exhibiting disorder and or¬ 
der at the same time. In some sense, the structure is a single crystal as growth 
of the initial skeleton links all parts of the spherulite in a definite way. However 
this initial skeleton of the spherulite does not fill space (a large amount of ma¬ 
terial was not crystallized when the growth front passed). Thus, at a later stage 
additional lamellae may be formed (one may call this secondary crystallization) 
to fill the space in between the skeleton of the spherulite. Using a focused micro 
X-ray beam, one can detect that the crystallinity at the growth front is far less 
than at some distance behind this front. Secondary crystallization is strongest 
directly behind the growth front. Thus, one may conclude that on large enough 
scales spherulites cannot be compact objects but are rather open (e.g. fractal) 
structures. This conclusion is consistent with direct AFM measurements. 

Growth of polymeric crystals certainly depends on the conformational prop¬ 
erties of the polymer chains. Using special ways (freeze-drying, melting of chain 
extended crystals) to prepare non-equilibrated amorphous states of only partially 
“entangled” polymers allow to show that spherulites grow faster from partially 
“disentangled” states. Besides this effect, for long polymers molecular weight 
does not affect crystal growth significantly. This may indicate that the resulting 
crystalline structure (e.g. the lamellar thickness, but maybe also a the lateral 
extension of an initially formed mesostructure) is smaller than the size of the 
unperturbed polymer coil in the melt. 

It has to be noted that due to connectivity polymer crystals are anisotropic, at 
least at the level of a lamella. Thus, three dimensional growth is only possible by 
the superposition of lamellae (e.g originating from screw dislocations), twisting 
of lamellae, or stacking of (progressively tilted) lamellae. Consequently, on large 
scales (many microns, significantly larger than a single lamella), growth may 
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result in superstructures like banded spherulites, caused by periodically varying 
orientation of the radially growing crystal entities. 


C: What Happens to the Metastable Polymer Crystals AFTER They 
Have Been Grown? 

As already noted above, polymer crystals are typically non-equilibrium struc¬ 
tures. Thus, whenever possible, such crystals will relax leading to re-arrangements 
and also to morphological changes. Such changes may occur even at temperatures 
far below the melting point. In some cases, samples stored at room-temperature 
for extended times may exhibit different morphologies and melting behaviors 
even if the melting point is above 100°C. Naturally, relaxations are more pro¬ 
nounced when the melting point is approached. Consequently, it is almost im¬ 
possible to vary the temperature of a polymer crystal without also changing it. 
In particular, when one melts a polymer crystal one never melts the same crys¬ 
tal which was grown initially. In our opinion, this reflects the major difficulty in 
characterizing thermodynamic properties of polymer crystals. 


What Are the Major Issues for the Future? From what we said above, we 
conclude that one of the most important tasks for future research on polymer 
crystallization is to identify additional parameters besides lamellar thickness, 
growth rate, habit, or, on a more macroscopic level, crystallinity, which are 
necessary to characterize polymer crystals more completely. Morphology on all 
length scales and thermal history have to be taken into account more explicitly. 
The identification and a clear definition of the relevant parameters may also 
remove some ambiguity existing at present and arising from the use of parameters 
(e.g. the crystallinity of a sample) which for the most part hide the complexity 
of the process and the corresponding structure. Just as an example, the same 
crystallinity may be obtained for two completely different morphologies resulting 
from different thermal pathways. Similar statements may be true for the lamellar 
thickness. 

The metastability of polymer crystals has long been realized but the con¬ 
sequences resulting thereof are still only partially understood. The mobility of 
chains in the crystalline state certainly represents a major factor which needs 
to be understood in more detail. The special importance of crystal (lamellar) 
boundaries and the relevance of regions in between the “purely” crystalline and 
the “purely” amorphous parts have to be considered more explicitely. 

Some insight into the process of polymer crystallization may also come from 
model studies of how external influences and constraints can and do affect the 
formation of polymer crystals. Such external constraints may be caused by flow, 
temperature gradients, magnetic or electric fields. Confining crystallizable poly¬ 
mers in thin films or block copolymer mesostructures may help to reduce the 
number of possible metastable states and thus allow to study how and why these 
metastable states are selected and realized. 
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Certainly, additional efforts are needed to overcome experimental difficul¬ 
ties by improving techniques, by combining complementary techniques, or by 
choosing and designing the optimal samples. Here, polymer chemistry may be 
of significant use. One also may expect new insight into the fundamental pro¬ 
cesses coming from computer simulations. Eventually, theoretical approaches 
may emerge which can deal with the formation and the subsequent evolution of 
non-equilibrium states of complex molecules. Such approaches may go far beyond 
polymer systems and be relevant in the held of non-equilibrium phenomena in 
general. At the end, understanding the principles of how how synthetic polymers 
order may also provide some information on ordering processes in more complex 
biological systems found in Nature. 



